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The Thirty-Seventh Henry Marion Howe Memorial Lecture 


Commentary on Metallurgy 


Robert F. Mehl 


Ir was a very long time ago, even before written 
history, when that early dim fellow first made cop- 
per, inadvertently, at his fire on a hearth of a cop- 
per mineral. Almost the whole history of civiliza- 
tion lies between that day and today. The story of 
man and metals is long and infinitely diverse, it is 
part of the history of household arts, agriculture, 
hunting, warfare, the decorative arts, printing, 
commerce, and it is a most important part of the 
history of the long-continuing industrial revolution. 
Throughout the long years it has always been clear 
that he who made metals was of the greatest im- 
portance to society. 

Metallurgists are the inheritors of an ancient art, 
an art still developing; and in the last century the 
metallurgical scientists have added a new science. 
It has been a story to marvel at, telling of the 
Sumerians who knew metals, of the Vikings who 
made swords out of the meteorites, of the early 
Germans who, seeing most clearly the importance 
of iron, proclaimed that he who has iron is king, 
of Hadfield and alloy steels, of stainless steel, of 
the refractory metals,—and of the thermodynamics 
and kinetics of phase change, of the splendid theo- 
retical and experimental work on lattice defects, 
to pick very much at random only a very few of the 
landmarks in the history of the development of 
metallurgy. 

And as in all stories there have been heroes, men 
who have led and inspired, who through metallurgy 
have added so much to industrial civilization and 
who have contributed so much to that edifice of 
knowledge which we call science. One of these was 
he whom we honor today, Professor Henry Marion 
Howe. 

At the risk of sounding like a commencement 
speaker, and of adding still another thought-cliché 
to our current over-supply, I shall start by saying 
that the year 1960 is an extraordinary one and that 
the scientist-engineer has on his hands today a world 
changing more rapidly than ever before; perhaps 
never before have the professions in science and 
engineering more seriously needed examination and 
reevaluation. It is obvious that the metallurgical 
scene is one of extraordinary scientific and tech- 
nological richness, but as in all else of some con- 
fusion and uncertainty too. The title of this lecture 
should suggest to you that I am about to speak on the 
present status of metallurgy, to consider how this 
profession of ours is faring and how it might fare in 
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the future. I shall be cautious in prophesying, for as 
St. Paul said in a more somber connection, we can 
know only in part and prophesy in part; but to fore- 
warn you, I may not be wholly cautious in other re- 
spects! 

There are a lot of thoughtful people today writing 
about the whole of the human scene, and what they 
say is read by a great number of thoughtful readers. 
Whatever the immediate subject, one thing is agreed 
upon, that in the last generation and especially in the 
brief era since the war the complexion of society has 
changed radically, with (to quote a recent author) 
‘new frontiers of opportunity, of risk and of chal- 
lenge.’’ It is clear that science and technology have 
played and will increasingly play the dominant roles 
in creating the neo-modern world. The rate of 
change is so great that even the outlines of the new 
world are only dimly visible. 

Science and technology are of course by no means 
separate from the whole of the social scheme. Dr. 
Guy Suits says: ‘‘The causal relationship between 
science and human welfare is a thundering fact of 
contemporary civilization.’’ Adlai Stevenson says: 
‘As the world changes, nations must adjust them- 
selves to new conditions; otherwise, they will disap- 
pear, like the dinosaur. And the means by which this 
adjustment is made are ideas—which means espe- 
cially new ideas. The first requisite for national 
survival in a changing world is thus a steady flow of 
new thoughts, new conceptions, and, if you like, new 
dreams....’’ President Kirk of Columbia University 
Says: ‘‘Because we are in the midst of much con- 
fusion and controversy, we ought to note carefully 
where we Stand at the moment, and we ought to give 
our best thought to the direction we must take.’’ 

Many others could be quoted; the general theme is 
that we need new schemes, new thoughts, new 
dreams. Old ideas, however successful in the past, 
even the recent past, what Galbraith calls ‘‘conven- 
tional wisdom,’’ will not do without careful recon- 
sideration. Much danger lies in a stubborn and un- 
relenting pride in an idea or an opinion once highly 
treasured, in an established policy once, even re- 
cently highly successful. 

The eruption in research in the physical sciences 
and in the allied branches of engineering is playing 
an important part in creating the neo-modern world. 
Research laboratories are multiplying at a truly 
remarkable rate; corporation officials, heretofore 
reluctant, now take to the cloth of research with 
devotion; large groups of important research scien- 
tists hold meetings, such as that held last year at 
The Rockefeller Institute, in attempts to foresee 
what should be done about basic research, and 
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President Eisenhower thought this subject important 
enough to warrant his time to address the formal 
dinner meeting. Now many people see— Francis 
Bacon would think, a little belatedly—that there may 
be no limits whatsoever to what the mind can ac- 
complish. It seems possible that one day a large 
fraction of the world’s people will find their work 

in research laboratories, that plant operators and 
even workmen,—not so long ago fully content to 
operate established practices with no thought to 
change, will in large measure become development 
engineers, that laboratories may become nearly as 
familiar in the landscape as bowling alleys or super- 
markets. All this and much more, unless, of course, 
Armageddon comes. So it appears. 

But what have all these high-flown words and the 
lofty aspirations they infer got to do with metallurgy 
and with us as metallurgists ? It is obvious of course: 
our profession and ourselves are part of this explo- 
sion, and we bear our own responsibility for what 
has happened and what will happen. 

Despite our relationships to all other branches of 
science and engineering, it is true that the business 
of being a metallurgist is special in many ways. 
Within our family group we have executives, business- 
men, salesmen, operators, plant metallurgists, en- 
gineers and scientists. A lot of different kinds of 
faces. Is this a natural, definable association, or just 
a random assemblage of noisy voices, as it so often 
seems, especially at conventions. Would some dif- 
ferent organization Serve society better, should parts 
splinter off and become increasingly strange and un- 
known to each other? And as to things as they are 
now: is our education the best it can be; are we as a 
nation as strong in the several branches of our sub- 
ject as we should be; what are our strengths and our 
weaknesses ,—what can we do about it; is our subject 
getting out of hand by wild growth, risking the dino- 
saur’s fate; do our professional societies meet their 
current responsibilities in meetings and in publica- 
tions? and there are other questions. 

The Metallurgical Society needs indeed to con- 
sider such questions—‘‘for (to quote from Corinthians) 
if the trumpet give an uncertain sound, who shall 
prepare himself to the battle.’’ Surely my remarks 
will be but preliminary, for these are such large 
questions and such very important ones, and one 
man’s opinion is not a great force, though it would 
be pleasing if some introductory purpose would be 
served. 

My comments will be restricted primarily to 
science and engineering in the metallurgical field— 
I shall certainly avoid the field of business in all its 
aspects. Within-this scope there is so much to Say. 
Perhaps the first is this, that at the moment our 
field embraces both science and engineering, and in 
the technological field we are unique in this; chemi- 
cal engineering rests firmly on chemistry, electri- 
cal engineering on physics, and so on, without ex- 
ception. But metallurgy is bipartite,—at least bi- 
partite. It is double-branched, with engineering on 
one hand and science on the other in a single fold. 

I hope that it will remain so, at least for a while, 
though as in all else this may in time become 
properly debatable. 
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Some say that the science of metallurgy is nothing 
but a selected grouping of parts of other disciplines, 
that metallurgical engineering but a selection of 
subject matter from other branches of engineering. 
I would be blunt on this, as I think most of you 
would be: it just isn’t so! Metallurgy draws heavily 
upon other disciplines, and in this sense it is 
heavily interdisciplinary; but it has its own science; 
and it has its own rationale interrelating engineering 
and science. Throughout history every discipline has 
drawn from every other when at all possible—con- 
sider, as a single example, the impact of physics 
upon chemistry a generation or so ago. Nothing in 
this latter case has led chemistry to be given up as 
a discipline; there are real forces that maintain the 
identity of the separate disciplines in Science and in 
engineering as we now know them. Surely our pro- 
fession has many powerful centripetal forces, not the 
least of which are those of the interests of the metal 
producing and the metal consuming industries, more 
than counterbalancing the centrifugal, splintering, 
fragmenting forces. 


PHYSICAL METALLURGY 


Physical metallurgy, extractive metallurgy, en- 
gineering metallurgy, these are our main items of 
concern. They obtain in various states of individu- 
ality, of progress, of health. I propose now briefly 
to examine each of these several parts of our pro- 
fession, and ultimately to inspect our metallurgical 
societies and their activities, relying on what I see 
and think, and relying on opinions I have heard ex- 
pressed from time to time by others. 

Certainly the science of physical metallurgy is in 
a state of bursting health. It draws from all other 
disciplines, and it always has, and this is by no 
means a new phenomenon: in the last century 
Matthiessen’s and Kurnakov’s writings on the elec- 
trical properties of metals and alloys were im- 
mediately adopted by the metallurgist; at the turn 
of the century Roozeboom’s application of the 
Gibb’s phase rule to the phase diagram immedi- 
ately became a major chapter in the subject; one 
could go on. Some-years ago Professor Sauveur 
remarked that to have joint meetings with physicists 
on the physics of metals or of solids—solid state 
physics is now the Madison Avenue word—at the 
time thought revolutionary, was indeed old, for 


- such meetings had been held on several occasions 


well back in the last century. And today to invoke 
Boltzman’s aid in the study of relaxation phenomena, 
or Gibbs’ on surface energies, is but a continuation 
of the same historical process, a process char- 
acterizing many another field, and which should 
characterize all other fields, for all of us depend 

on one another, in one way or another, each adds 

to his own from other fields above or below, or, 

if you prefer, from right or left. 

The physical metallurgist now produces research— 
often of undoubted quality—in great volume, as the 
Transactions of this Institute show. The science of 
nucleation and growth phenomena in all types of 
phase change, starting with Tammann, and revived 
some twenty or so years ago, is indeed a pretty 
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respectable subject; only a few aspects are still re- 
maining to be attacked, primarily that of Gibbs ab- 
sorption and of related structure and energy at all 
types of lattice defects in solids, especially at grain 
boundaries where nucleation is often predominant 
and often rate-controlling. 

One could go on and mention a host of sections of 
this field, analyzing the present status of each: there 
is work for an army, interesting, even exciting work, 
with new knowledge the goal and with practical appli- 
cation always beckoning. The quantitative—that great 
criterion of maturity, both theoretically and experi- 
mentally, is beginning to appear and will increasingly 
pervade the subject. The physical metallurgist has 
even further broadened his view in the last score of 
years, now bringing into use help from any allied 
field of science, wherever he might be able to find it. 
The demand the subject now lays upon sound scholar- 
ship is rapidly increasing in severity. Both industry 
and the university are contributing to the science of 
physical metallurgy. Few problems are really easy 
after the first qualitative or semiquantitative step, 
for, as contrasted to other sciences, say certain 
sections of physics, variables abound, in such pro- 
fusion that one could almost define the field as one 
of multiple and of multiplying variables, variables 
often difficult to identify. 

A single example may suffice to illustrate the 
latter point: in primary recrystallization, the rate of 
nucleation and the rate of growth are so greatly de- 
pendent upon so many variables, of which impurities, 
even trace impurities, are one, that the laws govern- 
ing these processes are still pretty suppositional; 
and much the same is true of ordinary grain growth 
and of secondary recrystallization (an abominable 
term by the way), and to these cases could be added 
others from almost any branch of the science of 
metals. There is, it must be admitted, much spotty 
work done in this and in many another portion of the 
whole field of physical metallurgy, little studies on 
small aspects of large subjects, when in fact much 
data gathering often must be undertaken with ex- 
periments performed under the best possible control 
before any hope of scientific formulation should be 
entertained. 

The question is not the lack of problems, either 
scientific or practical: it is manpower, inclination, 
support, in that order. In the question of manpower 
for this—and for all other branches of metallurgy, 
we hardly know where to turn. Attempts to increase 
college enrollment in the metallurgical field seri- 
ously pursued for nearly a score of years, have been 
almost entirely sterile. As metallurgists this is a 
most serious enigma, to which we must again, as a 
national society, turn our attention in a most official 
way. In the momentary lack of a resolution of this 
dilemma, one might hope that other scientists in 
other fields, pursuing old fashion in over-conven- 
tional fields of research, or laboring as little frogs 
in an over-big pond, might learn enough metallurgy 
to help out, and in time perhaps to become metal- 
lurgists; this has worked to a degree in the past, but 
it is an unpretty solution at the best; we must in one 
way or another see to it that the number of well- 
trained metallurgists, especially at the Ph. D. level, 
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be markedly increased. | 

Fortunately, pure or basic research in physical 
metallurgy in universities and in a few industries 
has been supported well by governmental agencies. 
To be sure, government policy in research support 
is not wholly ideal, as I shall note later. There are 
other matters to be concerned about: among metal- 
lurgists themselves fashion plays too large a role; 
publication policy, I think, needs revision in our 
field as in all other fields; and the meetings of 
metallurgical societies are nearly chaotic—but 
these also I shall worry about a little later. Physical 
metallurgy is a wonderful and an extraordinarily 
healthy field, about which I would like to talk for 
hours--and I often have! 


EXTRACTIVE METALLURGY 


Extractive metallurgy, limiting myself momen- 
tarily to the research and development part of the 
general field, is another matter. Extractive metal- 
lurgists constitute but a small fraction of our pro- 
fessional group; university faculties are chiefly 
composed of physical metallurgists; there are only 
a very few schools where substantial research is 
done in extractive metallurgy, though most have 
undergraduate courses in this subject; and even in 
industry the number working in this field is rela- 
tively small, so small that in some industries op- 
portunities for research and development are neg- 
lected. I certainly do not criticize the extractive 
metallurgists—I bemoan with them their under- 
nourishment! 

Except for a relatively minor effort, the bulk of 
attention has been given to the physical chemistry 
of steelmaking, and in the past score of years this 
has been concentrated on thermodynamics, and on 
applicable solution theory, with really very great 
progress having been made. On the kinetic side, 
in both the ferrous and the nonferrous fields, in- 
cluding hydrometallurgy as well as high-tempera- 
ture metallurgy, the record could be better. Even 
granting the great difficulties in research on 
kinetics, the effort has been small. Having essenti- 
ally won the thermodynamic battle in high-tempera- 
ture reactions, those in the field should turn, with 
the same adventurousness that characterizes the 
physical metallurgist in this generation, to such 
fields as the kinetics of reaction in multiphase 
systems, the structure of liquid metals and of slags, 
ion exchange reactions, gas phase reactions, solvent 
extraction methods, vacuum methods, and to many 
other fields of research. 

And admitting most readily that steelmaking is 
the field of greatest importance, it seems a pity that 
so little attention is given to the nonferrous field, 
surely the industrial field is large. The newer 
metals have for the most part come from the ef- 
forts of the chemical industry not the metallurgical 
industry. Indeed one wonders whether the field of 
extractive metallurgy might pass out of the hands of 
the metallurgist and be taken over by the chemist 
and especially by the chemical engineer, for ex- 
ample, the field of chloride chemistry. This is a 
real challenge to the metallurgical profession. 
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To be quite fair in this matter, it must be noted 
again that there is but a handful of such men in uni- 
versities and only another handful in industry, not 
much encouraged in some industrial companies, and 
because of the ‘‘hardware’’ philosophy, very little 
encouraged by the government. It is hard to under- 
stand the logic that is said to demand that govern- 
mental research funds should be expended on the 
physical metallurgy of alloys because of the im- 
mediate defense needs of the country for ‘‘hard- 
ware,’’ but that little or no money should be spent 
on the study of the extractive processes that make 
these metals available in the first place. A marked 
increase in research productivity in this field 
would, I should think, attract more students into 
the field; at the moment, there are discouragingly 
few. And if the universities were to exert the 
leadership that they should, the emphasis would 
change, away from thermodynamics and solution 
theory alone to other sections of physical chemistry, 
and to inorganic chemistry and to pertinent parts of 
the field of process design now in the hands of the 
chemical engineer; in teaching perhaps some re- 
alignment of courses will be necessary. And, to 
repeat, Somehow design, especially process de- 
sign, must be introduced and fostered among metal- 
lurgists, else surely the chemical engineers will 
engulf us. I do not think we should be supine in this 
matter, for there is a need for the properly trained 
process metallurgist, certainly industry needs such 
people; and, if available, he should be more capable 
than the chemical engineer, for he would have a 
broader and a deeper knowledge of the nature of 
metals than any of his chemical engineering com- 
peers and he surely would know far more about high 
temperature and all that that involves. This field 
needs to be greatly broadened; it is important 
practically, and it is as deeply interesting scientifi- 
cally as any other. More new talent must be brought 
in,—and, it seems to me, those already in it must 
be encouraged and supported far more than they are 
now. 


ENGINEERING METALLURGY 


Some think that a major sense of schizophrenia 
sometimes plagues the metallurgist—he is at once 
a scientist and an engineer, in the university mostly 
a scientist, in the industry more often an engineer, 
as things stand now. It is, however, largely an 
imagined disease. I do not believe that the predica- 
ment is serious, for while one cannot be all things 
to all men, as people follow their natural bent it 
need not create any deep desperation in the soul of 
the metallurgist. Of course the professional metal- 


lurgist in the engineering field has his own particular 


problems. As I said just a moment ago, his 
threatening competitor in extractive metallurgy 
(in both research and in engineering practice) is 
the chemical engineer; in mill operation he also 
has the mechanical engineer at his heels, espe- 
cially in forming operations and in furnace design 
and practice. A healthy profession will resist such 
encroachments. 

Yet look at the record the metallurgical engineer 
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has made. He has, in consort with other types of 
engineers, developed strip rolling and annealing, 
vastly increased blast furnace productivity, has 
stepped up open-hearth production, has brought 
much higher efficiencies and economics to stainless 
steel production, has developed a series of nonaging 
steels, among many other accomplishments. And in 
all these cases his contribution has been primary, 
with other engineers acting in a less original role. 
And in recent years, in a somewhat secondary role, 
he has been busy bringing automation to a heavy- 
task industry. A good record. No one should expect 
him to design and construct steel mills on his own— 
this, Iam sure, must be deemed to lie outside of any 
reasonable boundaries for the metallurgical field— 
here he must be a consultant on the choice of pro- 
cesses, and on their operation. But looking a little 
more closely we find weaknesses: even in conven- 
tional practices and procedures, too many engineers 
are employed in tasks for which they lack proper 
training. And though this has improved somewhat in 
very recent years, there is still a long way to go, 
certainly for the future that is beginning to appear. 
On the physical metallurgy side of engineering 
metallurgy, the design of forming methods has been 
left largely in the hands of the mechanical engineer, 
too much so, in my view, perhaps because of the 
Swing of interest among physical metallurgists to 
micromechanical metallurgy (the behavior of dis- 
locations, vacancies, microstrains), away from 
macromechanical metallurgy (elasticity, plasticity, 
notch effects, fracture, strains, on a macroscale); 
this field seems to me to be curiously moribund. 
The design of alloy compositions, however, is 
surely a form of engineering, a sort of internal 
design; there are so very many excellent examples 
of this, for this has always been one of the major 
tasks of a metallurgist—the creation of the National 
Emergency Steels is a single fine example. 


There is, I think a special point to be made about 
engineering metallurgy. Basic research in this last 
century has indeed led to the development of wholly 
new industries, but this success has blinded many, 
especially the young graduate, fresh from university 
studies, to the most substantial advancements that 
have been, are being, and will continue to be made 
in the practical field, by the application of sheer 
ingenuity and inventiveness, that which some call the 
Edisonian method, advancements that require but 
little really new basic science. 

There have been important engineering accom- 
plishments in the metallurgical field that have come 
about through Edisonian research: the continuous 
strip mill, the use of glass as a lubricant in extru- 
sion, continuous casting, the complex high-tempera- 
ture alloys. The last of these examples illustrates 
the point in the metallurgy of alloys; a knowledge of 
melting points, of a few of the elementary Hume- 
Rothery rules, a knowledge of the kinds of solid- 
solid reactions that might occur,—this is nearly the 
extent of applicable basic knowledge, and all of it 
is qualitative,—how else could it be with alloys of 
5-6-7 components? Who could predict the activity 
coefficients of solid solutions in such a system (or 
in a binary system, for that matter) even if all the 
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phase equilibria were known; who could employ 
science to predict the occurrence of coherency in 
aging reactions ? Perhaps in some distant day, but 
not yet! 

I think that there is an important point here: 
while it is true that the frontier where confident, 
scientific calculation and prediction take over from 
Edisonian methods constantly advances, it is also 
true that expanding technological fields, introducing 
new complexities, bring into being new areas for 
Edisonian accomplishment. Man rests here upon his 
native qualities, and not wholly on his training, for 
logic in invention is contradictory; and the profes- 
sor’s chief contribution to his student must be 
preachment and example, with good training in 
science and engineering operating chiefly as a con- 
trol on behavior, to exclude attempts at the non- 
sensical. The metallurgist does not suffer this 
limitation alone; other scientists plagued by too 
many variables and insufficient knowledge must do 
the same; think of the poor chemist trying to com- 
pound adhesives directly from his knowledge of 
basic science! 


There appears to be a serious professional handi- 
cap in the engineering field of a special sort that 
should be noted. I have had said to me that the field, 
especially on the extractive metallurgy side, is 
Slowly committing suicide from failure to produce 
enough papers to keep the present membership in- 
terested—can this be so? This problem has dogged 
us for so long; publication is prohibited on ac- 
complishments in research and development in the 
laboratory and in the plant, long after, through the 
grapevine, secrecy has been lost anyhow. As far 
as a profession or a professional society is con- 
cerned, this is starvation policy. New blood will not 
be attracted in this way! 

In large-scale engineering research and develop- 
ment, especially in the extraction of metals and in 
the forming of metals, we have in recent years in 
truth too little to boast about in this country. More 
comes from abroad than one likes to contemplate. 
Really large scale mill research and development 
have been in general undernourished; the Russians, 
and the French and the Germans and the Austrians 
and others have done great things that we should 
have done. Intercompany research efforts are oc- 
casionally assigned to private research institutes, 
but these efforts, judging on past history, are rarely 
long-lived, nor well-supported; such institutes are 
rarely, if ever, adequately equipped for full-scale 
plant research. The type of research associations 
which the British have are sometimes suggested, 
and the system has much merit, certainly for 
Britain; Ido not think we need as many cooperative 
research associations as the British have, though 
the matter may be worth debating, but some we do 
need, both in large tonnage industry and in small 
tonnage industry. Why, to take a single example, 
should there not be a research association in the 
tool and die steel industry, composed of small 
companies, each too small to do much now? One 
can Climb the scale in the magnitude of possible 
research and development effort, at least in im- 
agination: a purely experimental, integrated steel 
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mill, a dream of the ambitious development engi- 
neer, we do not have, though a few companies are 
making a beginning. It is easy to list other examples 
of industry-wide problems, of much practical im- 
portance that should be attacked on a broad basis. 
Should there not be cooperative research to bear the 
costs of such large efforts, large for one company, 
but not for all of them combined ? 


INDUSTRIAL RESEARCH AND DEVELOPMENT 


Perhaps we should now look at our profession 
from a few different points of view. At the moment 
I want to consider the position of basic and applied 
research in industry, primarily because policy has 
changed a good deal in recent years, affecting the 
national scene to a thoroughly remarkable degree. 
As I proceed with this subject I should like you to 
remember that I shall more often than not be speak- 
ing of industry at large, of all industry, not of the 
metallurgical industry specifically, though occasion- 
ally I shall make special reference to metallurgical 
research. 

A few large industries have been creating large 
groups in basic research; in a surprising number of 
such cases, new Ph.D’s are attracted with the 
promise that they may themselves freely choose 
their research problems, without reference to 
company needs, and with all possible help by way 
of assistants, equipment, supplies—and salaries. 
Every university feels the competition of this in 
their efforts to recruit new faculty. 

Let us look at this new phenomenon. Tradition- 
ally, basic research in industry is undertaken when 
it is clear in the judgment of the director of re- 
search that there is a chance of real relevance to the 
needs of the company. There are large organizations 
that practice this policy at this moment, and of 
course it is an unquestionably sound policy. This is 
certainly not to say that under the doctrine of rele- 
vance great advances in pure science do not result: 
there are many very important examples—a few may 
suffice to illustrate the point,—the development of 
the gas-filled electric light bulb, the isothermal 
transformation diagram, nylon, all led to advances 
of the most important kind in basic science. Such 
examples, I say, are characterized by the important 
doctrine of relevance. Until recently only very few 
workers in industry had freedom even of this re- 
stricted sort; the great majority of the workers in 
the industrial research laboratories were pursuing 
less far-reaching goals. 

There are really no very strict rules as to the 
function of basic research in industry, applicable 
alike to all industries. Some industries, of which 
the electrical industry is one, which minister to a 
large number of the recognized categories of busi- 
ness and industrial activities, find it of use to em- 
ploy basic scientists so that—to use Dr. Guy Suit’s 
term—a given company might be coupled to whatever 
basic science and engineering throughout the world 
might have to offer that company. Doing basic re- 
search themselves, such scientists are not only 
knowledgeable and therefore useful, but also accept- 
able to their peers anywhere. This is a newly de- . 
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veloped principle in industrial research. Scientists, 
including metallurgists in such industries operate 
for the sake of both relevancy and coupling; apart 
from the hoped-for advantages in relevancy and 
coupling, such basic research provides good pub- 
licity, both internal and external, and all this seems 
good, even admitting that as one departs from relev- 
ancy into coupling, uneasiness and a sense of the 
vague increase and become troubling. 

Basic research in industry is sometimes under- 
taken on nonrelevant, noncoupled subjects, for the 
purposes of prestige alone. This seems to me to 
be a little worrisome—prestige for the company 
and the individual worker can just as well result 
from the practice of the principle of relevancy. The 
decision as to whether a proposed research effort 
is satisfactorily relevant is by no means easy, nor 
is it easy to decide on how much money should be 
spent for the purposes of coupling, and one-can rely 
only on the judgment of the director of research, 
who is paid well for his astrological, diviniatory 
abilities. In regard to this there is as yet no 
recognized, fixed rationale, in this rapidly chang- 
ing world. 

But research is done by the research worker, and 
what of him and his prospects, in particular what of 
him who wishes to make basic research his career? 
He all too frequently comes to believe that the future 
of his family demands that he choose a surer road to 
prestige and to fortune than the path now shakily 
provided in basic research; and all too frequently at 
the earliest possible moment he accepts administra- 
tive assignments, tossing the new issue of Physical 
Review, or Acta Metallurgica happily aside, depend- 
ing now on the fresh Ph.D. for the latest thing in 
science,—the new employee who, as the way of ad- 
vancement becomes clear to him in turn, follows his 
boss’s example with all expedition. The recent study 
by the Opinion Research Corp. in Princeton shows 
how restless the young research worker in industry 
is. As yet only a few companies have devised a fully 
acceptable scheme tofurnish advancement in the 
form of prestige, of money, of influence, for those 
who elect to stay in basic research. King Serendip’s 
sons did not work for an industrial company! With 
the growth of basic research in industry, here is a 
problem to which top management could well turn its 
attention. 

The resulting loss of good research men to ad- 
ministrative work, to sales, to plant operation, and 
the diverting of such men to unchallenging technical 
jobs of all sorts, may become serious. Despite the 
immense success of management in American indus- 
try, one has the feeling that research organizations 
are sometimes over-managed. First-class research 
brains should be kept in research; in not doing so we 
unhappily lose badly needed research talent. It is 
sometimes said that the scientists’s productivity is 
at a maximum in the early thirties and that shortly 
thereafter he should leave basic research and do 
other work, administrative work if he is ambitious 
and if he has any administrative talent. But recent 
psychological studies suggest that the productivity of 
the human mind in all its forms, including originality, 
remains inherently unimpaired up to the seventies 
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and even the eighties; it is circumstance, in all its 
awkward forms, that rob the elderly of their chance 
(I am much inclined to agree!). And all this con- 
stitutes loss of research talent, certainly to be 
regarded as seriously as the impending loss to 
come from decreasing college registration in en- 
gineering and science. The moral? To devise ways 
to keep the truly productive scholar in basic re- 
search, somewhere, somehow, for the whole of 

his life. 

I think it may fairly be said that most metal pro- 
ducing industries have been lax in the employment 
of research, both basic and applied, in the last 
generation. Some metallurgical industries have 
not yet learned fully to use research, either basic 
or applied; they have lagged behind other indus- 
tries, notably the electrical, electronic and chemi- 
cal industries; a few only in rather recent years 
have made a really good start; the effort is surely 
worthwhile. Not many years ago one large metal- 
lurgical company had a ‘‘principle’’ that no research 
should be done unless it gave promise of pay-off in 
one year. While it is true that obsolescence in the 
metallurgical field both as to processes and to 
products is not nearly so rapid, and no doubt cannot 
be, as in others, for example, the chemical industry, 
and that for this reason the @ priori case for re- 
search may not seem so strong as in other indus- 
tries, yet the advances that have been made as a 
result of research and development have been ex- 
ceedingly profitable and have remained profitable 
for very long time-periods. I see no obstacle to the 
full employment of research in the metallurgical 
industries in principle, even though the game played 
in this league may need a somewhat different 
strategy, a strategy only beginning to be developed. 

Most of the foregoing of course applies to research 
in large industrial organizations. It is common 
knowledge that much of the research done on metals 
comes from smaller research organizations, and 
from organizations in which research is done only 
upon occasion. It thus comes in small packages 
which in their immense total constitute so much of 
day-to-day practical metallurgy. And of course 
some fine things have come from this source. No 
one should ever underestimate the power of the in- 
dividual original thinker. No policies control him, 
none could be written for him, he is an extra bless- 
ing conferred on the race. 


THE UNIVERSITY 


Now for the college and the university—I can’t help 
but talk about this subject a bit! The university has 
always played a part of essential importance in the 
development of science and of engineering. With its 
special privileges and opportunities, it carries two 
essential responsibilities, teaching and scholarly 
activity. I shall not speak of teaching today— many 
people, including myself, have. No one could accuse 
the departments of metallurgy in American univer- 
sities of having been seriously remiss in their re- 
sponsibilities in teaching. But on scholarly activity— 
research, the writing of books and of articles, lec- 
turing, etc., it is not so easy to be so complimentary. 
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It was not long ago—I remember the day well— 
when the professor of metallurgy was open to great 
criticism if his research was scientific in nature. 
That day, happily, is long past. But other impedi- 
ments remain. Chief of these is the disinterest of the 
high school student in metallurgy, and the resultant 
low college registration in the field, giving the 
professor too few students to work with, and pro- 
viding him with second class status on the campus— 
I have referred to this earlier. Here be it further 
noted that the number of departments of metallurgy 
is small and the support available is small. 

In only a few institutions are conditions favorable 
for any substantial contribution to scholarship and 
research, and as a result, the amount of research 
accomplished is small and general scholarly pro- 
ductivity is meager. What with the current financial 
plight of all universities, there are essentially no 
university funds for research—all must come from 
outside. The life of a professor is a fine one,—and 
very far from easy! Teaching and administrative 
loads are often fantastically high, leaving very little 
time for research, and for study too; sabbatical 
leave, a Sine qua non in preserving scholarship, is a 
great rarity. The record of the metallurgy professor 
in the writing of books, so very much needed in our 
profession, is abominable (mine is!)! As an editor, 

I can assure you that it is most difficult to find will- 
ing authors, despite the immense influence which 
good books exert upon a profession. In one country 
at least professors are relieved of all other duties 
for a period of years and assigned to book writing. 
(The word ‘‘assigned’’ gives away the name of that 
country!) Perhaps government funds should be al- 
located to this type of effort, for in a different way 
it is an important as research itself. 

There can be no question of the propriety of basic 
research in the university. In his research work the 
professor should, at least in part, live in the distant 
future, knowing that he should undertake research for 
the sole purpose of the advancement of knowledge, 
and taking special comfort in the fact that history 
has eloquently demonstrated that such work in time, 
say 10 to 30 years, often leads to great industrial 
advance. Industry has brought pressures to bear 
upon him to look more closely at the practical, and 
sponsoring governmental agencies frequently direct 
and monitor research contracts to too great a de- 
gree. And may I say, some university administra- 
tors, anxious for the fast dollar, for the quick publi- 
cation, lead the professor down the primrose path 
of improper work and abortive disclosure. Nor is 
the professor angelically pure, for he also, far too 
often, looks for the quick result, and too often 
crowds himself with too many research contracts 
in all of which he is nominally the leader but which 
in fact have no leader. And in overweening ambition 
he succumbs to the enticement of contracts of 
questionable merit, supine to his administration 
and to the sponsoring agency alike, when in fact he 
should oppose them, should teach them what should 
and should not be done, for beyond doubt he knows 
best. 

The contract system, employed by all govern- 
mental sponsoring agencies, has in fact worked well. 
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It could, I think, in some ways be improved: it is in 
some cases a little overcumbersome, its longevity 
provisions are usually inadequate. The policy of 
the Sloane Foundation has so much to commend it: 
scientists are sought out, and given support in full 
trust, without the punishments of the contract sys- 
tem. I know I am exaggerating a bit, but the matter 
is a little urgent. The role that governmental agen- 
cies have played in university research, starting 
with the splendid standards of the Office of Naval 
Research shortly after World War II has been es- 
sential in the great development of metallurgical 
research in the last fifteen years. And the current 
efforts of the Department of Defense to supply 
special funds for research equipment, now so 
dreadfully lacking, and at the moment to supply 
funds for a series of university material research 
centers, may well open a new and a Spirited era. 
None of this will suffice, however, unless university. 
administrations will somehow find the means to im- 
prove the living standards of the faculty. The stand- 
ard of living which a teaching post affords has been 
the subject of complaint for a long time, at least 
since the days of the Roman Quintilian— maybe some 
quirk in human nature will forever deny the profes- 
sor his due, but I hope not, for in the neo-modern 
world he is the key figure. I could wander in this 
last by-path for hours, but perhaps this is enough. 


FASHION 


But I cannot resist wandering along at least one 
more by-path: in the university,—and in industry, 
too, fashion plays too important a role in research. 
And I fear it has always been so in science and en- 
gineering. Governmental agencies report that too 
many research proposals relate only to the new view 
of things, to dislocations, to surface energies,—all 
those matters constituting the new mode, and that so 
few proposals are presented in what might be called 
the classical fields, of the mechanism of the decom- 
position of solid solution, of the measurement of 
rates of nucleation and growth, and many another. 
This is fashion. It is deemed good to mention dislo- 
cations even if one has nothing useful to say on this 
most important subject, a sort of scientific name- 
dropping. Some years ago, it was austenite grain 
size, then hardenability, and so on—all dogs chase 
the same wolf! When I was a graduate student in 


physical chemistry, it was heresy to work on any- 


thing but catalysis;and so it has been in each genera- 
tion. Nowadays, to be a physicist is to work on the 
nucleus of the atom, with the rest of the whole field 
of physics, except possibly solid state physics, pretty 
much neglected. That there is a power in this mass 
action behavior is not to be doubted, but it is not to 
be doubted too that fashion reigns too strongly. 
Einstein, toward the end of his life, said ‘‘I can 
never understand why fashion, particularly in periods 
of change and uncertainty, plays almost as signifi- 
cant a role in science as in women’s clothing. In 
everything man is indeed an all too suggestible 
animal.’’? The new and the newly important thing 
comes from the independent investigator, not him 
who follows the horde even though public approval 
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Should attend him. The play of this phenomenon 


is clear in metallurgy as it is elsewhere, and I shall 
advert to it again in a moment. 


ADULT EDUCATION 


When I was a young man, let’s say twenty-five 
to thirty-five years ago, it wasn’t difficult to know 
essentially all of metallurgy. Those of my age now, 
even with a long life of study, know but a small 
fraction of the field. The difficulty is clear every- 
where: science and engineering in this generation 
have grown beyond the control of anyone of us. And 
the metallurgist faces no more serious a problem 
than those in other fields. Dr. Libby said last year 
that to drop out of atomic physics for one year is to 
get so far behind that the fight might as well be 
given up. As affairs are conducted now, a man can 
be superficially broad, or he can be deep in a most 
narrowly specialized field, but how can he continue 
to be reasonably broad and yet be deep when he 
wishes to be deep? Nowadays, a young Ph.D. re- 
search metallurgist, driven by the increasingly heavy 
demands of scholarship, shortly loses touch with the 
practical field, and this is a tragedy, for so much 
of basic metallurgical science has come from a 
study of the phenomena observed in industry—the 
metallurgical plant is a living museum of entrancing 
phenomena. And even in the Scientific field, with 
new, powerful techniques and new, powerful disci- 
plines constantly introduced in the further pursuit of 
old problems and the elucidation of new problems, 
the risk of becoming out-dated in this narrower 
sense is great. There is no end in sight for these 
problems: it is becoming more serious daily and 
will surely continue to increase in seriousness as 
the future continues rapidly to come toward us. 
Something new must be done. I am sure that the old 
ways won’t work and I think I am sure that there is 
much that might be done to help. The scene has 
changed, and our ways must change too. 

There are several ways in which we can help our- 
selves, but there is one quite important way, and 
this is, of course, continued and continuous adult 
education, a matter that could well be made the 
subject of a serious colloquium. Whatever the 
academic degree taken, the awarding of that de- 
gree must be only a momentary pause in an educa- 
tional process that must be lifelong. How can one 
then manage to grow in stature mentally, whether 
in industry or in the university? In the university 
the problem is in a measure self-corrective: facing 
a large group of selected students, especially in ad- 
vanced and graduate courses, forces a professor in 
a most brutal fashion to keep up-to-date; but even 
in this case, there isn’t enough time available for 
scholarly study, what with heavy teaching and ad- 
ministrative loads. The problem is more severe in 
industry, for there are added pressures; despite 
disclaimers, in many an industry there is very little 
time to devote to study, especially study in tangential 
fields; very few Ph.D. scientists working in the 
metallurgical industry have been given the oppor- 
tunity to take a regular course on an advanced level 
in some related field, say, the theory of numbers, 
fluid dynamics, the theory of absolute reaction rate 
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or statistical mechanics. Seminars, meetings, 
colloquia are frequently employed to help in the 
matter: no experienced educator would believe 

that these could replace systematic study; indeed 
seminars and colloquia have tended to be repetitious, — 
some of the most reputable scientists now give an 
automatic ‘‘no’’ when asked to participate in a new 
one. Seminars and colloquia do play an important 
role, but they cannot possibly fully substitute for 
honest, systematic study. 

I would suggest to you that every research man, 
whether in basic research or in development, should 
spend a substantial fraction of his time in study, 
perhaps in some cases even up to half, that the time 
spent at the laboratory bench or furnace and in other 
activities be markedly decreased, that this part of 
the necessary work be given over to laboratory 
technicians to a degree markedly greater than it is 
now. If this were done, efficiency would increase, 
for experimental work directed by a more knowl- 
edgeable and thoughtful aristocracy of research 
talent would surely be more productive,—certainly 
we now lose the usefulness of large numbers of 
scientists, who otherwise could be very productive, 
through the rapid decay of usefulness that comes 
from the cessation of serious study. Aristotle said: 
‘*The roots of education are bitter but the fruit is 
sweet.’’ And if to this, we could solve the problem 
noted earlier, of maintaining research talent per- 
manently and more happily in research, for their 
whole lives, we would have far less to-complain 
about in the shortage of scientists and engineers. 

In a word, adult education must be viewed as a 
necessity for the future. 

Perhaps even this will not prove enough. Cer- 
tainly the educational process from the first grade 
onward must be reexamined in the whole from the 
point of view of the demanding future; such discus- 
sions are now in a State of most active fermentation. 
But in the latter years, in the years of adult educa- 
tion, aids of several kinds may and in a few cases 
are even now being invoked. The several informa- 
tion centers, the effort at Western Reserve in card- 
sorting of abstracts using an analog computer for 
parallel search and collation, and the effort at Purdue 
on the search of cards for materials with desired 
combinations of properties, are worthy of noting. 
But none of these efforts, valuable as they are, 
provides the mental growth that real study affords, 
and certainly are only aids in the process of con- 
tinued adult education. If more time is made avail- 
able for study (the plea I am making), will this, 
necessary as it is, prove enough, or Shall we in 
time, say in the next few generations, learn to 
use our brains for a much larger fraction of the 
time than that pitiable fraction that now character- 
izes us, or, Shall we have to pass to such extremes 
as learning through hypnosis, or through communi- 
cation while asleep? Extreme? Perhaps, but then 
Thomas Jefferson, or for that matter Agassiz, 
would have thought of some of the things we do now 
as quite incredible. 


SOCIE TIES—PUBLICATIONS 


Research, development, engineering, education,— 
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on these are based our scientific and engineering 
publications and the activities of our professional 
societies. The new era of great research and de- 
velopment productivity is reflected in the extra- 
ordinary volume of our publications and the extra- 
ordinary magnitude of our society activities. But 
at least in my view this growth has brought before 
us new problems that irresistably demand new 
solutions. 

Publication in our own and in related fields is im- 
mense and will shortly be much greater,—the number 
of publications is said to double every five years. The 
New York Herald-Tribune recently said that if the 
rate of the production of scientific reports keeps 
going up as fast as it did in 1959, then by the middle 
of the next century, the entire surface of the earth 
will be covered by books, monographs and scientific 
journals one hundred miles thick! If adult education, 
and special aids, are to be invoked to cope with the 
mounting mass of new research and new knowledge, 
then in a team effort striving toward manageability 
publication committees must keep publication to a 
bare useful minimum. Actually, much of the litera- 
ture is fragmentary; many papers of small moment 
are published; writing is discursive. My generation 
in its youth wrote at length with an attempt at flour- 
ish; the young now must do much differently. The 
days of the scientific paper that had literary em- 
bellishment is past, for better or worse, and though 
the change seems So regrettable it is unavoidable, 
and literary attraction must be sought elsewhere. 
Journals now go unread by the best of us, technical 
advertising falls into the wastebasket immediately 
and almost of its own will; research reports that 
flood our desks are disregarded in the self-deception 
that the final work will be read when really pub- 
lished. What a prospect, to become ever worse, as 
each field grows and as fields that are now slighted 
receive the attention due them. The university pro- 
fessor, with a most tenuous and uncertain hold on 
a research contract (or on a multitude of them) 
hastens his work, publishing before full thought and 
often before having a respectable body of data. And 
the worker in industry, no less ambitious, when en- 
couraged to publish at all, falls victim to the same 
urge to prove himself,—status-seeking, so to speak. 
One of my colleagues suggests that individual mor- 
ality should prevent such malpractice—I fully agree, 
but I am not that hopeful of human nature! To re- 
lieve the tension from the frenzy of publication, 
seminars, conferences, colloquia are organized, 
some, but not all, serving an admirable purpose as 
I said a moment ago; review journals appear, such 
as the admirable ‘‘Progress in Metal Physics,’’ to 
pick but one among several. 

And the mounting cumbersomeness of publication 
is reflected in cumbersome meetings—characteriz- 
ing not only our field but most others. That con- 
ception of the devil himself, simultaneous meetings, 
should, it seems to me, be abandoned forthwith, and, 
in view of our present difficulties and more serious 
impending difficulties, replaced by meetings com- 
prising carefully selected papers, chosen for ex- 
cellence, completeness and educational value. It 
would seem to me that single sessions would serve 
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a most admirable purpose, that the honor to have 
been selected to present a paper would more than 
compensate for a multitude of little appearances. 

Research progress sessions are organized for 
purposes that can only be trivial; papers in some 
societies are often accepted on a ‘‘let’s-keep-every- 
body-happy”? basis. There is a rush to get into print; 
little matters are hastily hailed as ‘‘breakthroughs.’’ 
No doubt this in a way is but a sign of the competition 
that has come from the sort of Elizabethan robust- 
ness that now characterizes the research scene. 
Some workers publish work of indifferent quality, 
much too frequently I fear, and yet there are many 
other true workers publishing classics or near 
classics. Even with these Jeremiahs, there is so 
much that is golden in our profession that a recast- 
ing of publication policy and a recasting of policy in 
the design of programs for meetings, in a profes- 
sional society as sturdy as this society, would help 
us all to a finer stature. 


CONC LUSION 


In more than one way I have attempted an impos- 
sible task, I know. To view the whole of metallurgy 
as it is now and may be in the future; to commend 
and to criticize; to recommend; all this in a field 
that is huge and infinitely various; no doubt it is too 
presumptuous for any one man to attempt such a 
task. But perhaps Professor Henry Marion Howe, 
whom this lecture honors, would approve, at least 
of the attempt, for he knew in his day the far-flung 
influence of the men of metals and of the metal- 
lurgical profession upon society, and he debated with 
himself the position of metallurgy and of the metal- 
lurgist, as I have been trying to do today, so many 
years later. 

Our field faces special difficulties, but in this new 
age all fields are facing difficulties of their own. I 
have tried to state these difficulties and to propose a 
few solutions. Nothing that I can see in the general 
state of metallurgy in this year would recommend 
that there be any serious splitting of the subject in 
the near future; indeed the whole gamut, from cinder 
pit to electron energy levels, constitutes an attrac- 
tive entity, with the interaction of the practical and 
of engineering with the scientific and the theoretical 
providing reciprocal advantages and free play for 
those who are active, imaginative, and ambitious. 
The metallurgist is thus doubly blessed. 

In such an age of rapid change, in an age of revo- 
iutionary thought and action in all the activities of 
the social and political scheme, the shape of the 
future can hardly be seen. What will our profession 
be like in the year 2010 or the year 2060? We shall 
have a part in determining it, and what we do now 
and in the next few years will be the beginning of the 
action. 

This rambling discourse, this scouting expedition 
through the scenes with which we are all so familiar, 
with a few new imaginary ones added; these question- 
ings, with perhaps only uncertain answers,—I do hope 
that you have found it at least a little interesting. 

Note added later by the author: In preparing this lecture for publica- 


tion, T have been torn between having it printed as it was delivered, or 
rewriting it at considerably longer length, striving for the essay Style. 
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In the form as delivered it is perhaps too assertive and too sententious. 
But then fully to write on such a broad subject would require a book, or 
books, not a short essay however modified; the temptation to undertake 
a quite long essay was nevertheless great for there are many aspects of 
metallurgy and of the metallurgical profession that should be carefully 
considered and written about, that would seem to deserve some kind of 
general treatment, even extensive treatment. For example, nothing fully 
definitive has been written on the history of metallurgy for centuries, 
curiously; there have been few efforts in the fashion of the essay on 


policy in all its forms; metallurgy has lacked a Sarton, a Bronowski, a 
Lippman. Although I could not be any of these, it would be pleasing if 
they could be found and encouraged (ah! an assertion again!). Perhaps 
where opinions are to be expressed and when courses of action are to be 
recommended, a lecture with a touch of the oratorical style may not come 
amiss. And so, with apologies to those who will have only read and not 
heard, I have returned to the first alternative, submitting the manuscript 
in the form as delivered, with certain formalities and informalities de- 
leted and a few corrections made. 


Kinetics of Nickel Corrosion in Sulfuric Acid 


Nickel corrosion in sulfuric acid solutions at elevated tem- 
peratures and oxygen over-pressures was investigated. Weight 
loss was linear with time and varied directly with oxygen concen- 
tration. Independent variation of the possible active species in 
solution indicated that the undissociated sulfuric acid molecule 


plays an important part in the corrosion mechanism. The rate 


Charles H. Pitt 


determining step was considered to be the adsorption of oxygen 


ona site containing adsorbed H2SOQ,. 


Tse tendency for a metal to go into solution depends 
on a number of factors some of which are: 1) the 
position of the metal in the electrochemical series; 
2) the type and concentration of corroding species in 
solution; 3) the concentration of oxygen in solution; 
4) the type of film formed at the liquid-metal inter- 
face; and 5) the physical state of the metal. The cor- 
rosion of a metal in an aqueous solution may be con- 
sidered to be a heterogeneous reaction that occurs at 
the liquid-metal interface. The reaction is generally 
considered to occur as a result of electrochemical 
potential differences within the system. 

Little work has been published in the literature 
concerning the corrosion of pure nickel. A great 
deal has been published dealing with the experimental 
and theoretical aspects of the over-all corrosion 
process. Evans,* Uhlig,” and recently Todt* and 
Tomashoff,* have published books which review the 
results of experiments which have been conducted on 
corrosion, and have developed some of the basic 
ideas of the more widely accepted theories of cor- 
rosion. 

Friend® states that nickel does not readily dis- 
charge hydrogen from any of the common nonoxidiz- 
ing acids and that a supply of some oxidizing agent 
is necessary for appreciable rates of corrosion. He 
further notes that at temperatures between atmos- 
pheric and close to boiling, corrosion rates tend to 
vary with concentration, temperature, and aeration 
in acid concentrations up to 25 pct. 

Whitman and Russel® studied the effect of dissolved 
oxygen on a number of metals in acid solutions and 
found that oxygen accelerates the rate of corrosion 


of nickel in sulfuric acid. Flowers and Kelley’ in 


studying the action of dissolved CO, on electroplated 
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nickel postulated that nickel dissolves as NiHCO3 

in the presence of CO, and air. It was found that 
oxygen was necessary for corrosion to take place 
and that the rate increased with increasing amounts 
of oxygen in solution. Flowers and Kelley attributed 
the oxygen effect to cathodic depolarization. 


MacGillavry, Rosenbaum, and Swenson® deter- 
mined metal solution potentials of nickel in various 
electrolytes. They found that nickel has no tendency 
to corrode in alkaline solutions in the presence or 
absence of air. In acid solutions in the presence of 
air, metal solution potential increases in the order 
of 1/2 v were observed. This increase was attributed 
to probable chemisorption of oxygen on the nickel 
surface and the corrosion mechanism suggested was 
the interaction of H* ions with the nickel oxide 
formed at the surface. Delahay® observed the reduc- 
tion of oxygen on various metals. A polarograph was 
used to measure the course of the reaction. With 
some metals hydrogen peroxide was produced as an 
intermediate compound. However, nickel was not 
considered to be a hydrogen peroxide producer. 

Van Rysselberghe’*”’ and associates attributed the 
accelerating effect of carbon dioxide on the corro- 
sion process to the presence of percarbonic acid 
produced in solution reacting with the hydrogen 
peroxide. The percarbonic acid can be reduced at 
less negative potentials than hydrogen peroxide and 
as a result accelerates the reaction. 


EXPERIMENTAL 


Since a complete description of the apparatus used 
can be obtained elsewhere,’”’’* no attempt will be 
made here to describe the equipment other than to 
note that it consisted essentially of an autoclave unit 
from which samples could be withdrawn periodically 
without disturbing the interior state of the autoclave. 
A titanium autoclave liner was used to protect the 
autoclave from the solution. 
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Fig. 1—Typical curves showing amount of Ni removed from 
sample vs time of immersion. 


Experimental data were obtained measuring the 
amount of nickel ion in solution at successive time 
intervals. The concentration was measured in 
milligrams per cc and the time was measured in 
minutes. The rate curves were plotted as milli- 
grams removed per square centimeter of sample 
exposed vs time in minutes. 


It was assumed for a given experiment that 1) the 
surface area of the sample did not essentially change: 
2) the effect of increasing the amount of nickel ion 
in the solution did not affect the measured reaction; 
3) the effective concentration of acid species did not 
change during the course of the reaction; and 4) the 
Species in solution behaved almost ideally in the 
concentration ranges used. 

The change in surface area of the nickel sample 
was minimized by using a thin, rectangular metal 
plate having dimensions of about 1 by 4 cm and 10 
mils thick. The amount of nickel in solution was 
never more than 10°° molar in the strongest solu- 
tions obtained so it was assumed that there was no 
effect on the rate from the nickel ion in solution. 
Also no deviation from linearity was noted in the 
rate curves which would occur in the case of a nickel 
ion effect. In order to insure against serious con- 
centration depletion of the species furnished by the 
sulfuric acid a one liter volume of solution was used 
for each experiment. Most of the determinations 
made were between 0.02 and 0.1 molar so ideal be- 
havior was assumed for the solutions. 

The concentration of hydrogen ion, bisulfate ion, 
sulfate ion, and undissociated acid were calculated 
by using the first and second dissociation constants 
of sulfuric acid. The values of these constants were 
determined graphically from the data of Young and 
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Blatz.'* The concentration of the hydrogen ion was 
determined by assuming the hydrogen present in 
the undissociated acid to be negligible. No correc- 
tions were made to the dissociation constants for 
temperature increase in the solution. Reported 
values for the dissociation constants vary greatly, 
however, but this is not too serious since a variation 
of 25 pct in K, produces only a slight variation in the 
calculated concentrations of hydrogen ion, bisulfate 
ion, sulfate ion, and undissociated acid. The con- 
centration of these species in solution were inde- 
pendently varied by buffering with solutions of 
potassium sulfate and potassium bisulfate. 

The initial concentration of oxygen was con- 
trolled by maintaining a constant partial pressure 
of oxygen over the reaction solution. The concen- 
tration of oxygen in solution was considered to be 
proportional to the partial pressure of oxygen over 
the solution in accordance with Henry’s Law. The 
solution was agitated by a propeller type stirrer 
whose speed could be varied up to 1100 rpm. 

Samples were of annealed, super purity nickel 
(Johnson-Matthey) obtained from the Jarrel Ash Co., 
reported to have the following spectrographic an- 
alysis in percentage: Fe<.002, Cu<.0002, Ag<.0001, 
Al<.0001, Mg<.0001, Si<.0001, Ca and Na nil, and no 
lines for As, Au, Be, Bi, Co, Cr, Ge, K, Li, Mu, Mo, 
Pb, Rb, Sb, Sn, V, W, Zn, and Zr. A teflon sample 
holder was used to support the specimen because of 
its resistance to attack from the corrosive medium, 
and because it insulated the sample electrically from 
the autoclave itself. The sample was measured, 
cleaned with carbon tetrachloride, rinsed, dried and 
weighed before inserting into the autoclave. 

After the desired conditions of agitation speed, 
oxygen pressure and temperature were attained, 
the sample was lowered into the solution and the 
reaction allowed to proceed. The experiment was 
run for periods of time varying from about 30 to 70 
min depending on the rate of reaction. At appropriate 
intervals the sampling tube was flushed out and about 
5 ml of solution withdrawn for analysis. The volume 
of solution withdrawn was noted and corrections 
made for solution volume change. Analysis was made 
by complexing the nickel ion with nitroso-R solution 
and colorometrically determining it on a Beckman 
Model DK-2 Spectrophotometer. Standard curves 
were obtained using solutions of known strength pre- 
pared from the nickel metal used in the experiment. 
The analytical determination was made at a wave 
length of 475 u and the solutions were found to obey 
Beer’s Law in the concentration range of 0.5 to 5.0 
mg per cc. 


RESULTS 


It was found in all cases that after a slight induc- 
tion period the amount of nickel ion in solution varied 
directly with time. Typical rate curves are shown in 
Fig. 1 for each of the four temperatures investigated. 

In order to eliminate diffusion in the body of the 
solution as a variable the corrosion rate was deter- 
mined at various stirring speeds while uSing a fixed 
concentration of 0.02 M H.SO,, a temperature of 75°C 
and a partial oxygen pressure of 100 psi. Results ob- 
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tained are shown in Fig. 2 which indicates that above 
600 rpm the rate was not affected by stirring speed. 
Subsequently a stirring speed of 800 rpm was used in 
all determinations. 

By varying the sulfuric acid concentration and 
holding temperature and pressure constant the series 
of curves shown in Fig. 3 was obtained. These curves 
level off and appear as Langmuir isotherms. Con- 
sidering the maximum rates obtained at each tem- 
perature, Fig. 4 illustrates the results obtained by 
plotting log rate/T vs reciprocal temperature. The 
measured AH was found to be approximately 4 kcal. 
By holding temperature and concentration constant 
and increasing the partial pressure of oxygen a 
linear dependence on oxygen was found as illustrated 
in Fig. 5. 

To determine the active species in solution the 
various ion species were varied independently. This 
was accomplished by buffering with potassium sulfate 
and potassium bisulfate. The dissociation constants 
were obtained from data given by Young and Blatz.** 
As was expected, a solution of sulfate ion alone hav- 
ing a concentration of 0.030 moles per liter gave no 
evidence of corrosion as is indicated by the cross (+) 
in Fig. 6. By buffering with potassium bisulfate the 
hydrogen ion concentration was reduced and the free 
acid concentration was kept fairly high. Concentra- 
tion of the ion species present in the corroding solu- 
tion at different sulfuric acid concentrations were 
calculated. Hypothetical plots of the corrosion rates 
for the calculated concentrations of these species 
are shown in Figs. 6, 7, 8, and 9. In Fig. 9 it can be 
seen that the rates obtained from the bisulfate buf- 
fered solution fall on the curve of rate vs free acid 
concentration within limits of experimental error. 
By buffering with potassium sulfate the free acid 
concentration was suppressed and the bisulfate ion 
kept at a relatively high concentration. The results 
obtained from these solutions are shown in Figs. 8 
and 9 with (+) indicating the rate obtained at the par- 
ticular acid species concentration. In this case again 
the results indicate that the free acid (H,SO,) concen- 
tration is the determining factor in the rate of dis- 
solution obtained. 


DISCUSSION 


The mechanism by which the over-all reaction at 
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Fig. 2—Corrosion rate as a function of stirring speed. 


a Solid-liquid interface can occur is generally con- 
sidered to go by the following steps. 

1) Absorption of the gas by the solution. 

2) Diffusion of the reactants to the surface. 

3) Adsorption of the reactants at the surface. 

4) Chemical reaction on the surface. 

5) Desorption of products from the surface. 

6) Diffusion of products from the surface. 

Any one of these steps may be rate controlling. 
Step 1 is usually rapid and generally considered 
not to be rate controlling. Due to the low heat of 
activation obtained (4 kcal), step 4 is not considered 
to be likely. Diffusion through the main solution 
body was eliminated by increasing the stirring speed 
sufficiently, however, diffusion through a thin surface 
layer such as is proposed by Glasstone’® could be the 
rate determining step. When considering diffusion 
one must take note of the conditions existing at or 
near the solid surface. There is, throughout the 
solution and in the surface diffusion layer a rela- 
tively high concentration of Ht and HSO; ions. Con- 
sequently equilibrium between the H+, HSO, , and 
H.SO, can easily be maintained even in the surface 
diffusion layer. From this one may conclude that in 
the event H,SO, was adsorbed by the solid surface 
more H,SO, would be immediately formed in the 
diffusion layer in keeping with equilibrium require- 
ments. This then practically eliminates diffusion of 
H,SO, as a limiting factor in the rate. The diffusion 
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Fig. 4—Plot of Log maximum rate/T vs 1/T. 


of oxygen or the adsorption of oxygen on an active 
site could be rate controlling in view of the activa- 
tion energy obtained. Thus no distinction can easily 
be made between the two processes, although it is 
more probable that diffusion is the limiting process 
in view of the behavior of similar systems. No 
mechanism can be proposed whereby the oxygen 
would react first with a surface site and then the 
oxygen containing site react further with the H2SO, 
which would fit the observed data. It must be postu- 
lated that the H,SO, is adsorbed first by an active 
center, then oxygen diffuses to the site or is ad- 
sorbed and reacts to give the products. 

We may postulate the reaction to go as follows: 


K, 
iS +A =!5S-A (equilibrium) [1] 
iS-A = 1$-A* (equilibrium) [2] 
= act. = 
1S-A* +40, products [3] 
T 
@ 125° 
100° 
@ 385° 
bg ® 
s 
2 
a 0.4L 
te} 
x 
0.2 
i 1 | +1 1 
(e) 4 8 12 16 20 36 40 
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Fig. 6—Hypothetical plot of corrosion rate vs amount of 
SO; ion in solution. Calculated. 
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Fig. 5—Corrosion rate increase as a function of oxygen 
partial pressure. 


The reaction may occur by first adsorbing a sur- 
face active acid species A ona site '!S on the metal 
surface toform a surface species iS-A. In order to 
react with oxygen, the surface species may rearrange 
to form a new active species S:A* involving both the 
metal and A. Finally, S-A* may react with oxygen 
and decompose to the products of the reaction. 

The rate of formation of nickel ions in solution 
may be expressed as: 


[4] 


where 'S-A* represents the concentration of the ig-A* 
sites; (O,) represents the concentration of oxygen in 
the solution and k’ represents the specific reaction 
rate constant. The term Kp includes surface rough- 
ness factors, fraction of sites which can enter into 
the above reactions, and necessary conversion units. 
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Fig. 7—Hypothetical plot of corrosion rate as a function of 
Htion in solution. 
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Fig. 8—Hypothetical plot of corrosion rate as a function of 
HSO ion in solution. 


If we let 6, represent the concentration of surface 
sites containing A alone, 7. e, iS-A; and represent 
the number of available sites for adsorption of A, 
2.@. 'S; and 0, the fraction of total sites of metal 
active species, i.e. |S-A*; we can write: 


[5] 
Eq. [4] may now be expressed: 
and 
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Fig. 10—Plot of log (KK ) vs 1/T for nickel in sulfuric acid. 
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Fig. 9—Plot of corrosion rate vs undissociated acid for 
muck! at various temperatures. Rate in mg cm™~! 
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K, = 6,/pA 
then 
0,= K, (A) — 6, K, (A) — 9, K, (A) [7] 


From Eq. [2] Kz = 6,/0, which may be combined with 
Kq. [7] giving 


(A) 
Eqs. [6] and [8] may be combined to give 

KK, Kz (A) [9] 


/(O,) = 1+ (&i+K,K,)A 


For reasons presented below it may be shown that 
Kz > 1 whereupon Eq. [9] becomes 


_ Ky (A) 10 
= 7 KIA) 
The value of the product K, K, was determined from 
experimental results by plotting r/Po, vs the concen- 
tration of undissociated acid. The K,A, values for the 
various rate isotherms were obtained by simultane- 
ous evaluation of two points on each isotherm. Agree- 
ment between theoretical curves and experimental 
points is shown in Fig. 9. 

A plot of log K,K, vs 1/T is shown in Fig. 10. The 
negative slope of Fig. 10 indicates K,K, must be 
much larger than K,, Eq. [9], or simply K2>1. If 
the reverse were true Fig. 10 would be a plot of log 
K, vs 1/T. Since K, refers to the adsorption of the 
active species, K, should decrease with increasing 
temperature resulting in a positive slope. This may 
be predicted with some degree of certainty since 
such an adsorption process should be exothermic, 
particularly in view of the fact that the surface is 
easily saturated with the adsorbate. It is unlikely 
that entropy considerations could reverse these 
conditions. The most plausible explanation is that 
Ad, is positive and larger in magnitude than the 
negative AH,, thus making K,>>1. Therefore the 
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calculated enthalpy is the sum of AH, and A&#;, or 
ZAH = AH, + AH2 


Accordingly, AH, can be considered negative since it 
involves an adsorption process and AH, may be con- 
sidered positive since the postulated reaction in- 
creases with increasing temperatures. Therefore 
2ZAH has little real meaning since it is merely the 
difference in the absolute values of AH, and AH>2. 

According to the theory of absolute reaction 
rates’®’'” the specific rate constant may be expressed 
as: 


which may be written as 


e-AH#/RT @ASt/R 


[11] 


where AH! is the heat of activation and AS* is the 
entropy of activation. 

The absolute reaction rate theory may be applied 
to the over-all process as follows: 


where D C; is the product of the concentrations of the 

reactants. Written in this form Eq. [6] becomes: 
KK, kT / 

where 

kK, = Henry’s Law Constant 

This may be written as: 


Ki,Po, h [12] 


Eq. [12] may be plotted in logarithmic form to cor- 
relate data obtained under various conditions of acid 
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Fig. 11—Plot of log +/|O2][@)] vs 1/7 for all data showing 
correlation of rate equation with various conditions of tem- 
perature and pressure. 
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and oxygen concentrations and temperatures. Such a 
plot is given in Fig. 11 which yields a AH? value of 
3.9 kcal. Since K, is not accurately known AS? can- 
not be determined unambiguously. The small AH? . 
suggests liquid diffusion which according to the model 
corresponds to diffusion of oxygen through a limiting 
boundary film on the nickel surface. 

It is of interest to calculate from the rate equa- 
tion the ratio of active sites on the surface of the 
nickel to the total possible number of active sites. 
Considering the average of the number of Ni atoms 
on the [100] and the [111] crystallographic faces, 
there are about 1.75 X 10’° possible sites per sq cm 
on the nickel surface. At 75°C the experimentally 
determined maximum rate is 


7.8 x molecules/cm*/sec 


From the rate equation we can Say: 


K, e AS#/R vh 


RT(O2) (62) 


[13] 


where K, = No. of active sites per sq cm. Taking 
oxygen concentration in solution at this temperature 
to be 4 X 107° moles per liter and 9,-1 at maximum 
rate we can obtain values for the left hand side of 
Eq. [13]. Table I lists K, values for selected values 
of 

It is apparent that over a wide range of entropy 
values the percentage of active sites on the surface 
of the metal is small. If diffusion is assumed to be 
the rate controlling step it is probable that the 
entropy is near zero.'® In this case the number of 
active sites per square centimeter would be approxi- 
mately 10°. It is interesting to note that the density 
of dislocations in a Square centimeter of nickel sur- 
face which has been well annealed is also of the 
order of 10°.*8 


SUMMARY 


The following statements can be made about the 
corrosion of nickel under the conditions imposed in 
this investigation. 


1) The corrosion follows a linear rate with time. 

2) Nickel does not corrode appreciably in the 
absence of oxygen in the concentration range of this 
study. 

3) The corrosion rate is zero order with respect 
to agitation above a given minimum, which indicates 
that bulk diffusion is not a controlling factor. 

4) The experimental results and theory developed 
indicate a single site adsorption of the undissociated 


Table |. Fraction of Active Surface Sites on Nickel Surface 
for Various Values of Entropy 


K 


Ast eAS/R Nonof Active 
Sites per Cm? Sites 

0 1.00 6.8 x 10° 3.9 < 10a 

—5 0.081 8:4 x 10° 4.8 x 107° 

-10 0.0067 1.0 10" 5.7 x 

0.00055 6.9 x 10+ 
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acid molecule which in turn reacts with oxygen to 
promote nickel corrosion; the rate controlling step 
being the diffusion of oxygen through a limiting 
boundary film on the nickel surface. 

5) The increase in corrosion rate is directly pro- 
portional to oxygen partial pressure above the solu- 
tion up to 600 psi partial oxygen pressure which was 
as far as was determined. 

6) A calculation of the number of possible sites 
using absolute reaction rate theory indicates that a 
very small percentage of the nickel surface is re- 
active. 

7) In view of experimental data and theories pre- 
sented, the over-all reaction may be considered to 
go in the following steps. 


1) (gas) =O, (sol’n) 
2) 2Ni + H,SO, = 2 Ni-H,SO, (Equilibrium) 
3) 2Ni-H,SO, + O, 2Ni++ +SO, +20H- (Slow) 
4) 20H + = 2H.O 

the over-all being: 
5) 2Ni + HSO,+ O2 + 2H* = 2Ni++ + SOF + 2H,0. 


(Equilibrium) 
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A Study of Grain Shape in Cemented 


Titanium Carbides 


The grain shape of the carbide in nickel-bonded and cobalt- 
bonded titanium carbides was studied by micrographic examin- 
ation, and the influence of sintering atmosphere, sintering sub- 
strate, and the amount of metal binder on the grain shape was 
determined. It was found that the carbide grain cross sections in 
the nickel and cobalt cermets ranged from round to angular, de- 


pending on the sintering conditions. The spheroidization of the 


Thomas J. Whalen 


carbides in both cobalt-bonded and nickel-bonded titanium car- 


bides may be attributed to oxygen. 


In the course of studies on titanium-carbide base 
cermets, various investigators have reported on the 
shape of the carbide grains, and it was noticed that 
grain shapes were obtained which were either sphe- 
roids, or polygons with rounded or square edges. 

It was also noted that the shapes of the carbide y 
grains changed with time or composition. Skolnick 
showed that the titanium-carbide grains, after in- 
filtration in vacuum with nickel tended to spheroi- 
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dize with time. The titanium-carbide skeleton was 
located on a beryllia plate during infiltration. Gur- 
land,” who studied the microstructure of titanium 
carbide-cobalt compacts, showed that the carbide 
grains are round after 1 hr at 1450°C in a hydrogen 
atmosphere and angular after 7 hr at the same 
temperature. Goetzel® has found that the carbide 
grains in compacts with a high binder content, 40 to 
60 pet, tend to be spheroidized, whereas Blumenthal 
and Silverman’ pointed out that the higher binder 
contents could yield either round or rectangular 
grains with rounded edges, depending on the nature 
of the binder. 
It is the purpose of this paper to present experi- 
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Table 1. Nominal Composition and Powder Analyses 


Composition No. Wt Pct 

1 36 Ni-64 TiC 

50 Ni-—50 TiC 

3 36 Co-64 TiC 

4 50 Co—50 TiC 

Co Powder Ni Powder TiC Powder 

Co 99.8 wt pet 0.12 wt pct - 
Ni 0.1 99.33 - 
nil = 78.0 
Total C 0.02 0.03 19.42 
Free C = = 0.24 
Fe 0.01 0.20 0.09 
Cu Trace 0.06 - 
Pp 0.01 
0.01 0.05 0.04 
H, Loss 0.8 0.2 - 
N,* 0.0005 0.0005 _ 
H,* 0.005 0.002 = 
OF 0.61 0.12 = 
Ay. Particle 1.5 50 Dao 


Diameter, 


*Vacuum Fusion Analysis 


mental evidence which points out some conditions 
for the production of either round or angular car- 
bide grains in cemented titanium carbide and to 
present a possible explanation for the results ob- 
tained. 


EXPERIMENTAL PROCEDURE 


The four nominal compositions which were studied 
in this investigation are given in Table I, along with 
an analysis of the powders used. Compacts were 
prepared by mixing batches of 50 g in a polyethylene 
bottle for 16 hr and pressing at 30,000 psi. Sintering 
was carried out in either a dry hydrogen or dry 
helium atmosphere for 8 hr at 1400°C or in vacuum 
at 0.1u Hg for 1 hr at 1500°C. Earlier studies had 


shown that the amount of grain growth was about the 
same for these three sintering conditions. The dry 
hydrogen and dry helium were obtained by passing 
the gases through three commercial deoxo units and 
three liquid nitrogen traps. Most of the specimens 
prepared in a hydrogen or helium atmosphere were 
quenched into water from the sintering temperature 
to produce a microstructure representative of the 
structure at the sintering temperature. The com- 
pacts were mounted in bakelite and polished with 
diamond paste in the conventional manner. 

Observations were made only with regard to the 
shape of the titanium carbide grains. The variables 
studied which were thought to alter the grain shape 
were the amount of the metal binder, the atmosphere, 
and the material in contact with the specimens at the 
sintering temperature. From a visual observation of 
the photomicrographs at X2000, the grain shape 
cross section was classified as either predominantly 
rectangular with fairly sharp edges, rectangular with 
rounded edges, hexagonal with rounded or sharp 
edges, or round. 


RESULTS AND DISCUSSION 


The results of this investigation are summarized 
in Table II. For the two binder contents studied there 
was no effect of binder content per se on the shape of 
the carbide grains in the nickel and cobalt cermets. 
Both the cobalt and nickel cermets sintered on alu- 
minum oxide contained grain cross sections which 
were round, or hexagonal with rounded edges and an 
example of these are shown in Fig. 1. The rounding 
was more pronounced in cermets sintered in vacuum 
on aluminum oxide than those sintered on aluminum 
oxide in hydrogen. For the nickel and cobalt cermets 
sintered on aluminum oxide in either vacuum or hy- 
drogen, the rounding of the carbide was very pro- 


Table Il. Effect of Substrate Material and Atmosphere on the Shape of 
Carbide Grains in the Nickel-Bonded and Cobalt-Bonded Titanium Carbide Cermets 


Composition, Sintering Conditions 
Wt. Pct Temp. °C Atmosphere Time, Hr Substrate Material Shape of Grain Cross Section 
50Ni—SOTiC 
36Ni—64TiC } 1500 Vacuum 1 Aluminum Oxide Round or hexagonal with rounded corners. 
Graphite 
Sintered Titanium Carbide } Rectangular or triangular with sharp corners. 


49.7Ni—0.3Al—50TiC Graphite Rectangular or triangular with sharp corners. 
50Ni—40TiC—10TiO, Graphite Round, hexagonal with rounded corners. 
50Co—S50TiC Aluminum Oxide 
36Co_64TiC Glephite Round, hexagonal with rounded corners. 
50Ni—5OTiC 1400 
36Ni_64TiC 4 H, 8 Aluminum Oxide Round or hexagonal with rounded corners. 
Graphite 
Sintered Titanium @erbide Rectangular or triangular with sharp corners. 
49.7Ni—0.3A1—50TiC Graphite Rectangular or triangular with sharp corners. 
50Co—SO0TiC i 
} Round or hexagonal with rounded corners 
near aluminum oxide cermet interface. 
Graphite Rectangular or triangular with sharp comers. 
50Co-SOTIC } 
i 1400 He 8 Graphite Round or rectangular or triangular with 
36Co—64TiC rounded corners. 
50Ni—S50TiC i i 
} Graphite or triangular with rounded 
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Fig. 1—50 pet Ni-50 pet TiC sintered Fig. 2—50 pet Ni-50 pet TiC sintered Fig. 3—50 pet Ni-40 pet TiC-10 pct 


1 hr in vacuum at 1500°C on aluminum 1 hr in vacuum at 1500°C on graphite, TiO, sintered 1 hr in vacuum at 1500° 
oxide, unetched. X2000. Reduced ap- unetched. X2000. Reduced approxi- C on graphite, unetched, X2000. 
proximately 52 pet for reproduction. mately 52 pet for reproduction. 


nounced at the aluminum oxide-cermet interface. 

1) Nickel- Titanium Carbide—Sintering of the 
nickel cermets in vacuum or hydrogen on graphite or 
sintered titanium carbide substrates led to a micro- 
structure of sharp, cubic grains which were mani- 
fested in rectangular and triangular cross sections 
with sharp corners. An example of these shapes can 
be seen in Fig. 2. An attempt was made to connect 
the rounding of the carbide grains sintered on alumi- 
num oxide with aluminum content, obtained from re- 
action with the aluminum oxide substrate, by adding 
aluminum to the cermet and sintering on graphite in 
vacuum and in hydrogen. The microstructure of the 
cermet containing aluminum was identical with com- 
parable cermets without the aluminum additions, 
Since the carbide cross sections were predominately 
rectangular and triangular with sharp corners. Thus 
it is concluded that the aluminum derived from the 
interaction with the aluminum oxide substrate is not 
causing the rounding of the carbide grains. 

To investigate the role of oxygen in the growth of 
round carbide grains, titanium dioxide was added to 
a nickel cermet which was then sintered in vacuum 
on a graphite substrate. During the sintering proc- 
ess, the dioxide dissociates, yielding oxygen. This 
attempt was successful in producing the round and 
hexagonal grain cross sections as seen in Fig. 3, 
and these grain shapes are quite similar to those 
grains found in cermets sintered on aluminum oxide 
(see Fig. 1) and are in marked contrast to the rec- 
tangular and triangular cross sections found for the 
cermet sintered under identical conditions without 
the titanium dioxide addition. It is strongly suggested 
from these experiments that the addition of oxygen 
to the cermet from the decomposition of the titanium 
oxide or from the reaction of the nickel-titanium- 
carbon liquid alloy with the aluminum oxide sub- 
strate has altered the grain shape from the cubic 
shape found in the absence of oxygen to the more 
rounded shape in the presence of oxygen. 

A chemical analysis was obtained on a nickel 
cermet sintered in vacuum at 1500°C for 1 hr on 
aluminum oxide and on a cermet sintered under 
identical conditions on graphite. The analysis pro- 
cedure consisted of a separation of the nickel-rich 
binder phase from the carbon and carbide residue 
and an analysis of the combined carbon (combined 
with titanium) and the total carbon in the residue. 
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The cermet sintered on aluminum oxide contained 
17.6 pct combined carbon, whereas the cermet 
sintered on graphite contained 18.6 pct combined 
carbon. The cermet sintered on aluminum oxide 
had lost considerably more combined carbon than 
the cermet sintered on graphite. Also, an oxygen 
analysis of several samples of the residues from 
these two cermets by a vacuum fusion technique 
indicated that the cermet sintered on aluminum 
oxide contained from four to eight times as much 
oxygen as the cermet sintered on graphite. 

2) Cobalt- Titanium Carbide—The carbide grain 
shape in the cobalt-bonded cermets was influenced 
quite noticeably by the sintering atmosphere. which 
is in contrast to the lack of effect of atmosphere on 
the shape of the carbide grains in the nickel cer- 
mets. The cobalt cermets sintered in hydrogen on 
graphite clearly show cross sections of carbide 
grains which are rectangular or triangular with 
sharp corners. Sintering these cermets in helium 
or vacuum on graphite does not produce the angular 
grain corners but yields rounded grain corners as 
seen in Fig. 4. In sharp contrast to the nickel 
cermets. the cobalt cermets sintered in hydrogen 
on aluminum oxide contain grain cross sections 
which are rectangular or triangular with sharp 
corners when viewed at the center of the compact 
but become more rounded as the aluminum oxide- 
cermet interface is approached. 

These experiments show that for the materials 
used in these cobalt cermets, a hydrogen atmosphere 
is necessary to obtain angular carbide grain shapes 
since only rounded carbide grain shapes were ob- 
tained in helium or vacuum. The role of hydrogen 
in these experiments may be that of a deoxidizer, 


Fig 4—36 pct Co— 
64 pet TiC sin- 
tered 1 hr in vac- 
uum at 1500°C on 
graphite, unetched, 
X2000. 
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removing oxygen from the cobalt powder. Since the 
cobalt powder is very fine (average diameter of 1.5,) 
compared with that of the nickel powder (average 
diameter of 50), the cobalt powder contains a 
greater surface area per unit weight and consequently 
more adsorbed gas and a greater amount of oxide 
than does the nickel powder. This is reflected in the 
greater hydrogen loss and a greater oxygen content 
of the cobalt powder compared with the nickel pow- 
der as shown in Table I. The experiments also indi- 
cate that the cobalt cermets react to a lesser degree 
with the aluminum oxide substrate than do the nickel 
cermets. Since the solubility of TiC in nickel at 
2300°F is reported to be about five times greater 
than in cobalt,° a greater reactivity would be ex- 
pected for Ni- TiC compositions in contact with 
aluminum oxide. 

The observation that the carbide grain shape can 
be altered with the addition of oxygen to the cermet 
opens up a fruitful area for speculation and further 
experimentation. In this study it is shown that the 
carbide grains grow in the shape of cubes or other 
six-sided polygons in the absence of oxygen. In the 
presence of oxygen the carbide grains are rounded 
or hexagonal in cross section. Several possible 
mechanisms may be cited which could lead to.a 
change in grain shape with a change in oxygen con- 
centration. In expressions involving grain growth the 
liquid-solid interfacial energy is an important term 
and the interfacial energy is known to be altered by 
adsorption of impurities. It is possible that in the 
absence of oxygen, the energy of the carbide-binder 
interface is anisotropic with regard to carbide crys- 
tal planes and the lowest interfacial energy in the 
system is obtained when the cube faces are present. 
With the addition of oxygen, the anisotropy may be 
reduced such that planes other than the cube faces 
are favorable for growth. 

The kinetics of the growth process, on the other 
hand, may be altered with the presence of oxygen. 
The preferential adsorption of an impurity such as 
oxygen at growth sites on the carbide faces could 
alter the growth pattern of the carbide. 

The chemical and vacuum-fusion analyses of the 
carbide in the nickel cermets indicate that the 
cermets sintered on aluminum oxide had a lower 
' combined carbon content and a greater oxygen con- 


404-VOLUME 218, JUNE 1960 


tent than those sintered on graphite. It is not un- 
reasonable to consider that oxygen is replacing 
carbon in the carbides of specimens sintered on 
aluminum oxide and, therefore, the carbide crystals 
which are growing with rounded cross sections con- 
tain a solid solution of titanium monoxide and ti- 
tanium carbide. A compositional change of the car- 
bide may then lead to a change in shape of the car- 
bide phase in these cermets. A study of the grain 
shapes of titanium monoxide-titanium carbide solid 
solutions in nickel-bonded and cobalt-bonded cermets 
would be of interest at this point. 


CONCLUSIONS 


1) Nickel-titanium carbide cermets sintered on 
aluminum oxide exhibit rounded and hexagonal cross 
sections of carbide grain shapes, which result from 
an interaction of the compact with the substrate, in- 
creasing the oxygen content in the compact. The ad- 
dition of oxygen to the cermet does change the cross 
section of the grain shape from rectangular with 
angular edges to hexagons with round and angular 
edges. The nickel cermets sintered on graphite or 
titanium carbide contain angular grain shapes. 

2) Cobalt-titanium carbide cermets sintered ina 
hydrogen atmosphere have carbide grain shapes 
which are angular with sharp corners, whereas the 
grain shapes of the compacts sintered in vacuum 
or helium are rounded. Sintering on aluminum oxide 
in hydrogen produced both rounded and angular grain 
shapes, depending on the distance from the carbide- 
oxide interface. The influence of hydrogen is be- 
lieved to be related with the removal of oxygen from 
the compact or from the metal powders before sin- 
tering begins. 

3) The spheroidization of carbide grains in both 
nickel-bonded and cobalt-bonded titanium carbide 
can be brought about with the addition of oxygen 
to the cermet. 
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The Solubility of Carbon in Alpha-Fe as Determined 
by the Time Decay of Permeability 


The magnetic after-effect, in the form of time decay of perme- 
ability (A1/1), has been used to obtain independent data on the solubility 
of carbon in pure iron. The results differ slightly from the solubilities 
obtained through internal friction experiments. The mechanism of the 


time decay being the magnetic analogue of internal friction, it appears 
necessary to explain the observed discrepancies, and some suggestions 


are made. 


Tue purpose of this work was to establish the re- 
liability of the time decay of permeability as a meas- 
ure of dissolved interstitial in the body-centered- 
cubic lattice, and further, to establish techniques 
suitable for such measurements with samples of a 
form convenient for various other measurements. 
This particular sample form was the ‘“‘epstein’’ 
strip, 7.e., 25 cm by 3 cm by 0.035 cms. While the 
general conclusions are not limited by this geome- 
try, there are two aspects of the samples that may 
be relevant: a) texture, and b) grain size, which 
ranged generally from 1 to 10 mm. Effects due to 
these two possible parameters were thought to be 
small and were not investigated. 

Calibrating the time decay technique and the 
other experimental procedures by measuring the 
solubility of carbon in pure iron suggested itself 
because of the accumulation of data on this subject 
through the related technique of the internal fric- 
tion’ * 

The essentials of this report have been published 
in a somewhat condensed form.” Since then some 
additional data have been taken. It is the purpose of 
this paper to add these data and to provide more 
complete description of the experimental techniques 
than was possible then. 

The time decay of permeability is a form of the 
magnetic after-effect.”’ Permeability is measured 
immediately after demagnetization (u.) and also 
long after (u..). The time decay, A(1/), is the dif- 
ference 1/u.. — and has been considered to be 
proportional to the concentration of a dissolved 
interstitial’ *°'* The relaxation time, 7, is char- 
acteristic of a particular diffusion, and affects the 
permeability as follows: 


where 
T = [2] 
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Ae being the activation energy for diffusion of the 
interstitial. Reference is made to the works of 
Snoek® and Néel” for a complete discussion. A brief 
exposition of the principal ideas may be in order 
here, as follows. On the basis of the simplest model, 
resistance against domain wall motion increases 
with time after demagnetization due to the diffusion 
of interstitials to preferred sites created by the 
magnetostrictive tetragonolization under the strong 
magnetic field. Thus permeability, measured with 

a small field after the abrupt removal of the large 
field, will continuously fall with the process of dif- 
fusion of the interstitials, and the total ‘‘time decay’’ 
(or ‘‘time decrease’’) should be proportional to the 
amount of interstitial in solid solution. In the present 
report, use is made only of the total time decay 
rather than of the nature of the progress of the decay; 
the only problem involved in this approach is the 
need for assurance that only one interstitial is con- 
tributing to the effect as used. It is felt that the 
special use made here of the total time decay war- 
rants the conclusions. Other work has been going on 
elsewhere on the detailed study of the nature of the 
time decay.*®® 


EXPERIMENTAL 


A) Materials—12-lb ingots were made in a vacuum 
furnace from high-purity iron and by a series of hot 
and warm reductions were brought down to 14-mil 
strip. This was cut into 25-cm epsteins. The pure 
iron was decarburized at 750°C by hydrogen. The 
time decay measurement for the decarburized iron 
(see below) indicated a satisfactorily low starting 
level of interstitials. Grain growth to grain sizes of 
1 to 10 mm was produced in the pure iron bya 700° 
anneal in hydrogen after a critical reduction of about 
7 pet as suggested by previous trials. No measure- 
ment of texture in the pure iron was made. The 
grain size was taken to be large enough to be beyond 
any sharply critical size regarding solubility. 

B) Infusion of Carbon—Since the permeability 
measurement required about two dozen epsteins, a 
special method of carbon infusion had to be developed 
to ensure homogeneity of infused carbon. This was 
accomplished by setting the samples edgewise ina 
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slotted mount, separated from each other by about 

1 mm. Carbon was provided by the decomposition of 
acetylene at 710°C, the gas being brought into the 
iron box as a slow flowing mixture (5 ft* per hr) of 
about 5 vol pct acetylene in hydrogen. The iron 
entry pipe, being largely at temperature, and the 
first portion of the iron box, being packed with 
scraps of iron, received most of the precipitated 
soot, so that the carbon gradient over the samples 
was kept to a very Small value. Homogeneity was 
confirmed by chemical analysis for carbon and by 
metallography. The level of infusion was generally 
controlled by time, 4 to 8 hr producing levels of 
about 0.002 to 0.006 pct, although no serious attempt 
was made to achieve precise control this way. In- 
stead, levels were taken as they happened to come 
out of the infusion and subsequent homogenization. 
The latter heat treatment was done either in hydro- 
gen or argon at 710° for 8 to 12 hr, and definitely 
affected the total carbon level by the varying amounts 
of decarburization which occurred inadvertently. 
Chemical analysis for carbon’? was performed di- 
rectly after infusion as well as after all the subse- 
quent experimentation, initially to 1 or 1 1/2 signifi- 
cant figures, finally to 2. No change in carbon con- 
tent was observed as a result of the experiments. 

The carbon levels used in this work were 0.0023, 
0.0030, 0.0039, 0.0043, and 0.0066 pct with a range 
varying from +10 to +15 pct of the average carbon 
content. 

C) Apparatus for the Measurement of Permeability 
and Time Decay— The transformer method of perme- 
ability measurement was used. The exciting field 
was maintained at a constant level of 2.36 x 10° 
oersteds (rms) and was provided by an audio oscil- 
lator at 100 cycles/sec. The rms value of the flux 
density, B,,,,, waS fed through an audio amplifier, 
to a rectifier, and then to a D.C. recorder. The lat- 
ter continuously recorded the output B,,., which 
ranged from 0.2 to 0.5 gauss. Effective permeability 
was taken as B,,,./2.36. 

Shock excitation of the frame of twenty-eight or 
thirty-two epstein samples was obtained from a 
variable voltage auto-transformer producing an in- 
duction of at least 17,000 gauss. Demagnetization 
was accomplished by a magnetic clutch drive which 
rotated the auto-transformer at a constant rate to 
zero voltage output. A series of microswitches was 
actuated upon the completion of the demagnetization. 
These automatically coupled the oscillator and 
amplifier to the test frame, allowing the initial 
permeability to record within one Second after 
demagnetization; the chart permitted extrapolation 
to zero time. A mutual inductance was required in 
order to cancel air flux and allow measurement of 
intrinsic induction. 


PROCEDURE 


Establishing equilibrium between carbide phase and 
solid solution, retaining the equilibrium by quench, 
and measuring the time decay would have been a 
conventional procedure analogous to that used with 
internal friction, except that the proportionality 
constant between the time decay and carbon would 
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have had to be established. It appears that the 
analogous constant for internal friction is established 
by each worker by measuring the value given by fully 
dissolved carbon contents in the vicinity of 0.02 pct, 
and the constant is assumed to apply to the full range 
of temperatures studied. Since the time decay of 
permeability was a relatively new parameter, it was 
decided not to make the assumption of proportional- 
ity. Furthermore, there was not available a suitable 
method for uniquely measuring the effect due to one 
interstitial in the presence of another, such as fre- 
quency control in internal friction methods. The 
method decided upon was as follows: 

Carbon levels were selected to permit complete 
solution well under 650°C. Each sample (consisting 
of twenty eight or thirty-two) epstein was equilibrated 
at a number of temperatures and measurements 
made of the time decay for the quench-retained up- 
per temperature state. With each step up in tem- 
perature, the time decay increased due to more dis- 
solved carbon, until all the carbon dissolved. The 
temperature beyond which the time decay ceased to 
increase, referred to as the ‘‘leveling-off’’ tem- 
perature, was taken as that required to completely 
dissolve the particular carbon content as given by 
chemical analysis. The plot of these analyzed carbon 
levels, as the logarithms, vs the reciprocal of the 
respective leveling-off temperatures in degrees 
Kelvin, should give the AZ of solution for the car- 
bide phase. A similar plot of the time decay vs 1/T 
for the quench- retained states on the way up to the 
leveling-off temperatures should also merit exam- 
ination. 

Quenching was accomplished through use of a 
sample carrier and a trap door box which suited 
the furnace shape. A minimum amount of frame- 
work accompanied the samples into the 5°C ice- 
water, the rest of the carrier, which was needed to 
provide rigidity in the rapid withdrawal and trap- 
tripping process, being kept out of the ice-water 
by a ledge in the quenching box. Samples were 
heat treated in air, allowing the simple rapid with- 
drawal arrangement, and were protected from the 
atmosphere by a thin, baked on coat of red iron 
oxide applied in the form of ‘‘Sterling Varnish’’. 

The time taken to withdraw the frame of samples 
from the uniform hot zone and strike the ice-water 
was well under 0.5 sec. In this time, the tempera- 
ture drop was no more than 2°C. The carrier frame 
and quench box were designed to make all the sam- 
ples strike the water edgewise with no observable 
tilt along their length. The reproducibility of quench 
was such that the experimental error in the time 
decay was the same for samples well above their 
leveling-off temperature as for samples well below. 
Many of the readings were repeated by duplicate 
operations as well as by reaching the equilibration 
temperature from both directions. Sufficient warp- 
age of samples to interfere with the permeability 
measurement occurred for quenching from over 
650°C; no attempt was made to carry out measure- 
ments beyond this temperature. 

Immediately after quench, the samples were laid 
on dry ice. The permeability immediately after 
demagnetization, 49, was measured at about —40°C, 
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Fig. 1—Log A(1/u) vs 1/T for five carbon levels in pure 
iron. 


actually within 0.5 sec after demagnetization. The 
low temperature was desirable to minimize the 
diffusion of carbon so that extrapolation to zero 
time could be made on the recorder chart with 
maximum accuracy. Successive readings of Ly 
were reproducible to about 2 pct. The samples were 
kept cold until the frame was warmed to room tem- 
perature. They were then quickly warmed and set 
into the frame for the pw, reading. The carbon dif- 
fusion in pure Fe to preferred sites occurred very 
rapidly, z7.e., the relaxation time was very small. 
This is not to be confused with ‘‘aging’’ or precipita- 
tion of carbide. The amount of the latter that oc- 
curred during the entire period between quench and 
[.. measurement was not significant, according to 
simple checks made to determine this. 
Deliberately-slowing up a withdrawal from a 550°C 
equilibration so that it took 2 sec for the samples to 
strike the ice water produced a drop of about 10 pct 
in the total time decay. This indicates the need for 
the rapid withdrawal used in the regular procedure. 
In all, the overall reliability of the relative values of 
the time decay as representing the equilibrium 
states of the irons at the respective temperatures 
appears to be adequate for the use made of them. 
The thin coats of protective oxide had to be re- 
plenished occasionally for succeeding heat treat- 
ments. Chemical analysis before and after showed 
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Fig. 2—Log % C vs 1/7. 2(a) Chemically analyzed carbon 
contents corresponding to the five carbon levels of Fig. 1 
and Table I. 2(4) Summary of internal friction data as re- 
viewed by Wert.! 


no Significant reaction with the furnace atmosphere. 
An unmeasured slight delay in quench undoubtedly 
occurred due to the presence of this layer, but in- 
dications were that it was not significant. 

Samples were briefly soaked at 600°C between 
heat treatments for the dual purpose of stress re- 
lief and solutionizing the carbon. The samples of 
lower carbon content showed a tendency to remain 
supersaturated at equilibration temperatures, so 
that it was necessary to induce some precipitation 
in those samples by a prior heat treatment at 250°C 
after the solutionizing treatment. 

It will be apparent that time decay, being a meas- 
ure of difference in permeabilities due to diffusion 
of a solute, is not affected by most factors that in- 
fluence permeability per se. The use of the leveling- 
off temperature further removes objections that 
might have arisen otherwise, such as the effect of 
temperature of measurement. on the two perme- 
abilities, and possible nonequilibrium between 
phases in the irons. 


RESULTS AND DISCUSSION 


Fig. 1 contains the data for the individual levels 
of carbon, plotted as log (A1/z) vs 1/T. The as- 
sumption has been made that each sample’s data 


VOLUME 218, JUNE 1960-407 


i 


Table 1. C and N Content of the Infused a-Fe Samples 


Wt Pct C; Wt Pct N 

No. ads 
1 0.0023 + 0.0002 0.0006 + 0.0002 
Zz 0.0030 + 0.0005 0.0008 + 0.0002 
3 0.0039 + 0.0002 0.0006 + 0.0002 
4 

5 


0.0043 + 0.0004 0.0004 + 0.0002 
0.0066 + 0.0004 0.0020 + 0.0002 


lie on two straight lines whose junction is the 
leveling-off temperature, or temperature for com- 
plete solution of the carbide. These leveling-off 
temperatures are plotted in Fig. 2 against the log- 
arithm of the chemically analyzed total carbon 
content, where also comparison is made with in- 
ternal friction data.’ The junctions in Fig. 1 occur 
for A(1/u) which probably represent more carbon 
than the averages, but the corresponding tempera- 
tures do represent the average carbon values. 

The solubility of carbon in a@- Fe in the range 
covered in Fig. 2, Curve A, is a significantly lower 
than appears in the internal friction work. At 
600°C, the respective solubilities are 0.0065, and 
0.010 pct; at 400°C, 0.0016, and 0.0019 pct. The 
heat of solution, presumably for Fe,C, given by the 
present work is about 8,000 cal per mole, whereas 
the internal friction data give 9.700 cal per mole 
for Ad. 

In Fig. 1, the slopes of the inclined (lower tem- 
perature) parts of the individual plots are similar 
to the slope of Fig. 2, Curve A. This indicates that 
A(1/u) is proportional to dissolved carbon even in 
the presence of carbide, if it is assumed that equi- 
librium states were retained by quench up to and 
through measurement. It would otherwise require 
rather fortuitous balancing of errors to explain the 
Similarity of slopes within Fig. 1 and between Fig. 
1 and Fig. 2(a). 

Apparently these data would not be applicable to 
the determination of the proportionality constant 
between time decay and dissolved carbon, since 
the individual lines do not overlap in their inclined 
sections. This may be due to impurities affecting 
the absolute level of the time decay, although at- 
tempts to relate the discrepancies to analyzed 
nitrogen content were futile. A A(1/y) value of 
1.0 x 10-* was obtained with a batch of iron epsteins 
after decarburization and prior to infusion. Table 
I contains all the analytical results. Sample No. 3 
was slightly, and uniformly, oxidized accidentally 
after infusion; the oxide layer was etched away be- 
fore using this batch. Whether this oxidation 
caused No. 3 to diverge most in absolute level of 
the time decay as well as in slope, is not known. 

Thus, while each sample of Fig. 1 yields possibly 
only one usable piece of information, the leveling- 
off temperatures, these latter appear to be self- 
consistent in terms of Fig. 2. 

It is of interest to note that application in another 
way of the magnetic after-effect®’'* has indicated a 
carbon solubility in pure iron of 0.013 pct at 700°C. 
Their figure is much closer to that given by Fig. 
2(a) than by 2(6). This agreement makes it even less 
likely that factors like grain size, dislocation den- 
sity, texture and iron-equilibration explain the dis- 
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crepancy between internal friction results and the 
present report. 

This difference in solubility of carbon in a-Fe 
is herewith presented as a real difference, probably 
requiring an explanation on the basis of fundamental 
differences between the relation of the magnetic 
after-effect and the mechanical after-effect to dis- 
solved carbon, at least as they have been measured 
experimentally. Perhaps more data are needed to 
claim that the heat of solution, as obtained in the 
present work, is significantly different from 9,700 
cal, but the errors in absolute level of time decay 
that might (but may not) affect the individual slopes 
are highly unlikely to affect the leveling- off tem- 
peratures which yield the slope of Fig. 2(@). While 
the N contents were probably fully dissolved at the 
working temperatures, Sample 5 may have had its 
leveling-off temperature raised slightly by the high 
N content. 


CONC LUSIONS 


1) The time decay of permeability is a parameter 
which is proportional to %C in solution in body- 
centered iron, and can be used to observe the par- 
tition of carbon between solid solution phase and 
carbide. It should be applicable similarly to nitro- 
gen, as indicated by other work,*** and as theory 
postulates. 

2) The solubility of carbon in a@-Fe is somewhat 
less than has been given by internal friction work. 
As determined by the time decay, and as confirmed 
by indications from another laboratory utilizing a 
different aspect of the magnetic after-effect,° this 
solubility is 0.0065 pct at 600°C, for example, as 
compared with the currently accepted figure of 0.010 
pet. 

3) The heat of solution, AH, for iron carbide, pre- 
sumably cementite, is also somewhat less than has 
been accepted. The solution temperatures, as de- 
termined by the leveling-off of the total time decay, 
yield a AH of 8,000 cal per mol whereas internal 
friction has given 9,700 cal per mol. 

4) The discrepancy in solubility may be due to 
basic differences between the magnetic and me- 
chanical after-effects. Agreement with the inde- 
pendent time decay work of Ref. 12 appears to dis- 
count the possibility of some systematic error 
such as non-attainment or nonretention of equi- 
librium. 
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Comparative Experiments in Drawing, Rolling, and 


Extruding of Bars Through a Pair of 


Cylindrical Rollers 


Square bars of cold-drawn copper, mild steel and a 2024 
aluminum alloy were forced through an adjustable gap between two 
hardened steel rollers by pulling or pushing. The rollers were 
either free to rotate or were locked in position so that conditions 
comparable with drawing, rolling, and containerless extrusion 
could be created at will. Push or pull forces as well as roll sepa- 


rating forces were measured. Forming efficiency and coefficients 
of friction were determined. For slow-vate deformation the values 
of uw were between 0.09 and 0.14. Possibilities for further investi- 


gation are indicated. 


Tuis work was undertaken with the aim of a) deter- 
mining the principal parameters of cold drawing 
under simplified conditions directly, without re- 
course to speculative assumptions and b) comparing 
drawing with rolling and extrusion from the viewpoint 
of forces involved and deformation efficiency. 

Data of type a) relating forces in axially-symmet- 
rical drawing to die geometry, drafting schedules, 
material properties and lubrication conditions are 
abundant. Their intrinsic value is, however, limited 
as long as the radial die forces are unknown. On the 
other hand, the difficulties associated with measure- 
ment of these forces are serious as witnessed by the 
extreme paucity of such information.’ 

Comparative investigations of type b) were also 
remarkably few and they all employed ring-shaped 
dies through which round bars were either drawn 
or pushed.?~* Only in one case were the applied 
and the die splitting forces measured simultane- 
ously.” 

In order to simplify the problem, deformation 
under approximately biaxial conditions was adopted 
in the present work. This enables both the drawing 
(rolling, extruding) efforts and the separating forces 
to be measured with reasonable ease by conventional 
methods. 

Since drawing, extrusion, and rolling can be car- 
ried out under virtually identical conditions only in 
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a roller die, an adjustable tool of this type was con- 
structed. The circular die profile involved a dif- 
ficulty with interpreting the drawing and extrusion 
data. This was obviated by arbitrarily defining the 
angle between a contact chord and the drawing plane 
as the ‘‘equivalent’’ die semiangle. The simplifica- 
tion was considered permissible since the effect of 
die angle was not specifically investigated. 

An additional complication was caused by the 
Square cross section of the processed bars. This 
shape was selected as a compromise between the 
desire to have as massive as possible specimens and 
the capacity of the roller die. The metal was only par- 
tially restrained from spreading laterally, the flow 
conditions being therefore intermediate between 
plane stress and plane strain. On the Huber- 

Mises yield criterion the constrained and uni- 
axial yield strengths differ by up to 16 pct but the 
actual error due to the ignorance of the constraint 
factor was presumably much smaller than the 
maximum. 

In spite of these reservations it was felt that the 
method employed and results obtained have some 
merit. With certain further refinements to be in- 
dicated later, this technique can yield data perhaps 
more useful for checking metal forming theories 
than other, mostly indirect, methods. 


EXPERIMENTAL 


Materials— The metals used together with their 
principal mechanical properties are listed in 
Table I. 


VOLUME 218, JUNE 1960-409 


Table |. Principal Mechanical Properties of Materials Investigated. 


Yield Elon- Red. of 
Material Strength UTS gation, Area, 
Symbol and Condition Psi Pct Pet Size 
S’ C-1018 ~c/drawn 84.5 
Al-alloy, 2024-T4 50225 19:5. 32.8) 
C H.C. Copper, c/drawn 32.7 35.6 38:5- 71.9 % in. 


*Gauge portion; 0.270 by 1 in.; all others 0.505 by 2 in. 


These materials were selected so as to have 
i) significantly different strength levels; ii) both 
high and low rates of work hardening; iii) not too 
low a yield strength to avoid incidental upsetting 
and/or premature buckling under compressive 
f.cces of the material prior to entering the die 
during extrusion. 

The relation between the ultimate tensile strengths 
of the steel and copper was about 2.4 which satisfied 
i); both were initially cold drawn and had low work- 
hardening indices in the ‘‘as-received condition’’, 
while the aluminum alloy had a high hardening rate 
ii); their pretreatment (cold drawing, precipitation 
hardening) secured high initial yield stress values 
iii). The exact chemical composition or manufactur- 
ing history were of secondary significance for the 
purpose in view. Consequently, commercial quality 
materials were used throughout. 

Stress-Strain Properties of Materials—The data 
in Table I are given for reference purposes only 
and they say very little about forming behavior 
because of the directionality exhibited by cold-drawn 
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or rolled metals. With this in mind, compression 
tests were performed on cylindrical specimens 
(h:d= 1.2) machined from the test bars in the di- 
rection normal to the rolling plane. Compression 
was done in small stages in a suitable jig equipped 
with polished tungsten carbide platens greased with 
a mixture of lanolin and graphite powder. All the 
materials were tested both in the ‘‘as-received’’ 
condition as well as after various intermediate re- 
ductions. 

Forming Equipment—The roller die is shown in the 
close-up photograph in Fig. 1. It contained four 
bearing blocks (chocks) (A) assembled into two solid 
units by means of backing plates (B). The two hard- 
ened and ground 5.125-in.-diam by 1.5-in. face tool 
steel rollers (C) were keyed on short 2-in.-diam 
heat-treated shafts (D). These were journalled on 
McGill roller bearings type M040/M132 and were 
provided with double row thrust bearings on one end 
to eliminate lateral shifting. Parallel flats were 
milled on the other ends (D) of these shafts to make 
them fit into the cutouts in clamps (E). These clamps 
were screwed onto the chocks whenever the work 
rolls were to be prevented from rotation. Four 
1-1/8-in.-diam tie bolts (F) held the two roll sub- 
assemblies together with ample clearance provided 
between bolt and hole (~0.03 in.). 

The spacing between the rollers could be reset 
with the aid of two screws (G) mounted on cross-bars 
(H) and pressing upon the top faces of blocks (A) 
through hardened pressure pads (J) and load cells 
(K). The bearing ends of screws (G) were hardened 
and ground hemispherically and matching cavities of 


Fig. 1 (left)—Close-up view of roller 
die with specimen. Rolls immobilized 
by clamps E for drawing or extrusion. 
Fig. 2 (right)—Apparatus in operating 
condition (drawing). 
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a slightly larger radius were provided in pads (J). 

Each load cell consisted of a 1.750/1.2187 by 2-in. 
drill bushing upon which four SR-4 gages were ce- 
mented and connected to form a temperature com- 
pensated Wheatstone bridge. The output of the cells 
was recorded by a two-channel Brush oscillograph. 

The similarity of this equipment to that used by 
Yamanouchi and Hayashi’ is only superficial. Their 
experiments were limited to all pull rolling with no 
actual drawing done. 

Operation—The roller die assembly was suspended 
from the lower head of a tensile testing machine with 
the aid of saddle bars and tie rods, Fig. 2, showing 
the complete setup in operating condition. 

For test involving pulling through the die, one end 
of the specimen was usually milled down to a depth 
of 1/8 in. on two parallel sides. The reduced portion 
of the bar was used as a ‘‘leader’”’ which could freely 
pass between the rollers to be gripped by the jaws in 
the upper head. 

When necessary (e.g. for drawing), clamps E were 
Slipped over the flat ends of the shafts and bolted to 
the chocks thereby preventing the rolls from turning. 
For loose operating (rolling) the clamps were re- 
moved. 

At the beginning of the draw the distance between 
the rollers was adjusted to the maximum reduction 
desired. The bar was centered to obtain nearly equal 
readings on both load indicators and the machine set 
in motion. When a small length was reduced the 
pressure screws were loosened somewhat to take a 
lighter draft. This procedure was repeated several 
times. 

For pushing, the bars were held in an upright po- 
sition by a flat bottomed holder standing on the test- 
ing machine table, Fig. 2. In these operations the 
bars had a tendency to ‘‘wander’’ across the roll gap, 
especially when the rolls were fixed. This led 
eventually to buckling and limited the maximum ob- 
tainable reduction. 

The pull or push forces (referred to later as 
‘‘operating forces’’) were read directly on the scale 
of the testing machine. 

Calibration of the Load Indicating System— The 
load cells were first calibrated individually and then 
jointly in the working position by pulling the two 
halves of the die apart with the aid of a suitable rig. 

Potential Sources of Experimental Error—Errors 
in roll load measurement could have been suspected 
on accounts of friction between tie bolts (F) and the 
bores in the roll assemblies and that between the 
testing machine head and the backing plates (B). 

In addition, there was the lost work required to ro- 
tate the shafts in their bearings under load. 

The joint effect of the first two was proved negligi- 
ble by drawing a limited length of bar through the 
roll under the maximum load used (~ 50,000 Ib), un- 
loading the testing machine until the roller die hung 
loose, and restarting it again. After unloading, the 
rolls ‘‘sunk’’ into the bar, and the separating load 
decreased considerably. However, upon further 
drawing the separating force built up to exactly the 
same value as before. Similar tests were repeated 
at various intermediate loads with identical results. 

The bearing losses were checked by pulling through 
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Table Il. Lateral Spreading as a Function of Forming Method 
and Pass Severity. Material A. 


Final Size, In. Reduction, Pct of 


Operation Rollers Thickness Width Thickness. Section 
Pull Loose 0.7265 0.758 3.39 2.65 
Push Fixed 0.728 0.763 3.19 1.94 
Pull Loose 0.6915 0.764 8.04 6.71 

Fixed 0.6895 0.767 8.31 6.53 
Push Loose 0.693 0.771 7.84 5.65 
Fixed 0.693 0.781 7.84 4.41 
Pull Loose 0.621 0.778 17.63 14.66 
Fixed 0.622 0.778 17.50 14.48 
Push Loose 0.630 0.811 16.33 Shh 
Fixed 0.630 0.853 16.33 pals 


Initial Bar Size 0.752 by 0.752 in. + 0.001 in. 


the rolls a fully hardened steel bar which suffered no 
plastic deformation under the entire range of loads 
employed. The maximum pull required did not ex- 
ceed 300 lb at nearly 50,000 lb total roll force. Since 
this was less than 3 pct of the total power in the 
heaviest draft taken, it could be disregarded without 
involving serious errors. 


RESULTS 


Lateral Spread—The width to thickness ratio (~ = 1) 
of the bars was by far too low to reduce lateral 
spreading to a figure sufficiently low to approxi- 
mate plane strain deformation under all external 
loading conditions. This was very pronounced when 
the specimens were pushed through stationary rol- 
lers. 

Table II contains three groups of experiments, 
each group performed with a constant roll gap 
setting. At a draft of about 16 pct, around two-thirds 
of the displaced metal was pushed sideways and only 
one-third followed the direction of the applied force. 
AS a result, a 16 pct reduction of thickness was ac- 
companied by only 5 pct measurable elongation. The 
thickness and lateral strains became equal at about 
12 pet thickness strain for material A, at 14 pct for 
S, and at 16 pct for C. 

It is noticeable that the additional axial thrust 
necessary to force the metal through the rollers 
when these were stalled had a negligible effect on 
the reduced thickness of the bar and the roll sepa- 
rating force. 

Other figures in Table II show that spread was 
moderate in pulling tests representing about 1/5 
to 1/4 of the thickness strain. 

The significant spreading produced problems in 
connection with interpreting the results. These 
problems could not always be solved satisfactorily 
and attention will be drawn to this fact whatever 
appropriate. 

Flow Curves and Specific Deformation Work— 
Compression curves were determined for the ma- 
terial in the initial condition, see Table I as well 
as after several intermediate reductions in the die. 
The various curves were not identical, dieworking 
consistently resulting in more work-hardening than 
plain compression for identical thickness strains. 
As an example, Fig. 3 shows the difference between 
the ‘‘compression only’’ curve A, the intermediate 
compression curves B, C, and D obtained on pre- 
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Fig. 3—Determination of a representative stress-strain 
envelope E from several intermediate stage compression 
curves A to D. 


rolled specimens, and their envelope E. Analogous 
results were obtained in all other cases and no 
significant differences were found between rolled, 
drawn, or extruded bars after equal reductions of 
thickness, irrespective of the variable lateral 
spreading. This fact suggested that the thickness 
Strain rather than reduction of area should be taken 
as a measure of deformation. Accordingly, the 
envelopes corresponding to E in Fig. 3 were re- 
garded as representative of the actual stress-strain 
relations in forming. These envelopes are shown in 
the upper portion of Fig. 4. The curves for the two 
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Fig. 5—Roll separating forces (‘‘S*? curves) and push/pull 
efforts (‘‘O’’ curves) in reducing a heat treated aluminum 
alloy. F - rolls fixed, L - rolls loose. 
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Fig. 4—Stress-strain properties (6) and specific deforma- 
tion work (W,) of tested materials. 


steels were identical except for the first 10 pct of 
plastic strain, the S’ bars being somewhat softer than 
S in this range. 

The unit work of deformation was obtained by 
measuring the areas under the appropriate flow 
curves with a planimeter. 
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Fig. 6—Data like in Fig. 5 for cold-drawn copper. 
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A work curve corrected for the S’ branch is not 
shown in the diagram to avoid obscuring the picture. 


Roll Separating Forces and Die Operating Forces— 
In Figs. 5, 6, and 7 these two parameters are plotted 
as a function of thickness strain. 

When the draft approaches zero, the separating 
forces tend to assume a finite value. This is ex- 
plained by the ability of the metal to support a cer- 
tain load by elastic contact alone, without being 
plastically deformed. For a constant specimen width 
the magnitude of this load depends on the yield 
strength of the material and the elastic constants of 
the two bodies in contact. The thickness of the stock 
may also have some significance, since a high ratio 
of thickness to contact length increases the apparent 
yield strength. 

The operating force, applied as forward tension or 
back compression is the sole source of deformation 
power. With the rolls free to rotate in their low- 
friction bearings the power requirements (OL) ap- 
proach a zero value for zero draft since the energy 
of elastic compression is completely recoverable. 

In drawing through immobilized rolls, a frictional 
loss is always present due to sliding under load, 
even when no reduction is taken (curves OF). 

As is evident from the curves in Figs. 5 to 7, the 
roll forces remain nearly unaffected by quite large 
changes in the axial tension (compression) caused 
by alternately clamping or releasing the work rolls. 
One would naturally expect the separating force to 
be less during pulling through fixed than through 
loose rolls, as was actually the case with steel, 

Fig. 7. Unexpectedly, however, the same effect was 
observed during pushing, with curve SF running 
below SL, although the opposite order would have 
been the ‘‘logical’’ one. 

Frictional Losses and Forming Efficiency—The 
operating force per 1 sq in. of bar cross section 
at the plane of entry or delivery (for pushing or 
pulling operations, respectively) also represents 
the deformation work W,* per unit volume in lb-in. 
per in.*. The difference between W,* and the theo- 
retical minimum work of frictionless compression 
W,, Fig. 4, thus represents a net loss. The efficiency 
of the process is defined as n = W,/W,* X 100 pet and 
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Fig. 7—Data like in Fig. 5 for cold-drawn mild steel. 


it varies within broad limits, Fig. 8. 

With n reaching 80 to 90 pct, rolling (L curves) is 
clearly much superior to drawing from this viewpoint 
though even here the efficiency is relatively low at 
light drafts. 

Both in drawing and extrusion (curves F) 7 rises 
from nil to between 40 and 70 pct at 15 to 20 pct 
draft. It appears, however, that the curves tend to 
flatten out gradually and to even drop over when a 
certain maximum is exceeded. 

Elastic Distortion of the Contact Arc—If the roll 
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Fig. 8—Forming efficiency diagrams: 
F-rolls fixed, L-rolls loose, 1 and 2 - 
pull, 3 and 4 - push. 
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Fig. 9—Roll flattening indices L,/Ly and Lp/L assuming 
Hertz contact conditions alternately for steel on steel 
(E = 30 x 108 psi) and for aluminum on steel (E = 15.3 

x 108 psi). Material A. Rolls: F-fixed, L-Loose. 


were perfectly rigid (E =~) and the rolled metal 
not recover elastically, the projected length of 
contact would have been Lp = UR, 6 + 6°/4) =V(Ko 5) 

V(D, 5/2) where R,(D,) is the nominal roll radius 
idinaieter) and 6 is the draft. In actual fact the 
elasticity of both bodies increases the contact 
length above the Lp value by a quantity dependent 
on the elastic moduli of the metals in contact, the 
linear load intensity across the roll gap, and the 
diameters of the rolls. 

Hitchcock’s expression allowing for this factor 
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Fig. 11—Specific roll pressures. Material S. 
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Fig. 10—Specific roll pressures. Materials A and C. 


can be conveniently represented by L = V(L, : 

+ Ly’) where Ly = 2.15V(P,D,/E) is the Hertzian 
contact length between two parallel elastic cylinders 
pressed against each other with a uniform linear 
force 

In flat-forming of narrow bars, the vertical pres- 
sure falls off rapidly from the vertical center plane 
towards the edges. In order to partially compensate 
for this, spreading was disregarded and the roll 
load P was assumed to be uniformly distributed 
across the original width of the bar 6). An assump- 
tion of this kind had to be made to approach a linear 
force figure P, representative of truly biaxial strain- 
ing, Such as may exist in the vertical plane of sym- 
metry of a test bar. Ly and L were then calculated 
on this basis. 

In the present tests, the processed materials 
were quite massive and it seemed proper to re- 
gard the effective elastic modulus of roll and work 
as E=2E,E,/(E, + Ez). Since E(steel) = ~ 30.0 x 10°, 
E (copper) =~ 15.6 x 10°, and E(aluminum) = ~ 10.6 
x 10° psi, the appropriate effective moduli are 30.0, 
20.5, and 15.3 x 10° psi for steel rolls on steel, cop- 
per, and aluminum, respectively. 

The difference in the calculated contact lengths 
using alternately E (roll) throughout or the effective 
(mean) modulus is greatest in the case of alloy 2024. 
The point is illustrated in Fig. 9 where the ratios 
L,/Lyand L,/L are plotted for the two assumptions 
as a function of reduction. 

Specific (Mean) Roll Pressure—The mean roll 
pressure was p= P/(L0,) = P,/L and the resulting 
graphs are shown in Figs. 10 to 11. 

Despite the differences in their stress-strain 
relations, Fig. 4, the specific pressure data of the 
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aluminum alloy and copper specimens were rather 
similar and they remained fairly constant over a 
broad range of reductions, Fig. 10. The steel be- 
haved in a different way, Fig. 11, the unit pressure 
falling off rapidly with increasing draft. 

The behavior of steel can be possibly ascribed to 
the high initial elastic limit combined with a low 
strain-hardening rate of the metal. The low ratio 
of contact length to bar thickness (~0.2-0.3) may 
also contribute to the observed effect since the ap- 
parent yield stress is likely to be raised by the 
constraint exerted by the bar interior upon the 
material adjacent to the roll surface. The effective- 
ness of this constraint decreases as the L/h, ratio 
grows with increasing draft. Taking the average 
thickness h, ~ h2+ 6/4 (h2-thickness at exit) the 
aforementioned ratio is only about 0.2 at 0.25 pct 
reduction, but changes to 0.3 at 1.2 pct and to 0.5 at 
a 4.8 pct draft. 

It is likely that similar drooping pressure char- 
acteristics might have been found in A and C at 
very light reductions which were hard to preset on 
the roller device. 


Effect of Lubrication and Slippage on Frictional 
Losses—In this series of tests a mineral general 
purpose lubricating oil was used throughout. Several 
operations were run with castor oil, a drawing com- 
pound, or with no lubricant (degreased surfaces) but, 
surprisingly enough, no significant effects on sepa- 
rating or drawing force were noticed. In the absence 
of a better explanation it was thought that perhaps 
the very low speed of about 1 in. per min did not 
create conditions favorable for the entry of the 
lubricant into the roll gap. The lateral spread which 
is normally quite sensitive to a change in frictional 
conditions was also unaffected by a change in the 
type of lubricant. 

The amount of relative slippage between roll and 
material had a considerable influence on power con- 
sumption as was already shown in Figs. 5 to 8. In ad- 
dition, several experiments were made so as to in- © 
clude a condition intermediate between fixed and 
loose rolls,z. e. with one roll stalled and one free to 
rotate. Typical results of these are shown in Table III. 

Assuming that the parameters of the intermediate 
condition are likely to represent mean values be- 
tween the two extremes, the expected forces P 
should have been 18,750 and 4,800 lb and the T’s 
6,175 and 880 lb, respectively. These figures are in 
good agreement with those actually measured. 

Group b) in Table III shows that in relatively 
severe drafts (here 28.5 pct) the effect of tension on 
the separating force becomes very pronounced. 
Similarly, in a test where S* was reduced in thick- 
ness from 0.498 to 0.337 in. (32.3 pct) the separating 
force was 26,000 lb with locked and 34,200 with 
loose rollers. The corresponding drawing forces 
were 12,400 and 8,000 lb. 


DISCUSSION AND CONCLUSIONS 


In order to completely analyze the collected data, 
some universal theory treating all the procedures 
used from a single standpoint would be required. 

It might appear at first sight that Sachs and Kling- 
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Table Ill. Effect of Slippage on Mill Forces: (a) Material S’ Reduced 
from 0.498 by 0.498 in. to 0.423 by 0.510 in.; (b) Cold-Rolled Copper 
Strip 0.081 by 0.379 in. Reduced to 0.058 by 0.402 in. 


Rolls Force P Force T 

a) Both F 17,500 8,400 
Both L 20,000 3,950 
1F and 1L 19,700 5,900 

b) Both F 3,600 1,150 
Both L 6,000 610 
1F and 1L 5,000 880 


ler’s analysis of plane forming operations® could be 
employed for this purpose. Unfortunately, their 
expressions apply only to conditions where the 
length of contact exceeds several times the thick- 
ness of the stock‘ and cannot. therefore, be used in 
the present case. 


In the absence of a dependable rigorous theory, 
neither the pressure distribution nor the frictional 
conditions in the die gap can be accurately computed 
from roll force and power data. This is especially 
true with rolling where the frictional drag at the 
interface changes its sign at the neutral plane and 
the relative sliding velocity of the two surfaces 
varies between zero and a maximum. In drawing or 
extrusion not only is the frictional force of the same 
sign all along but also the variation of sliding speed 
between entry and exit is relatively small. The as- 
sumption of a constant coefficient of friction along 
the die is thus more likely to hold for these two 
processes than for rolling. Moreover, such limited 
evidence as exists regarding the actual pressure 
distribution in drawing (8) suggests a fairly con- 
stant pressure along a substantial part of the die 
throat. 

With all this in mind, the authors computed the 
approximate values of pu for drawing and free ex- 
trusion from their data. Since the advantages to be 
gained through using Sachs and Klingler’s® rather 
complex equations were unobvious, the metal between 
the rollers was regarded as a simple truncated 
wedge with an apex semi-angle equal to @ = tan™ 
(5/2L) and a length L from Hitchcock’s formula. The 
equilibrium conditions of such wedge are given ap- 
proximately by T/2P = tan (a+ p) where T is the 
operating tensile or compressive force, P the roll 
load, and p the friction angle (tan p = yu). This 
formula is reasonably accurate for a<10-15° but 
its reliability decreases beyond that range. It can 
be easily transformed into p = (T — 2P tan a)/ 

(2P + T tan a) which is more convenient to handle. 
Typical uw values are presented in Table IV. These 
coefficients exceed those found by Wistreich’ in 
drawing copper wires through a split die by a factor 
from 3 to 5. 

The difference may be partly ascribed to the more 
efficient dry soap lubrication used by Wistreich. It 
is also questionable whether the radial pressure 
distribution in a split die was uniform, as he as- 
sumed it to be. 

For small values of a the average pu can also be 
determined by using the relation between W,*, W,, 

T and P. The portion of operating force T expended 
to overcome the frictional resistance is T(W,*-W,)/W,*. 
For slippage on nearly parallel surfaces 
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Table 1V. Computed Coefficient of Friction for 
Selected Schedules. Rolls Fixed in All Tests. 


Draft Roll Push, Contact Semi- Coeffi- 
6 Force, Pull, Length Angle cient of 
Pct 10“ in. P, 10*lbs. L,10-in. Tanx10~* friction, 
a) Material A, pushed. 

1.0 (8S 12.8 3.0 215 18 0.10 

332 24 19.75 4.65 320 38 0.084 

7.8 59 28.1 8.75 461 64 0.092 
12.0 90 37.9 14.0 560 82 0.103 
16.3 123 47.0 19.0 651 94 0.106 

b) Material C, pulled. 

3:0 25 10.25 Bios) 293 46 0.118 
10.4 78 14.5 6.63 454 86 0.140 
17.0 127 17.0 7.65 604 106 0.116 
178 21-5 706 126 0.142 

c) Material S, pulled. 

10 5255 241 21 0.11 

Sa 23 24.5 6.52 301 38 0.095 

4.95 37 Lilwd 8.3 358 52 0.10 

9.5 71 30.9 10.9 470 76 0.098 
19.25 144 38.0 16.5 646 106 0.105 

d) Material S, pushed. 

0.3 253 14.0 3.45 151 Te 0.116 

5.25 223 DES 0.100 

4.8 36 30.35 8.77 361 50 0.094 

8.9 66.5 36.2 13575 467 file 0.118 


T(1-W,/W,*)/2P = T (1 -n)/2P 


The results of such calculations performed with 
the present data agree with those cited in Table IV. 
In the absence of a reliable rolling theory appli- 

cable to the roll gap geometry employed here, no 
attempt was made to derive uw from ‘‘loose rollers’’ 
data. 


In conclusion, it appears that plane drawing en- 
ables the mean coefficient of friction to be evaluated 
easier and in a more tangible manner than is the 
case with various other forming procedures. Future . 
experimentation on these lines should be directed 
towards eliminating the uncontrollable spread by 
employing sufficiently wide specimens. The effect 
of specimen thickness and drawing speed on p and 
die forces and energies can also be investigated on 
similar equipment. It should be possible to utilize 
the basic data obtained in this manner in the an- 
alysis of other processes where plastic flow takes 
place in a more complex manner than in plane 
drawing. 
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Mechanical Properties of Magnesium Monocrystals 


Experiments were conducted on magnesium monocrystals in 
order to collect quantitative information on the mechanisms which 
limit the vate of basal slip. Using critical shear stress and creep 
data, activation energies for creep at low and at high temperatures 


were derived. The activation energy at low temperatures is the 
same as that for jog formation and the activation energy at high 


temperatures agrees with that for climb. 


CortrEL has suggested that at low temperatures, 
the expansion of dislocation loops under stresses 
near the yield strength is limited by the rate at 
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which the expanding loops can cut the ‘‘forest’’ of 
dislocations passing through the glide planes.’ On 
the basis of this mechanism, Seeger” has derived 
expressions for low-temperature creep and for the 
relation of flow stress of single crystals to tempera- 
ture. In the work reported here, the authors have 
performed experiments designed to obtain quantita- 
tive data on the physical properties of the disloca- 
tion intersection mechanisms operating during basal 
Slip in pure magnesium monocrystals. 

Above a critical temperature, dislocations thread- 
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Fig. 1—Vaporization etch pits on the surface of as-cast crystals. (a) (0001) facets, (6) (1011) facets,(c) (1010 facets. 
X100. Reduced approximately 37 pct for reproduction. 


ing the glide planes are no longer effective barriers 
to gliding edge dislocations. Instead, one of the 
theories of creep* suggests that a rate-limiting 
process is the drag on gliding screw dislocations 
caused by the formation of either vacancies or 
interstitials during the nonconservative motion of 
jogs in the screw dislocations. Another theory ap- 
plicable to creep by slip on a single system of 
parallel planes suggests that the relief of back- 
stresses on dislocation sources by climb of dislo- 
cations out of pileups is a basic rate-limiting me- 
chanism.” * In both cases, the formation and migra- 
tion of point defects is an intrinsic part of the rate- 
limiting mechanism. Therefore, the models predict 
that the activation energy for creep should be close 
to that of self-diffusion. In this investigation, an 
activation energy for basal slip at high temperatures 
was derived from creep tests on magnesium mono- 
crystals. 


SPECIMEN PREPARATION 


Spherical magnesium monocrystals, 25 mm in 
diam, were grown in a helium atmosphere by slow 
solidification in a high-purity graphite mold. A 
solid-liquid interface speed of 18 mm per hr con- 
sistently produced crystals. Analysis of the melting 
stock* in weight percent was: 0.003 Al, 0.002 Fe, 


*Stock and its analysis were kindly supplied by the Dow Chemical Co. 


0.006 Mn, 0.001 Cu, Ni, and Sn, and 0.01 Ca, Pb, Si, 
and Zn. 

The spheres were ‘‘acid machined’’ to 9.5-mm 
diam cylinders with the basal plane perpendicular to 
the cylinder axis by a technique similar to that of 
Parker and Washburn.” Accurate orientation of the 
basal plane was accomplished by optical goniometry 
utilizing the microscopic vapor etch pits densely 


distributed over the surface of the as-grown spheres. 


These pits, pictured in Figs. 1(a), (b), and (c), were 
walled with facets parallel to the (0001), (1011), and 
(1010) planes. Characteristic features of the pits 
were the hexagonal shape of the (0001) pits and the 
straight sides of the (1011) and (1010) pits which 
were parallel to the lines of intersection of these 
planes. Generally, the (1010) pits were more per- 
fectly formed than the (1011) pits. The crystals 
were cleaned with a 20 pct aqueous HCl solution 
followed by thorough rinsing in distilled water and 
finally in methylene. The crystals were specular, 
and X-ray diffraction spots obtained from the pre- 
pared surfaces were free from distortion. 
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Stressing was done in Bausch-type apparatus 
wherein a shearing force-couple is maintained paral- 
lel to the slip plane and slip direction during plastic 
flow. This causes the resolved shear stress on the 
Slip plane to remain constant with increasing strain. 
The Bausch technique was preferred to simple ten- 
Sile stressing for these investigations since tensile 
elongation causes the slip plane to rotate toward the 
stress axis with a consequent rise in resolved shear 
stress. Most of the tests were conducted in a dead- 
loading apparatus, but one set of critical shear 
stress determinations was made on an adaptation of 
the shear-type apparatus to a constant rate, screw- 
driven testing machine, referred to hereafter as the 
Instron machine. In the first apparatus, shear was 
measurable to about 10 ° in. 

To prevent spurious plastic deformation of the 
crystals during gripping, steel sleeves were ce- 
mented concentrically with the cylinder axis of the 
crystal on either side of a 5.1-mm gage length, and 
gripping was done on these sleeves. Orientation of 
the slip direction in the finished sample was checked 
by back-reflection Laue X-ray technique, and total 
orientation error was always less than 3 deg. Since 
careful microscopic examination of the deformed 
samples revealed only basal slip lines, it was con- 
cluded that the stress state in the sample success- 
fully approximated simple shear on the basal planes. 

Room-temperature tests were made in air, ele- 
vated temperature tests ina silicone oil bath, and 
low-temperature tests in a mixture of dry ice and 
acetone (194°K) and in boiling liquid nitrogen (78°K). 


CRITICAL SHEAR STRESS MEASUREMENTS 


The critical shear stresses of a number of crys- 
tals were determined in the temperature range of 
78° to 528°K, corresponding to homologous tempera- 
tures of T/Ty = 0.08 to 0.57 923°K). Generally, 
the crystals were incrementally stressed by making 
additions of 1 g per sq mm per min. The lowest 
stress to produce a plastic shear of about 107? in 
1 min was defined as the critical shear stress. One 
series of tests was made on the Instron machine 
using a constant shear strain-rate of 10°° per min; 
critical shear stresses were taken to be the stress 
corresponding to the first measurable deviation from 
linearity of the autographically recorded load-dis- 
placement curve. The sensitivity to plastic flow in 
both tests was about the same, and the limit of error 
of the measured flow stress was + 1 to 2 g per sq 
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Table |. Relation of Critical Shear Stress to Temperature 


Critical 
i-1 Shear 
> Atn, Stress 
Crystal Temperature TY, n=l Co; 
Number °K g/mm?2 g/mm?> g/mm*  g/mm?° 

12 295 0.32 55 = - 55 
31 486 0.53 50 = - 50 
43 497 0.54 46 = - 46 
33 528 0.57 40 = - 40 
44¢ 462 0.50 51 1 0 51 
295 0.32 52 5 1 51 

194 0.21 63 2 6 57 

295° 0.32 65 1 13 51 

78 0.08 84 = 14 70 

15! 534 0.58 44 3 0 44 
498 0.55 45 3 3 42 

462 0.50 48 4 6 42 

415 0.45 52 4 10 42 

295 0.32 61 3 14 47 

77 0.08 87 = 17 70 


2 dh = measured flow stress in i-th test 
OAT. = strain hardening accumulated in i-th test 


i-1 
Atn; the critical shear stress 
n 


4tested by incremental loading 

*accidentally strain hardened to a yield strength of 65 g per sq mm at 
room temperature 

ftested in the Instron testing machine at constant shear strain rate of 
0.01 per min. 


mm. To eliminate scatter in data due to structural 
differences in specimens, the effect of temperature 
on the critical shear stress of the same crystal was 
measured on two specimens over a wide temperature 
range. The first tests were made at the highest 
temperature in the series and successive tests with 
one exception were made at lower temperatures. The 
critical shear stresses on all tests after the first 
were calculated by deducting the total strain harden- 
ing accumulated in previous tests from the measured 
flow stress, Table I and Fig. 2. Because recovery at 
high temperatures might be expected to introduce 
some error to this approximation, the temperature 
changes were made as rapidly as equilibrium could 
be obtained, and strain hardening accumulated in 
each test was held to the minimum possible value. 
The data shown in Table I attest to the validity of 

the approximation since they show that in the tem- 
perature range of 295° to 534°K, the measured yield 
strength in any test was essentially the same as the 
last flow stress in the previous test at a higher tem- 
perature. This indicates that no significant change in 
flow stress due to recovery occurred in the interval 
between the tests. Further, on crystal 44 the cor- 
rected room temperature critical shear stresses 
obtained before and after a test at 194°K were the 
same. These reasons allowed the authors to con- 
clude that any error in flow stress arising from use 
of this technique was less than 1 g per sq mm and 
that these data adequately described the temperature 
dependence of the critical shear stress. 

The data in Fig. 2 show that the critical shear 
stress decreases from about 70 g per sq mm at 78°K 
to an average value of 51 g per sq mm in the neigh- 
borhood of room temperature. At temperatures 
above about 350°K the critical shear stress is es- 
sentially independent of temperature and lies between 
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Fig. 2—Relation of critical shear stress to temperature. 


about 40 and 51 g per sq mm. The experiments on 
crystals 44 and 15 demonstrate this insensitivity to 
temperature, but the scatter in absolute values ob- 
tained from the various virgin crystals attest to the 
sensitivity of the critical shear stress to the struc- 
ture of the sample and to small deviations in history. 
The room-temperature critical shear stresses ob- 
tained in this investigation fall within the range of 
38 to 68 g per sq mm reported in the literature,°-*° 
but the low-temperature data fall below the results 
of Conrad and Robertson.® 

Seeger” has shown that if dislocation intersection 
limits flow rate under a given stress, the flow stress 
should vary with temperature according to the re- 
lation: 


T = 1, + E/bld—(kT/bld) [NAb [1] 
up to a critical temperature given by: 
T, = E/k (NAb v, [2] 


In the above expressions, E is the average energy 
increase caused by intersection of two dislocations, 
6 is the Burgers vector, / is the average spacing of 
dislocations threading the gliding planes, d is their 
effective ‘‘diameter,’’ N is the density of threading 
dislocations holding up gliding dislocations, A is the 
area Swept out by the gliding dislocation segments 
between retardations, v, is the vibrational frequency 
of the dislocations, and y is strain rate. The Te 
term arises from long-range stress-field interac- 
tions of dislocations and will vary with temperature 
only so far as do the elastic constants of the ma- 
terial. Above the critical temperature, flow stress 
will be 7. The experiments reported here were not 
sufficiently sensitive to detect the variation of To 
with temperature. 
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Fig. 3(a2)—Progress of shear strain with time for crystals 
crept under a shear stress of 60 g per sq mm. 


If the activation volume, b/d, were known, E could 
be obtained from Eq. [1] using the critical shear 
stress data. The activation volume can be measured 
by determining the change in creep rates resulting 
from sudden stress changes. A number of such ex- 
periments were conducted at room temperature and 
the activation volume calculated using a relation de- 
rived from Eq. [1]: 


bid = [kt/(T2— 7, )] In (45/71) [3] 


From the results of these tests, Table II, the average 
activation volume was shown to be 3 x 10°*° cm?. 
Assuming that d is about three times b because of 
dissociation of the dislocations, this corresponds to a 
density of dislocations threading the glide planes of 
about 10° per sq cm, a reasonable value for crystals 
prepared by solidification. Also, in agreement with 
the theory of glide on a single slip system, b/d does 
not change systematically with increasing strain. 
This value of activation volume may now be used 
to calculate the average intersection energy, E, 
employing Eq. [1]. Extrapolating the critical shear 
stress data to absolute zero to obtain 7,0, and using 
the range of T- values obtained here, and the value 


Table II. Effect of Sudden Stress Changes on Creep Rate 
at Room Temperature 


Strain at Stress y, Before y, After Activation 
Crystal Stress Change, Stress Change, Stress Change, Volume, 
Number Change, y g/mm* Min- 1 Min~-1 Cn? 
10 0.0474 70to72 4.5 x 10 4.0 x 107° 
0.0784 72to70 2.2~x 7.0 x 107° 2.3 x 
0.0870 70to72 3.0~10-* 1.4 x 10“ 
0.1030 72 to 74 1.2 x 10-* 4.7 x 10 2.8 x 107” 
11 0.157 70 to 72 1.8 x 10~* Lx 0 4.7 x 10-” 
32 0.0233 60 to 55 1.1 x 1.4 x 10° 
0.0242 55 to 60 5.0 x 107° 6.0 x 10-° 1.8 x 107” 
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Fig. 3(4)—Progress of shear strain with time for crystals 
crept under a shear stress of 65 g per sq mm. 


of activation volume just obtained, the intersection 
energy is found to be 0.6 + 0.2 ev. 

A similar analysis of Conrad and Robertson’s® 
data on the temperature dependence of critical shear 
stress yielded for E about 2 ev. The discrepancy 
arose from their high value of critical shear stress 
(125 g per sq mm) at 78°K. 


CREEP TESTS 


A number of creep tests were conducted at room 
and elevated temperatures under stresses of 60 and 
65 g per sq mm*. These stresses produced experi- 
mentally convenient creep rates over the tempera- 
ture range studied. The creep curves obtained are 
shown in Fig. 3(@) and(d). Cottrell’ has observed 
that many such creep curves may be fitted to the 
relation: 


[4] 


where y is the total strain y, is the ‘‘instantaneous”’ 
plastic strain obtained on loading, and / is time. In 
these experiments, y was approximated by the 
strain five seconds after load application was started. 
Load application consumed about 3 sec. Especially 
at the high temperatures, percent error due to this 
approximation was small. The difference between 
total strain and instantaneous strain shall be termed 
the ‘‘creep strain,’’ hereafter. 

An evaluation of the parameters 8 and n, for the 
various creep curves was obtained from plots of 
log (y— ¥) against log ¢, Figs 4(a) and (6). It was 
observed that the slopes, v, of the creep curves so 
plotted showed a discontinuity at a time designated 
here as t,. The values of the parameters measured 
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Fig. 4(2)—Log creep-strain vs log time for crystals 
stressed at 60 g per sq mm. 


from the two segments of all of the curves are given 
in Table III. Since ¢, falls between 1/2 and 6 min in 
creep tests lasting up to one-hundred minutes, it is 
considered that the set of parameters obtained from 
the segment of the curve at times greater than fx 
are the more accurately known. 

The data show that the time exponent for times 
less than t, increases with stress but at times 
greater than ¢,, it ranges from about 0.1 to 0.3 but 
does not appear to vary systematically with either 
stress or temperature. On the other hand, the 
parameter, f£, is strongly dependent on temperature 
in both segments of the curves. A functional rela- 
tion between £6 and temperature will be evolved be- 
low. 

There exists no quantitative theory for decelerating 
creep which may be used to guide the analysis of the 
elevated temperature creep data. Therefore, it was 
necessary to uSe an approach in which it was as- 
sumed that creep rate, y, is related to temperature, 
T, at any creep strain,(y— y,.), and stress, 7, by: 
= Cf(T) (vy — %)" exp (— Q/RT) [5] 
where Q represents an activation energy, f(T) is an 
unknown stress function, and C is, to a first approxi- 


Table Ill. Creep Curve Parameters for the Relation y — y, = Bt” 


Crystal Stress, _Temperature, p< t 

Number g/mm’ °K T/T B n Min B n 
32 60 0.016 0.18 2 0.017 0.09 
34 60 417 0.45 0.13 0.34 2 0.14 0.28 
37 60 464 0.50 0.15 0.34 - 0.15 0.34 
39 60 505 10°55 0.8 0.23 1 0.8 0.16 
12 65 25a 0532 0.008 0.5 2 0.009 0.18 
17 65 360 0.39 0.005 0.7 "% 0.04 0.25 
26 65 466 0.49 0.15 0.5 6 0.45 0.14 
24 65 476 0.51 0.35 0.6 6 0.75 0.28 
23 65 495 0.53 0.8 0.4 2% 0.9 0.18 
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’ Fig. 4(4)—Log creep-strain vs log time for crystals 
stressed at 65 g per sq mm. 


mation, a constant independent of stress and tempera- 
ture. 

The empirical relation of creep rate to creep 
strain may be obtained by eliminating time from Eq. 
[4] and its derivative. On the basis of the resulting 
equation and Eq. [5], then, the empirical creep curve 
parameters are related to stress, 7, and tempera- 
ture, T, by: 


K =n BY"= Cf(7) exp (-@/kT) [6] 
from which the activation energy, @, may be evalu- 
ated from the slope of a plot of InK vs 1/T as in 

Fig. 5. Values of 8 and n obtained from the segment 
of the creep curves at times greater than ¢, were 
used since these applied over the longest time inter- 
vals. From these data, the activation energy, Q, 

is 1.5 40.3 ev. The difference between the curves 
for the two stresses shows that f(7) increases by a 
factor of about 50 as stress is increased from 60 to 
65 g per sq mm. Although data of the type neces- 
sary to define the functional relationship between 
creep rate and stress were not obtained in this in- 
vestigation, it may be remarked that the very large 
effect of the small stress range suggests a relation 
of the type: 


f(t) = 


where (7—7*) is probably related to the average ef- 
fective stress on the retarded dislocations. Accord- 
ing to Weertman,* p should be about 4. 
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Fig. 5—Relation of elevated temperature creep curve 
parameters to temperature where creep strain is related 
to time by (y- Y)) =B’” making creep rate related to creep 
strain by 


y = nBl/my— 


STRESS-CHANGE TESTS AND RECOVERY 


A number of stress-change tests were done at 
temperatures near 0.5 T,, to explore the relation 
between stress and creep rate near this tempera- 
ture, and the results of one of these tests are 
shown in Fig. 6. It was found that the effect of 
stress change on creep rate was masked by tran- 
sient effects. As Fig. 6 shows, the creep rate 
decreased suddenly upon decreasing the stress, 
but with progressive creep at the lower stress, 
the creep rate tended to increase at a decreasing 
rate. Furthermore, upon reapplying the original 
stress, creep rate became greater than last ob- 
served prior to the stress decrement. These 
phenomena were most clearly observed at stresses 
near the critical shear stress. These two observa- 
tions show that a recovery mechanism which over- 
balanced the strain-hardening occurred during the 
‘rest period’’ at the lower stress. 

Suitable experiments demonstrated that those 
transients were not the result of the technique of the 
addition and subtraction of stresses. Crystals 
rested only momentarily showed no transient, but the 
same specimens rested at the same stress for suf- 
ficiently long periods (as short as ten minutes) would 
exhibit the transient effect. Since the magnitude of 
the effects was not reproducible, no quantitative 
data will be reported here. It will merely be stated 
_ that a recovery mechanism operating concurrently 
with plastic flow at temperatures near Tm/2 may be 
revealed by stress increment-decrement tests if the 
stresses used are low enough for creep rate to be 
sufficiently slow. While this recovery was signifi- 
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Fig. 6—Example of results from stress-change experi- 
ments at elevated temperatures. Temperature of test was 
495 (2.7), =*0 .58)s 


cant enough to cause the transient effects just de- 
scribed, it was not sufficiently strong to affect the 
value of flow stress measured as noted earlier. 


MISCELLANEOUS OBSERVATIONS 


Several of the creep tests conducted with stresses 
near the critical shear stress produced creep curves 
other than the usual parabolic type. The most fre- 
quently observed deviate was accelerating creep. 
Similar observations have been made by Conrad and 
Robertson.” Accelerating creep appears to be a 
manifestation of delayed yielding. 

Small anelastic strain recovery was observed when 
stress was removed at the termination of a number 
of the elevated temperature creep tests. This phe- 
nomenon was erratic in behavior, being absent in 
some tests and observable in others. 


DISCUSSION 


Low Temperature— The low-temperature creep 
data presented above has been analyzed in terms of 
the theory which states that jog formation limits the 
rate of basal slip at low temperatures. Seeger’® has 
pointed out that the total energy of jog formation by 
intersection will be the sum of the elastic strain or 
line energy of the jog and the energy to collapse the 
stacking fault. He also suggested that the line energy 
per unit length of an edge dislocation, given by tiie 
is about ten times that for a jog because the stress 
field of a jog is short range. Assuming that the 
length of a jog formed by an intersection process in 
a dislocation gliding on the basal plane of an hep 
crystal is c(1—(3/8)(a/c)*) and using for the shear 
modulus parallel to the basal plane of magnesium, 
yu. = 1.6 X 10" dynes per sq cm,” the line energy of 
a jog will be 0.43 ev. The stacking fault collapse 
energy has not been calculated for magnesium, but 
it should be nearly the same as that for aluminum 
since both are polyvalent and close-packed.*° Schoeck 
and Seeger’® have calculated that the energy to col- 
lapse a stacking fault in an edge dislocation in alumi- 
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num is about 0.2 ev. Summing the two energy con- 


tributions, we obtain about 0.6 ev. for the energy for 
jog formation in magnesium, in good agreement with 


the average intersection energy determined here 
experimentally. 

Actually, energies of the various intersection 
processes occurring in the creeping crystal exist 
over a spectrum ranging from near zero to a maxi- 
mum value corresponding to a screw-screw inter- 


section, about 1 ev, with the intermediate values de- 


pending on the relative orientation of the Burgers 


vectors and the directions of the dislocation lines of 


the intersecting pair. Therefore, the activation 
energy measured by the technique discussed above 
represents a Statistical average of the spectrum. It 
is reasonable that the energy of one jog should ap- 
proximate the average energy of the spectrum. 

It was possible to compare the results of the 
stress-change tests conducted here with those of 
Conrad and Robertson® from which they derived a 
quantity, B = (kT)bid, (see Eq. [3]). Similar treat- 
ment of the data obtained here gave B = 0.73 + 0.21 
mm/*/g. This is in good agreement with both the 
level and the range of scatter of B obtained by Con- 
rad and Robertson. The temperature dependence of 
this quantity below room temperature was not de- 
termined in these experiments and the transient 
effects observed in the stress-change tests at ele- 
vated temperatures demonstrated the invalidity of 
this approach at high temperatures. 

High Temperature— Roberts”® has studied tran- 
sient creep in polycrystalline magnesium at tem- 
peratures in the range employed in the investiga- 
tion reported here. The proportionality constant 
between creep rate and creep strain derived from 
his data for creep under a tensile stress of 1250 
g per sq mm is plotted in Fig. 5 along with the 
corresponding data obtained here on monocrystals. 
Although no correlation with reference to stress 
may be made between the tests on the monocrys- 
tals and the polycrystals, it is significant that both 
parameters appear to be related to temperature in 
the same way. This suggests that the activation 
energies for transient creep of mono- and poly- 
crystalline magnesium are the same. The activa- 
tion energy derived from the experiments re- 
ported herein was 1.5 + 0.3 ev, and this agrees 
well with the average value of 1.4 ev. obtained 
from Roberts’ data. 

Current theories of high-temperature creep*’* 
suggest that the rate-limiting process is the 
generation and migration of point defects, making 
the activation energy for creep about that of self- 
diffusion. Shewmon and Rhines’® have found that 
the activation energy of self-diffusion in poly- 
crystalline magnesium is 1.4 ev. Therefore, it 
appears that the data obtained here on creep of 
magnesium by slip on the basal plane and the data 
obtained by Roberts on polycrystalline magnesium 
are consistent with the current theories of high- 
temperature creep. The reservation must be 
made, however, that the quantitative theories deal 
with creep after ‘‘steady-state’’ conditions have 
been reached whereas the observations made here 
and those quoted from Roberts’ work were on de- 
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celerating creep. It is suggested that the creep- 
rate deceleration will arise from such things as: 

a) the increase in long-range stress field barriers 
with the multiplication of dislocations on the opera- 
tive slip planes, b) the increase in jog density in the 
expanding dislocation loops, and c) dislocation—im- 
purity interactions of the more slowly moving dis- 
locations. However, the thermally activated proc- 
esses which permit transient creep are probably 
the same as those for steady-state creep. 

Finally, concerning the recovery phenomena ob- 
served in the elevated temperature stress-change 
tests, the authors suggest that along with climb of 
dislocation lines, a mechanism which could produce 
such recovery would be the agglomeration or an- 
nihilation of jogs in individual screw dislocation 
lines. Mutual annihilation of jogs of opposite sign is 
certainly an energetically favorable process. More- 
over, agglomeration of u jogs of like sign would be 
energetically favorable since this would lower the 
energy of the dislocation line by at least e(n—1) 
where e is the energy of the stacking fault constric- 
tion. While the jogs may approach near to each other 
by gliding along the screw dislocation on sets of 
pyramidal or prismatic planes, in general, climb 
would be required for the final approach. The acti- 
vation energy for such recovery would be either 
that necessary for glide or climb of the jogs or a 
function of both. 


SUMMARY AND CONCLUSIONS 


The mechanical properties of the basal slip sys- 
tem in magnesium monocrystals were investigated 
over the temperature range of 78° to 505°K. It was 
found that the critical shear stress decreased ap- 
proximately linearly with increasing temperature 
below about 350°K and that it remained constant at 
temperatures above about 350°K. Assuming that 
dislocation intersection determines flow stress in 
the lower temperature range, an activation volume 
of about 3 x 10°‘°cm® and an average energy for 
dislocation intersection of 0.6 + 0.2 ev. were found. 
At temperatures in the range of 295° to 505°K, 
stresses about 45 to 55 pct, greater than the critical 
shear stress produced creep in which strain was 
proportional to time to a power in the range 0.1 to 
0.3 at times greater than about 1 to 6 min. The pro- 
portionality constant between strain and time in- 
creased rapidly with stress and temperature, but 
the time exponent did not vary systematically with 
either stress or temperature. Assuming a creep 
relation, an activation energy of 1.5 + 0.3 ev. was 
obtained for temperatures in the range of 360° to 
505°K. This is essentially the same as the activa- 
tion energies for creep and for self-diffusion in 
polycrystalline magnesium as is predicted by cur- 
rent theories of high-temperature creep. 
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A New Correlation of Blast Penetration 


in a Blast Furnace 


A new correlation of blast penetration in model and operating 
blast furnaces is presented which overcomes objections to pre- 
vious correlations. It is shown that the tuyere diameter is only of 
small importance in determining the magnitude of the penetration. 
The data from operating furnaces correlate satisfactorily with 


the data from models whose cross section is a segment of a circle. 


A bubble-shaped gas space called a ‘‘raceway’”’ 
normally exists in front of the nose of a blast- 
furnace tuyere. The periphery or ‘‘wall’’ of the 
raceway is well defined and is composed of densely 
packed charge particles. The blast, issuing as a jet 
from the tuyere, entrains gas from the raceway, in 
the usual manner of a jet, as it flows to the opposing 
wall. There it divides and flows back around the 
walls to be entrained once more. The blast must, of 
course, eventually leave the raceway and pass up 
through the charge column, but before it does it may, 
on the average, make several circuits of the kind 
described and in doing so it carries with it charge 
particles, which, because of their fast and circulating 
motion, suggested the name of ‘‘raceway’’. 

A fuller description of the raceway may be found 
elsewhere.’”” Here it is only necessary to mention, 
in addition, the measurement which characterizes 
its size. If an iron bar is pushed through the opened 
peepsight of a tuyere, as far as it will go with ease, 
it will be stopped by the relatively impenetrable op- 
posing raceway wall and the distance that the bar has 
been pushed from the tuyere nose is called the 
‘‘penetration’’. This measurement may be of practi- 
cal importance and has been the subject, with con- 
siderable success, of several attempts at correlation 
with other variables” ° as stated in the next section. 
There is still, however, a serious objection to the 
most recent correlation,* which is overcome by the 
correlation proposed in this paper. It will be shown 
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that the objection is not trivial, in that the new cor- 
relation will attribute considerably different im- 
portance to the variables affecting the magnitude of 
the penetration. 

The data to be treated were made available by 
Wagstaff and are the same as those uSed in his cor- 
relation.* They include measurements taken on small 
models, in which a cold air blast was used and no 
combustion occurred, and they also include data from 
operating blast furnaces at Wheeling and Fairless. 
The information from the blast furnaces will be 
shown to be in substantial agreement with those 
models whose plan views are segments of a circle 
and which are thus like segments of a blast furnace. 

First, Wagstaff’s most recent correlation’ will be 
discussed and the objection will be given. Then the 
new correlation will be developed and its impli- 
cations considered. 


CORRELATION OF J. B. WAGSTAFF 


Wagstaff’s correlation is 


where 


2 
Np —the drag number V"p 


and D—the penetration 
D,—the internal tuyere diameter 
V —the blast velocity in the tuyere 
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J.B. WAGSTAFF'S CORRELATION 
SETS OF EXPERIMENTAL RESULTS 
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Fig. 1—Comparison of J. B. Wagstaff’s correlation with 
individual sets of experimental results (only blast velocity 
and penetration change in a set). 


p —the blast density in the tuyere 


P, —the charge particle density (coke density for 


the blast furnace) 


s —the average surface area of a charge particle 
in the raceway 


A —the cross-sectional area of the hearth 
Aj —the cross-sectional area of all the tuyeres 
g -—the gravitational constant 


The correlation is presented in Ref. 3 as a curve 
of positive slope, which is reproduced in Fig. 1, by 
plotting (D/D;) vs Np (Aj/A)°’”. Sets of experimen- 
tal results are also plotted as separate curves in 
Fig. 1 in which, for any one set, all variables in Eq. 
[1], except the penetration and the blast velocity, are 
kept constant. All the data from a model of rectangu- 
lar plan view 7 by 3 in. are represented. If the cor- 
relation is a valid one, the experimental curves 
should lie close to and follow the trend of the cor- 
relating curve, but it is observed that in most cases 
the slope of an experimental curve is greater than 
for the correlating curve at higher values of (D/D7). 


The reason for the discrepancy is regarded to be 
the manner in which the group (A;//A) is introduced 
Consider two situations, indicated by subscripts 1 
and 2, for which the tuyere diameters and the pene-~ 
trations are the same. From Eq. [1] 


(Np), _ (Np), 


2 


[2] 


In case 1 the hearth area A will be supposed to be 
large while in case 2 it will be supposed to be small. 
Now if the hearth area is doubled for both cases the 
two sides of Eq. [2] will remain equal, but will de- 
crease because neither Np nor A; is dependent on 
hearth area and thus it is inferred that the penetra- 
tions will both change to the same value. When the 
hearth area is large, however, in relation to the 
size of the raceway, the raceway will be remote 
from boundary influences except that of the wall 
through which the tuyere passes, the effect of which 
on penetration remains constant. Thus, for large 
hearth areas it is concluded that the penetration 
should in fact be uninfluenced by the hearth area, 
and Eq. [2] and a correlation of the form of Eq. [1] 
are incorrect. 


DEVELOPMENT OF THE NEW CORRELATION 


The new correlation is first put in a general form 


(D/D) =f [3] 


A? 


where 7 is the number of tuyeres so that the group 
(n'/?D/A/*) is the ratio of the penetration to the 
square root of the hearth area per tuyere. 

It will be noted that Eq. [3] is similar to a more 
general form of Eq. [1]; namely 


A 
where 
A 
The same dimensional considerations have been 


(D/Dj) =f 


[4] 
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used to derive both general equations, which are 
equally valid, but the form of Eq. [3] is preferred 
for it will be shown that the two groups on the right- 
hand side of Eq. [3] can be separated to fit the ex- 
perimental data, whereas those of Eq. [4] cannot. 
The separation gives 


To determine the nature of f,(Np) the data for the 
model of rectangular cross section 7 by 3 in. were 
plotted as presented in Figs. 2 to 6. Each figure 
shows log (D/D;) vs log Np for a ampall range of 
penetrations such that the group (n’/*D/A1/*) is 
substantially constant. A line of slope 0.29 has been 
drawn on each figure. Such a line is seen to fit the 
information well so that it is concluded that it is 
justified - Separate f,(Np) = Np” from a function of 
(n3? 
obtained by calculating the slope of the ‘‘best’’ 
straight line for each of Figs. 2 to 6 and taking an 
average. The slope varied from 0.28 to 0.32 but 
showed no trend with the penetration. 

The correlation becomes 


and is assumed to hold for models which have a plan 
cross section which is a segment of a circle and for 


blast furnaces, where the information was insufficient 


to perform the analysis given above. 

Fig. 7 shows a plot of (D/D7) /y,)**° vs (n'/? D/AY?) 
for all experimental data obtained with models with a 
plan cross section which is a segment of a circle, as 
well as data from Wheeling and Fairless blast fur- 
naces, which had previously been averaged by J. B. 
Wagstaff.* The model data fit the correlating curve, 
which has been drawn in by eye, very well. It was 
noted in plotting that sets of experimental data, in 


*) according to Eq. [5]. The value 0.29 was 


0.29 
TE ° = 
FIG. 4 -- PENETRATION 24° To 


oo 0 
3" 
FIG. 5-- PENETRATION 3 TO 3g 


00 
SLOPE 0.29 
FIG. 6-- PENETRATION 34° TO 4" 
100 200 300 400 600 800 1000 2000 


Np 


Figs.4, 5, and 6—Plots of (D/D,;) vS Np for small ranges 
of penetration. Experimental data from model with rec- 
tangular cross section. (See Figs. 2 and 3). 


which only the blast velocity V was varied, followed 
the correlation’s trend thus avoiding the discrepancy 
demonstrated in Fig. 1. The blast-furnace data lie 
fairly close to the correlating line but his 
will be discussed later. 

Fig. 8 shows a similar plot of all the experimental 
data for the model with a rectangular plan cross sec- 
tion. The information is correlated very well by a 
straight line and the ‘‘best’’ straight line has been 
calculated and drawn in. It gives 


0.29 D 


The correlating line from Fig. 7, which cannot be 
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described by a convenient algebraic expression, is 
also drawn in Fig. 8, and, lies above that for the 
rectangular model. 


DISCUSSION OF EQ. [7] 


Eq. [7], which gives the correlation for a model of 
rectangular cross section, is in algebraical form and 
thus is easy to manipulate. Any conclusions drawn 
from it will be approximately true for a model of 
cross section which is a segment of a circle. 

If the blast velocity V in Np is replaced by 
4v/mp, , where v is the blast volume flow rate per 
tuyere, Eq. [7] can be rearranged: 


1.73 160? 
: 0.237| [8 
D 2 =p | A ate [ ] 


which demonstrates that, when the area A is large 
compared with the penetration D in the group 
(n¥?pD/AY *), the internal diameter of the tuyere has 
only a small influence on the penetration. It there- 
fore appears unlikely that the blast velocity and the 
blast density in the tuyeres should be considered 
primary variables but perhaps the gas velocity and 
the gas density leaving through the raceway walls 
are more fundamental. This consideration is of no 
importance for the models but it would certainly be 
important in the blast furnace, where the weight of 
the gas per second increases in the raceway as well 
as its temperature. This is discussed below. 

Eq. [7] can be rearranged to give an equation of the 
type of Eq. [4] 


620.237 9 


n¥? Dy A; 1/2 
where is proportional to 
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It will be noted how Eq. [9] differs from Eq. [1] and 
also that Np cannot be separated from (n¥*D, [AY 
in the manner exemplified by Eq. [5]. 


PENETRATION IN THE BLAST FURNACE 


In the last section it was suggested that the ve- 
locity and the density of the gas leaving the raceway 
might be more fundamental quantities than the ve- 
locity and the density of the blast in the tuyere. As 
far as the correlation is concerned, this would re- 
quire calculating the velocity and density in the 
tuyere as if the temperature and the mass of the 
blast were the same as that after combustion. For 
normal blast-furnace operation Np as previously 
defined, would be multiplied by a factor of approxi- 
mately 2 and thus the ordinate of Fig. 7 would be 
divided by 1.22. This correction has been made and 
is shown by the dotted lines in Fig. 7. It is seen 
that the corrected furnace data fall in fairly ac- 
curately with the model data. It must be remem- 
bered, however, that the measurement of the coke 
size in the raceway of a blast furnace is not accur- 
ate and an error of two times is not impossible. 
There may also be other factors due to the various 
chemical reactions or the presence of slag and 
iron, which were not present in the models, but 
which may affect penetration in the blast furnace. 
For these reasons it is not possible to be sure that 
the proposed correction to the blast furnace data 
is valid or is the only correction that should be 
made. However, the agreement between furnace and 
model is good, with less than a 25 pct difference, 
even if no correction is made. 


APPLICATION TO A BLAST FURNACE 


Application of the correlation to the blast furnace 
is hindered by the difficulty of obtaining a reliable 
estimate of the size of the coke in the raceway. The 
coke size for the furnaces shown in Fig. 7 was 
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Table | 


(D/D 
Tayeres Tuyere Hearth Blast Blast Blast Pene- OP) 
Run Diam, Examined Area Temp., Press, tration 4.99 
No. Furnace No. In. D;,In. A, SqFt Ft* per Min Psi, Abs’ D, In. A” From Fig. 7 
1 Al : = 6.0 198 38,520 630 29.4 36.9 2.93 0.690 1.80 0.615 
2 Al : oe 6.0 198 38,830 580 30.4 36.0 2.92 0.673 1.76 0.603 
3 A2 9 6:0 6.0 198 43,870 600 33:1 42.6 3.28 0.796 2.05 0.625 
4 A2 : 6.0 6.0 198 44,670 610 35.0 48.1 oH/2 0.900 2.33 0.626 
4.5 
5 A2 9-. 4.5 198 46,000 570 29.9 2.26 0.560 0.673 
24,5 
6 A3 10 6.0 6.0 286 42,000 605 29.6 34.3 2.86 0.585 1.57 0.550 
5 
7 A3 10 6.0 4.5 286 42,290 605 29.7 23.6 1.96 0.402 1.21 0.619 


*S.T.P. is at 20°C and 1 atm. 


measured by laborious examination of movies taken 
through the tuyere peep-sight. Normally, the effort 
thus involved cannot be afforded. However, meas- 
urement of the penetration itself is relatively easy, 
even though a large number (say fifty) must be taken 
to get an average. The correlation may then be used 
to obtain an approximate idea of the size of the coke 
in the raceway and to estimate how the penetration 
would alter with any projected changes in operating 
variables. 

To illustrate this point the data of Taylor, Lonie, 
and Hay” for the A furnaces in Table V of their paper 
will be used to calculate the coke size in the race- 
way. One assumption is made; in order to calculate 
the hearth area it is assumed that tuyeres are on a 
5-ft spacing around the perimeter. Taylor et al. 
state that this is true for modern furnaces, and even 
if the spacing were slightly different it would not 
affect the argument to be presented. 

The results of the calculations are given in Table I 
and a sample calculation is given in the appendix. 

The value of the correlation is shown in the table 
by the column of calculated s°**°. Since A furnaces 
were all in the same works, and presumably with the 
same coke supply, it is reasonable to expect that 
s® 445 would not vary much from furnace to furnace if 
it were calculated from the average of a sufficient 
number of penetrations taken over a long enough 
period of time. This proves to be the case and s 
has an average value of 0.616, which is equivalent to 
a nominal coke size of 0.92 in. This value could be 
used for calculations as long as the coke for the 
works did not change appreciably in size and 
strength. 

The correlation could now be used with reasonable 
confidence to calculate the effect on the penetration 
of changing such variables as blast velocity, tem- 
perature and pressure, the internal tuyere diameter, 

_and the hearth area per tuyere. 


CONC LUSION 


An equation of the form 
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D/D, = 
where f represents ‘‘function of’’, has been shown 
to correlate all experimental information on models. 
A different correlation is required for models of 
rectangular plan cross section to those with a cross 
section which is a segment of a circle, as shown in 
Fig. 8. 

Data from operating blast furnaces agree fairly 
well with the correlation for models with a cross 
section which is a segment of a circle, as shown by 
Fig. 7, and the agreement is very good if changes 
in mass and temperature of the blast due to com- 
bustion are considered. 

It is shown by Eq. [8] that the internal tuyere 
diameter has little effect on the magnitude of the 
penetration which, it is pointed out, suggests that 
the velocity and the density of the gas leaving the 
raceway may be more important than the velocity 
and the density of the gas in the tuyere. 
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APPENDIX I 


Calculations for Table I—As an example of the 
calculations for Table I, Run No. 1 will be con- 
sidered. 

It is assumed that the blast passing down a 
tuyere is proportional to the ratio of the area 
of the tuyere in question to the area of all the 
tuyeres (Taylor et al® made the same assumption). 

Thus through a 6-in. D tuyere the blast volume 
is 


67 


= 4,030 S.T.P. ft*/min 


38,520 
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where S.T.P. refers to 20°C and 1 atm. At tuyere 
pressure and temperature the blast volume is 


14.7 903 


4030 55-4 293 


= 6,200 ft?/min 


Hence, the blast velocity is 


6200, 4x4 525 ft/sec. 
60 T 


The blast density is 


29.4 273 _ 3 
0.0808 14.7 903 > 0.049 lb/ft 
Hence, assuming that p, = 65 lb/ft* and neglecting 
p — p) 
V*p _ 525° 0.0490 _ 6.45 


Now D/Dy = oe = 6.15 

Hence 

_ 6.15 _ 93.50-148 
(6.40) 


Where the factor 1.22 is used to allow for the dif- 
ference in conditions between hot blast and combus- 
tion products as noted on page 8. 


Also, 


n?D _ 36.9 
198 


AY? = 0.690 
From the last and Fig. 7 


(D/D) 


Hence, 
615 
187 


Now, using Wagstaff’s assumption that the coke is 
a cube, the nominal coke size in inches is 


g0.5 
62/2 
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Activity of Oxygen in Liquid lron-Phosphorus Alloys 


The equilibrium of gaseous H,O-H, mixtures with liquid iron- 


phosphorus alloys in the range 0 to 3 pct P is used to establish the 


Daniel Dutilloy 


increase of the activity coefficient of oxygen.in the presence of 


phosphorus. 


Tue importance of oxygen as a refining agent in 
steelmaking operations makes it desirable to im- 
prove our understanding of its behavior. Phos- 
phorus which is always present in the ores has 
adverse effects on steel properties and its removal 
is necessary. The present study was undertaken to 
evaluate the interaction of oxygen and phosphorus in 
molten iron. 

Bookey, Richardson, and Welch’ have studied the 
phosphorus-oxygen equilibria in liquid iron in the 
presence of lime. They used a mixture of hydrogen 
and water vapor to control the oxygen potential and 
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Two different sampling techniques are used. 
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John Chipman 


worked with crucibles made of tetracalcium phos- 
phate and lime. At low phosphorus concentration, 
7.é€., at high oxygen, they observed a marked devia- 
tion in their results. They tentatively ascribed this 
to a large negative effect of oxygen on the activity 
of phosphorus. This was then included by Chipman? 
in his review of interactions in liquid iron. 

Pearson and Turkdogan® have later reported an 
interaction parameter 


p_ dlog f§ 

They equilibrated a mixture of hydrogen and water 
vapor with an iron-phosphorus alloy contained in an 
alumina crucible and sampled the melt by suction 
in a Silica tube. 

The solubility of oxygen in iron-phosphorus alloys 
has been studied by Levenets and Samarin.* They 
reported an interaction parameter 
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Table |. Results for the lron-Oxygen Melts at 1600°C 


Time, 
Run No. Sample No. Pu,0/Pu, % O log K’ Hr:Min 
Method A, Helium Quench 
14 0.2951 0.0755 0.581 3:10 
21 a0. L083 0.0447 0.576 4:30 
22 0.1693 0.0438 0.587 4:30 
28 0.1715 0.0464 0.567 3:00 
Method B, Pin Sample 
40 1 0.1703 0.0479 0.551 2:00 
40 2 0.1705 0.0472 0.558 4:10 
40 3 0.1706 0.0463 0.566 5:15 
46 3,4 0.1709 0.0460 0.570 3:10 
46 5,6 0.1710 0.0450 0.580 4:20 
0.044. 


Thus, all of the published data indicate that phos- 
phorus reduces the activity coefficient of oxygen in 
liquid iron. 


EXPERIMENTAL METHOD 


The melt contained in an alumina crucible was 
equilibrated at constant temperature with a mixture 
of hydrogen and water vapor. The apparatus used 
in this investigation is the same as that used by 
Floridis and Chipman® who found that dilution with 
a 6:1 ratio of argon to hydrogen was sufficient for 
the thermal diffusion error to become negligible. 
Therefore, the mixture was not preheated before 
passing over the melt. The hydrogen flow rate was 
150 cm® per min. 

The gases were purified to remove oxygen, car- 
bon monoxide and carbon dioxide, water vapor, and 
hydrocarbons. The temperature was measured with 
an optical pyrometer, assuming the emissivity of 


the melt to be unchanged by addition of up to 3 pct P. 


The melting point of iron taken as 1535°C was used 
as a reference. 

The induction furnace was arranged to provide 
for two different sampling techniques. In method A, 
the melt (30 g) was quickly lowered to the bottom 
of the furnace and quenched in a stream of helium. 
The ingot was cleaned with a file and cut in equal 
sections with a jeweler’s saw or a Norton abrasive 
wheel when too hard (more than about 1 pct P). In 
method B, the melt (120 g) was sampled by suction 
in a Vycor tube 6 mm OD. Both tube and bulb were 
first flushed with helium. During sampling the gas 
mixture was allowed to flow and to escape through 
the sampling hole in the furnace head. In order to 
prevent the metal sampled from running back into 
the melt, the end of the sampling tube had to be 
constricted, especially in the case of high-phos- 
phorus melts. Oxygen analyses of different pieces 
of a single long pin as well as of different pins were 
found to be in good agreement. 

An iron-phosphorus master alloy had been pre- 
pared by dropping pellets of red phosphorus into 
molten electrolytic iron under an atmosphere of 
argon. 

The oxygen analyses were performed in a vacuum 
fusion apparatus described by Guernsey and Frank- 
lin.® All the analyses were carried out in a bath of 
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Table Il. Results for the lron-Phosphorus-Oxygen Melts at 1600°C 


Run Sample Time, 
No. No. Px,0/Pu, % O log K’ log fP %P  Hr:Min 
Method A, Helium Quench 
12 0.0494 0.0116 0.629 +0.046 0.65 3:40 
13 0.0495 0.0117 0.626 0.043 0.365. 42:05 
15 0.1699 0.0378 0.653 0.076 1.16 2:05 
16 0.1702 0.0416 0.612 0.035 0.43 2:50 
17 0.1693 0.0400 0.626 0.049 0.97 3:20 
18 0.1701 0.0401 0.628 0.051 1.49 4:20 
19 0.1716 0.0417 0.619 0.042 0.56 3:40 
23 0.1693 0.0428 0.597 0.020 0.24 4:40 
24 0.1727 0.0428 0.605 0.028 0.43 4:30 
25 0.1711 0.0402 0.629 0.052 0.76 4:30 
27 0.1710 0.0397 0.635 0.058 1.16 4:25 
30 0.1696 0.0394 0.634 0.057 1.86 3:20 
Si 0.1716 0.0416 0.615 0.038 1.98 3:30 
32 0.1712 0.0446 0.585 0.008 0.94 3:30 
33 0.0497 0.0111 0.651 0.074 2.76 4:40 
35 0.0497 0.0123 0.607 0.030 1.29 3:30 
36 0.0497 0.0116 0.632 0.055 1.21 4:00 
Method B, Pin Sample 
41 J 0.1702 0.0396 0.633 0.064 52 2:30 
41 2 0.1696 0.0395 0.633 0.064 1250: 1:50* 
42 1 0 = Ss = 0.54 0 
42 2 0.1689 0.0419 0.605 +0.036 0.53 2:30 
42 3 0.1691 = 3 — 0.53 3:35 
42 4 0.1693 0.0402 0.624 0.055 1.05 2:30 
42 5 0.1692 0.0406 0.618 0.049 1.07 3:35 
43 1 0 = = = 25S 0 
43 0517230303735 2.78 2:30 
43 4,5,6 0.1721 0.0359 0.680 0.111 2.46 3:40 
43 7 0 = = = 1.98 0 
43 8,9, 10 0.1720 0.0397 0.636 0.067 2.05 2:30 


*Melt cooled after sample 1 to adjust the spark gaps of the Lepel in- 
duction unit. 


low phosphorus content (1.15 pet max) although a 
bath containing 3 pct P yielded a correct analysis 
for a standard sample of ingot iron. This is sub- 
stantiated by the value of 10°* atm reported by 
Samarin’ for the phosphorus vapor pressure above 
a 3 pct P-Fe melt at 1600°C. 


EXPERIMENTAL RESULTS 


In order to establish the relative effect of phos- 
phorus on the activity of oxygen with a reference 
pertaining to the same experimental conditions, a 
few runs were made with pure iron. The results at 
1600°C are presented in Table I. The oxygen con- 
tent is the average of at least two concordant anal- 
yses. The quantity K' for the reaction H,+[O]- H.0 
is defined as 


. 
The dependence of the activity coefficient f 6. 0f 
oxygen on its own concentration established by 
Floridis and Chipman’® has been adopted here, and 
the average values 0.586 and 0.578 of the log K have 
been found respectively for conditions A and B. 
These values are in satisfactory agreement with 
those of Floridis and Chipman. 

The results for the iron-phosphorus melts at 
1600°C are presented in Table II. The relative 
effect of phosphorus is characterized by the quan- 
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tity £5 such that the activity of oxygen in an iron- 
phosphorus-oxygen alloy is equal to 


ao= 


The value of {5 is obtained as the ratio of the quan- 
tities K’ for an iron-phosphorus alloy and for pure 
iron at the same percentage of oxygen. 

The results are plotted in Fig. 1 from which the 
interaction parameter can be evaluated at low con- 
centrations of phosphorus as 


dlog fo 

= +0.07 

or 

p_dlny§ 

EO = @ Np = +8.9 


DISCUSSION OF RESULTS 


With method A (helium-quenching technique), the 
results above 1 pct P are higher in oxygen than in 
method B. This is attributed to the cutting of the 
ingot with an abrasive wheel cooled with water 
which creates an oxidizing medium. Microscopic 
as well as macroscopic observation of the high- 
phosphorus samples has shown many pin holes the 
interior of which cannot be cleaned. The results 
of method B have been given more weight in draw- 
ing the curve of Fig. 1 at high phosphorus levels. 

For method A, the time to reach equilibrium was 
taken from the results of Floridis and Chipman® 
who found no difference between 3- and 6-hr runs. 
In method B, it was possible to sample the melt 
during the run. No significant loss of phosphorus 
was observed. A small trend towards lower value 
of the oxygen content with increasing time is noted. 
Therefore, the results corresponding to longest 
equilibrium time have been preferred, although all 
are within the limits of experimental error. 

The results differ in sign from those of other in- 
vestigators. The disagreement with the results of 
Pearson and Turkdogan’® has not been given a satis- 
factory explanation. Levenets and Samarin* also 
reported a negative interaction parameter in agree- 
ment with Pearson and Turkdogan, but their data 
are inconsistent with the well-established solubility 
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of oxygen in pure liquid iron. Repeated attempts to 
reproduce their observations resulted in complete 
disagreement with their results. Clear, slag-free 
baths of liquid metal were obtained with oxygen and 
phosphorus contents far above their reported solu- 
bility limits. For example, at 1 pct P their plot 
indicates a solubility limit of 0.016 pct O at 1600°C. 
We found no indication of slag formation at 1.05 pct P 
and 0.04 pet O (run No. 42). The possibility of slag 
formation during the run has been checked with 
gaseous mixtures of varied oxygen potentials 
(Pu,0/Py, from 0.05 to 0.5). No slag was formed. 
The distribution of inclusions has been examined on 
a polished section from run 15; it is rather even 
and no tendency to escape at the surface has been 
noticed. 


CONCLUSIONS 


The effect of phosphorus on the activity of oxygen 
at 1600°C in liquid iron-phosphorus alloys contain- 
ing 0 to 3 pct P is a small increase. The variation 
of log f§ with phosphorus content is linear up to 
about 0.8 pet P. The interaction parameter is 
positive: 


=+0.07 or =+8.9 
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High Conductivity Copper-Rich Cu-Zr Alloys 


A high-purity copper-zirconium alloy system was investi- 
gated. The zirconium content of the alloys studied varied from 
0.003 to 0.23 pct. The solid solubility of zirconium in copper 
and some physical and mechanical properties of the alloys have 
been determined. By proper heat treatment, Cu-Zr alloy can 
develop a high electrical conductivity and resistance to soften- 
ing at temperatures up to 500°C (930°F). This combination of 
desirable properties makes this alloy superior to other com- 
merical copper base alloys for use in the electrical conductor 


field. 


Demanp for high conductivity copper alloys that 
retain their mechanical properties at elevated tem- 
peratures is growing rapidly. At present, copper- 
base alloys such as copper-silver and copper- 
chromium are used where these characteristics are 
required. As an example, commutators in electric 
motors are often made of these alloys. However, the 
life at elevated temperature of commutators made of 
copper-silver alloys is much shorter than the life of 
the same part made of copper-chromium and copper- 
zirconium alloys. Copper-silver alloys are subject 
to creep and subsequent failure when the service 
temperature exceeds several hundred degrees centi- 
grade. 

Use of copper-chromium alloys has been known for 
the past several years, but little information is avail- 
able in the literature concerning the properties of 
alloys in the copper-zirconium alloy system. Some 
work had been directed toward determining the solu- 
bility of zirconium in copper as well as determining 
properties of the Cu-Zr alloys. These investigations 
have revealed the superior high-temperature and 
electrical conductivity properties of copper-zir- 
conium alloys over copper-chromium alloys. 

The United States Metals Refining Co., Carteret, 
N. J. has recently produced OFHC ®) copper-zir- 
conium alloys for experimentation and evaluation. 


Table |. Zirconium Content of the Alloys 


Sample No. Pct Zr 

1 0.23 
2 0.19 
3 0.15 
4 0.13 
5 0.10 
6 0.07 
7 0.019 
8 0.011 
9 0.003 

Typical Analyses of OFHC ® Copper 

Pct S PctPb Pct Sb Pct Bi Pct Sn Pct Fe Pct Ni PectMn O, 


0.0011 0.0003 <0.0005 <0.0001 <0.0001 0.0005 0.0006 <0.00005 ‘nil 


MATTI J. SAARIVIRTA is Senior Physical Metallurgist, Amco Re- 
search and Development, Inc., Carteret, N. J. 
Manuscript submitted April 15, 1959. IMD 
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Because OFHC ® copper contains no appreciable 
oxygen, no harmful oxides are formed and the full 
benefit of Zr as an alloying addition is obtained. 
This paper describes the results of this work. It 
contains room-temperature and some high-tempera- 
ture data which have been obtained after various 
processing techniques. Actual elevated temperature 


“properties are being determined and will be reported 


in a separate paper. Preliminary results obtained at 
elevated temperatures suggest that the Cu- Zr alloy 
is superior to other high conductivity copper-base 
alloys. 


WORK PROCEDURE 


The high-purity oxygen free (OFHC ()) copper- 
zirconium alloys with zirconium content ranging 
from 0.003 to 0.23 pct were cast into 4-by 4-in. 
wirebars by both continuous casting and conventional 
casting methods. Zr was added in the form ofa 
master alloy containing 30 pct Zr and 70 pct Cu. 
Castings were analyzed for zirconium and nine bars 
containing various amounts of zirconium were se- 
lected for this study. The results of analyses and 
the sample numbers are given in Table I. Typical 
analyses of OFHC (R) copper are also shown. 

The following properties were studied: 

A) Solid solubility of zirconium in copper. 

B) Effect of zirconium on properties of copper. 

C) Effect of combined working and heat treating on 
properties of Cu-Zr alloys. 

The solid solubility of zirconium in copper was de- 
termined by metallographic techniques. Specimens 
for this phase of the investigation were hot rolled at 
900°C (1650° F) to 0.250-in. rod. The rolled rods 
were cut into 2/3-in. long specimens and solution 
annealed at 950°C (1740°F), 980°C (1795°F), and 
1020°C (1870°F) for 6 hr and quenched in water. In 
order to find the solid solubility limits at lower tem- 
peratures, the homogenized specimens were reheated 
at various temperatures for 1 hr and quenched. 

The physical and mechanical properties were de- 
termined on 0.250 in. rod, 0.132- and 0.081-in. wires. 
The wires were cold drawn from the 0.250-in. rods 
after they were solution annealed at 980°C (1795°F) 
and quenched in cold water. Mechanical and electri- 
cal properties were determined on cold drawn and 
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4. 
Fig. 1—As-cast Zr = 0.19 pct. Elec- 
trolytic polishing. X100. Reduced 
approximately 53 pct for reproduc- 
tion. 


aged material. In most instances, aging was done 
at various temperatures for 1 hr. A few tests to 

determine the effect of longer periods were also 

made. All heat treating was done in a laboratory 
furnace. 

Specimens for microscopic examination were pre- 
pared as follows: Specimens were ground, mechani- 
cally polished and finally electropolished in a 33 pct 
phosphoric acid solution. Both etched and unetched 
specimens were examined. The etchant was 2:1 
NH,OH-H,0,, solution. In most cases polishing alone 
was Sufficient to delineate the microstructure. 


RESULTS AND DISCUSSION 


A) Solid Solubility of Zirconium in Copper— The 
solid solubility of zirconium in copper reported by 
various investigators is not in agreement. As an 
example, Pogodin, e¢ al.’ found the solid solubility of 
zirconium in copper to be 0.28 pct Zr at 600°C 
(1110°F) and 0.9 pct at 925°C (1155°F). Raub and 
Engel ,” however, observed that less than 0.10 pct Zr 
is soluble in copper at 940°C (1725°F). 

In view of the disagreement in data on the solid 
solubility of zirconium in copper, a detailed micro- 
scopic study by conventional techniques was under- 
taken. 

The cast structure of the alloys was first ex- 
amined. It was learned that alloys containing 0.003 
and 0.011 pet Zr were single-phase (a) while those 
containing 0.019 pct or more zirconium consisted 


5 
* 
q 


Fig. 4—Zr = 0.10 pct. Solution treated and then reheated at 
850°C 1 hr and quenched. Electrolytic polishing. Etchant 
NH,OH-H, 0, 2:1. X750. Reduced approximately 53 pct for 
reproduction. 
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Fig. 2—Zr = 0.10 pct. 
treated at 1020°C, 6 hr and quenched. 
Electrolytic polishing. Etchant 

NH, OH-H, 0, 2:1. X750. Reduced 
approximately 53 pct for reproduction. 


Fig. 3—Zr = 0.13 pct. Heated at 1020°C 
6 hr and quenched. Electrolytic polish- 
ing. Etchant NH,OH-H,O, 2:1. X750. | 
Reduced approximately 53 pct for re- j 
production. | 


Solution 


of a second phase, Cu,Zr, as well as a. The ap- ) 
pearance of the as-cast structure is shown in Fig. 1. | 
The results of phase studies are shown in Fig. 6 | 
supported by the photomicrographs shown in Figs. | 
2 to 5. Itis interesting to note that these results 
agree closely with those obtained by Raub and Engel. 
B) Effect of Zirconium on Properties of Oxygen- 
Free High- Purity Copper— Tensile Strength, Elonga- 


2 | 


tion, Hardness, and Electrical Conductivity—The ef- 
fect of various temperatures on the properties of the 
alloys is shown in Figs. 7, 8, 9, and 10. Similarly, 
effect of Zr on the properties of the alloy is shown in 
Fig. 11. 

Additions of between 0.10 and 0.15 pct Zr not only 
increase the tensile strength of copper from 58,000 
psi to 70,000 psi but also considerably improves its 
resistance to softening at elevated temperatures. 
Electrical conductivity decreases after solution an- 
nealing but aging at 350° to 500°C (660° to 930°F) in- 
creases it to 85 to 95 pct I.A.C.S. Elongation is also 
improved at the optimum heat-treating temperatures. 

Minimum conductivity value was determined on the 
alloy containing 0.15 pct Zr in the solution-annealed 
and cold-worked condition. As the zirconium con- 
tent decreases below 0.15 pct, the electrical conduc- 
tivity increases. These results indicate that the 
solid solubility of zirconium in copper at 980°C 
(1795°F) is close to 0.15 pet as determined micro- 
scopically. 

It should also be noted that the electrical conduc- 
tivity of the 0.01 pct Zr alloy decreases when the 


Fig. 5—Zr = 0.10 pet. Solution treated and then reheated at 
500°C 1 hr and quenched. Electrolytic polishing. Etchant 


| 
| 
NH,OH-H,O, 2:1. X750. Reduced approximately 53 pct for | 
reproduction. 
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Fig. 6—Solid solubility of zirconium in copper. 


temperature is increased from 600° to 750°C 
(1110-1380°F). This decrease is not observed for 
the 0.003 pct Zr alloy. This again indicates that the 
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Fig. 8—Elongation as a function of aging temperature. 
Material cold drawn 90 pct to 0.081-in. wire. Aging time 
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Fig. 7—Tensile strength as a function of aging temperature. 
Material cold drawn 90 pct to 0.081-in. wire. Aging time 1 
hr. : 


700 


solid solubility of Zr in copper is less than 0.01 pet 
at 600°C (1110°F). 

The results of Hodge” have shown that the addition 
of less than 0.12 pct Zr has little effect on the soft- 
ening temperature of the copper. The present in- 
vestigation showed that the softening temperature is 
raised considerably by the addition of only 0.003 pct 
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Fig. 9—Hardness as a function of aging temperature. 
Material cold drawn 90 pct to 0.081-in. wire. Aging time 
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Table II. Softening Temperatures of Copper-Zirconium Alloys 


Alloy No. Pet Zr Softening Temperature °C 
1 0.23 580 (1075°F) 
2 0.19 580 (1075°F) 
53 0.15 580 (1075°F) 
4 0.13 580 (1075°F) 
5 0.10 570 (1060°F) 
6 0.07 550 (1020°F) 
0.019 510 (950° F) 
8 0.011 440 (825°F) 
9 0.003 310 (590° F) 

OFHC® copper nil 230 (445°F) 


OFHC® plus 0.10 pct Ag nil 320 (610°F) 


Fig. 11—Effect of zirconium on some properties of copper. 
Material solution annealed at 980°C (1795°F), quenched, 
cold drawn to 0.081-in. wire (90 pct reduction) and aged at 
400°C (750°F) for 1 hr. 


Y 
O 
/ 
280 Cu — 0.86 pet Cr 520 (970°F) 
> 
Ss ask ductivity are obtained at 0.15 pct Zr. This again sug- 
& s gests that the maximum solid solubility of zirconium 
*-0.23%2Zr in copper is close to 0.15 pct. 
10) Because the optimum effect of zirconium is ob- 
8 @®-0.10%Zr tained at 0.15 pct Zr, it is undesirable to exceed it. 
= ©-0.07%Zr The excess second phase is undissolved and a pre- 
Md -® % m-0.019% Zr ferred orientation develops during annealing and cold 
WJ @-0.011% Zr working. This condition causes directional proper- 
4-0.003%Zr ties. 
60 Test results from this investigation have shown 
that copper-zirconium alloys have a combination of 
high electrical conductivity, and superior resistance 
rx to softening at high temperatures. Consequently, this 
alloy has stimulated great interest in the electrical 
conductor field. 
50 
able II]. Vickers Pyramid H Aging at 500°C (930°F 
Fig. 10—Electrical conductivity as a function of aging tem- 
perature. Material cold drawn 90 pct to 0.081-in. wire. Pct 
Aging time 1 hr. Zr Heating Heating Heating Heating 
0.19 82.3 = 80.2 76.9 
Zr. The maximum softening temperature of 580°C oe 82.2 - - 75.2 
(1075°F) is obtained with 0.13 pct Zr. The effect of 
zirconium on the softening temperature is shown in 0.07 58.3 61.8 = 65.2 
Table II and Fig. 11. oo ab 59.8 60.8 64.6 
Fig. 11 also shows the effect of Zr on other prop- . £2 < = x 
erties of material aged for 1 hr at 400°C (750°F). It 
is noted that maximum strength and minimum con- 90 
| 80 
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Fig. 12—Effect of aging temperature on the hardness of 
solution-annealed rod. Aging time 1 hr. 
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Table IV. Some Properties of Solution Annealed and Aged and of Solution Annealed, 90 pct Cold Worked and Aged Cu-Zr Alloys 


*Solution Annealed *Solution Annealed *Solution Annealed 


at 875° C (1605°F) at 950°C (1740°F) 
and Aged at 500°C and Aged at 500°C 
(930° F) for 1 hr (930°F) for 1 hr 


at 980°C (1795°F) 
and Aged at 500°C 


*Solution Annealed, 
Cold Worked 90 pct Reduction in Area and 


(930° F) for 1 hr Aged at 400°C (750° F) for 1 hr 


Property 0.05 pet Zr 


0.10 pct Zr 0.15 pet Zr 0.05 pet Zr 0.10 pet Zr 0.15 pet Zr 
Tensile strength, psi 33 ,000 35,000 37,000 59,000 63,000 70,000 
Yield strength, psi (0.1 pct offset) 7,000 8,000 19,000 53,000 56,000 61,000 
Elongation pct, in 2 in. 44.0 44.0 19.0 10.0 10.0 10.0 
Hardness, Vpn 55 70 83 130 140 150 
Electrical conductivity, pct 95.0 90.0 90.0 93 87.0 83.0 
Softening temperature, °C = = = 540 570 580 
Modulus of elasticity, psif 19,300,000 


*Solution annealed for 1 hr and quenched. 


0.15 pet Zr, solution annealed at 950°C (1742°F), cold worked 54 pct and aged at 425°C (795°F), 1 hr. 


Effect of Aging on Solution Annealed and Quenched 
Material—The effect of aging on the solution annealed 
material was investigated. In order to determine the 
optimum aging temperature, hardness measurements 
were made after heating the solution annealed speci- 
mens at different temperatures for one ‘hour. The 
results of this experiment are shown in Fig. 12. The 
maximum precipitation hardening occurs at about 
500°C (930° F) and the hardness of 83 Vpn is obtained 
in the alloy containing 0.13 pct Zr. 

Effect of time at 500°C (930° F) on the hardness 
was also determined. The results shown in Table III 
indicate that solution-annealed and aged Cu-Zr alloys 
can be treated at 500°C (930°F) for more than 200 hr 
without losing hardness. 

Tensile strength and elongation properties of the 
alloys containing 0.05, 0.10, and 0.15 pct Zr were 
determined after solution annealing and aging at 
500°C (930°F). The results are shown in Table IV. 
In the aged condition, the alloy containing 0.15 pct Zr 
has a tensile strength of 37,000 psi. The tensile 
strength of those with less zirconium is about the 
same as that of soft copper. 
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Fig. 13—Tensile strength as a function of cold reduction. 
Material solution annealed, cold drawn to 0.081-in. wire 
and aged for 1 hr. 
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C) Some Properties of Cu-0.05, 0.10, and 0.15 pct 
Zr Alloys—Because the strength, electrical conduc- 
tivity and resistance to softening at high tempera- 
tures varies with zirconium content and because 
some applications may require a certain combina- 
tion of properties in preference to others, the alloys 
with lower, medium and higher zirconium contents 
were investigated. Three alloys containing 0.05, 
0.10, and 0.15 pct Zr were selected. A summary of 
the properties of the solution-annealed and aged, and 
cold-worked and aged material is shown in Table IV. 

Effect of Cold Working—The effect of cold working 
on the alloys containing 0.05, 0.10 and 0.15 pct Zr 
was determined. The alloy containing 0.05 pct Zr 
was Solution annealed at 870°C (1600°F), the 0.10 pct 
Zr alloy at 950°C (1740°F) and the alloy containing 
0.15 pet at 980°C (1795°F) for 15 min and quenched. 
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Fig. 14—Effect of temperature and time on the grain size 
of the 72 pct cold drawn Cu-0.15 pet Zr alloy, 0.132-in. 
wire. 
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Table V. Properties of the Wire After Intermediate Annealing and 
Subsequent Cold Drawing and Aging —Cu-0.15 pct Zr 


a) 0.132 in. wire annealed at 750°C (1380°F) for 30 min and quenched 
b) 0.132 in. wire annealed at 800°C (1470°F) for 30 min and quenched 
c) 0.132 in. wire annealed at 900°C (1650°F) for 30 min and quenched 
d) 0.132 in. wire annealed at 900°C (1650°F) for 3 min and quenched 


Tensile Yield Elongation Electrical 
Strength, Strength, Pet Conductivity, 
Psi Psi in 2 In. Pet I-A‘G:S: 
a) 37,000 15,000 37.0 97.0 
b) 37,000 13,000 37.0 94.0 
c) 34,000 12,000 40,0 78.0 
d) : 35,000 13,000 40.0 76.0 
Cold drawn to 0.080 in. (65 pct reduction) after annealing 
a) 60,000 58,000 HS) 95.0 
b) 62,000 60,000 6.0 90.0 
c) 61,000 58,000 5.5 81.0 
d) 62,000 60,000 5.5 78.5 
Aged at 400°C for 1 hr after 65 pct cold reduction 
a) 59,000 53,000 10.0 96.0 
b) 60,000 53,000 12.0 95.0 
c) 60,000 54,000 10.0 92.0 
d) 64,000 58,000 13.0 93.0 


They were then cold drawn different amounts and 
aged. Tests conducted on this material show that for 
a given amount of cold work, tensile strength in- 
creases with Zr content. This is illustrated by the 
curves in Fig. 13. 

Cold working of the previously cold-worked and 
aged material improves the tensile strength con- 
siderably but lowers the elongation. For example, 
the wire that had been cold drawn with 72 pct re- 
duction and aged at 400°C (750°F) for 1 hr attained 
80,000 psi tensile strength and 4.5 pct elongation by 
the final 65 pct cold reduction after aging. 

Effect of Intermediate Annealing—In many cases, 
the material must be reannealed prior to final cold 
working. Temperature and time then become im- 
portant factors in keeping zirconium in the solid 
solution and in preventing excessive grain growth. 

If these factors are not controlled, the aging char- 
acteristics are changed and excessively large grains 
may be formed that can cause inferior products. 

The effect of intermediate annealing on 0.15 pet Zr 
alloy wire was investigated. The 0.250-in. rod was 
solution-annealed at 980°C (1795°F) for 1 hr and 
quenched. It was then cold drawn to 0.132-in. wire, 
annealed at different temperatures, between 750°C 
(1380°F) and 950°C (1740°F), for different periods 
of time ranging from less than 1 min to 30 min. 

The effect of temperature and time on the grain size 
was determined. The results are shown in Fig. 14. 
Excessive grain growth and nonuniform grain size 
occur when annealed above 825°C (1515°F). A 
slight precipitation of the Cu,Zr phase occurred 
between 750°C (1380°F) and 950°C (1740°F) re- 
gardless of the time. 

The effect of 65 pct cold working and aging on 
the intermediate annealed wire was also determined. 
In this case, the wire was cold drawn to 0.081 in. 
and aged. It was learned that very similar proper- 
ties are obtained despite the difference in the in- 
termediate annealing temperature and time, how- 
ever, annealing at 900°C (1650°F) for 1 to 6 min 
followed by subsequent cold working and aging 
yields a slightly higher tensile strength and elonga- 
tion. Because of the excessive grain growth at 900°C 
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Table VI. Properties of Hot-Worked and Aged Material 


Property 0.05 pct Zr 0.10petZr 0.15 pet Zr 
Tensile strength, psi 
Yield strength, psi (0.1 pct offset) , F 33, 

el 40.0 38.0 35.0 


Elongation, pct in 2 in. 


(1650°F), the time is limited to less than 6 min, 
particularly on the small gage material. Much 2 
longer annealing time can be used at 800°C (1470° F) 
because of slower grain growth. Table V shows 
typical properties obtained on the intermediate an- 
nealed and subsequently cold-worked and aged wire. 

Effect of Aging on Hot-Worked and Quenched Ma- 
terial—In some cases alloys are hot worked and sub- 
sequently aged without being solution annealed be- 
tween hot working and aging. Parts are made of 
forgings either prior to or after aging. Generally, 
this process results in somewhat higher strength 
than aging after solution annealing. 

The cast alloys containing 0.05, 0.10, and 0.15 pct 
Zr were preheated at 980°C (1795°F) for 1 hr, hot 
rolled with 70 pet reduction and quenched from about 
750°C (1380°F). They were then aged at 475°C 
(885° F) for 2 hr. The properties of this material are 
shown in Table VI. It is believed that somewhat 
higher tensile properties are obtained when hot 
working is discontinued at lower temperatures. 
More strain is induced into metal at lower tempera- 
tures resulting in high strength but perhaps some- 
what lower resistance to softening at elevated tem- 
peratures. Hot working at lower temperatures, how- 
ever, must be accomplished within a short time be- 
cause the precipitation of a second phase may occur 
and undesirable properties be obtained. 

High-Temperature Tensile Properties— Tensile 
strength and elongation of the Cu-0.15 pct Zr and 
Cu-0.86 pct Cr alloys were determined at 400°C 
(750° F). Initially hot-rolled alloys were solution- 
annealed, cold worked with 85 pct reduction in area 
and aged at 375°C (705°F) for 1 hr. The 0.250-in.- 
diam specimens with 1 in. gage length were made. 
The specimens were heated at 400°C (750°F) for 1 
hr and then tested at this temperature. The cross- 
head speed was 0.02 in. per min. The results of 
this test are shown in Table VII. 

These results show that the Cu-0.15 pet Zr alloy 
has considerably better high-temperature strength 
and ductility than the Cu-0.86 pct Cr alloy. The 
data show that Cu-Zr alloy has an elongation of 
15.5 pet whereas that of Cu-Cr is only 3.0 pct. The 
latter exhibits a brittle fracture at the high tem- 
peratures. 


Table Vil. Tensile Strength and Elongation Properties at 400°C (750°F) 


Tensile Elongation 
Strength Pct 


Alloy Conditions of the Specimens Psi inet ny 
Cu—0.15 pet Zr solution annealed at 950°C, 51,000 15:5 
cold worked 85 pct and aged 
at 375°C (705°F), 1 hr 
Cu—0.86 pet Cr solution annealed at 1000°C, 44,000 3.0 


cold worked 85 pct and aged 
at 375°C (705° R)) Lehr 
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SUMMARY 


This investigation determined the solid solubility 
and effect of zirconium in copper. Some properties 

of copper-zirconium alloys were also determined. 

Tensile strengths of 59,000 to 70,000 psi and elec- 
trical conductivities of 80 to 93 pct IACS are ob- 
tained on Cu-0.05 to 0.15 pet Zr alloys that have been 
solution-annealed, cold worked and aged at 400°C 
(750° F). On material that had been cold worked, 
intermediately annealed and aged, tensile strengths 
over 60,000 psi and conductivities up to 96 pct can be 
developed. 

This investigation indicates that Cu-Zr alloys 
maintain most of the strength derived from cold 
working at temperatures up to 400-450°C (750- 
840°F). This together with their good mechanical 
and electrical properties make the Cu-0.05 to 0.15 
pet Zr alloys excellent electrical conductor material. 
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An Extruded Chromium-Alumina Alloy 


A dispersion of Al,O, was produced within chromium by the~ 
hydrogen reduction of a solid solution of Cr,03-Al,03. The re- 
sulting powder was compacted, extruded, and the material tested 
in tension at various temperatures and in creep at 1800°F. The 
material is ductile above 1200°F and is at least twice as strong 
as electrolytic chromium at all temperatures. Its creep resist- 
ance, rupture strength, and ductility at 1800°F warrant further 


work to improve its low-temperature properties. 


Because of its high melting point and excellent 
corrosion resistance, chromium has long been con- 
sidered as a base for high-temperature alloys. 

Most chromium base alloys, however, are extremely 
brittle at low temperatures. Elements such as nickel 
and iron lower the melting point of chromium and 
thereby limit its high-temperature usefulness. 
Chromium-alumina materials made by others’”” 
have shown good high-temperature creep resistance 
but poor ductility and thermal shock resistance. 
Pure ductile chromium® is weak at high tempera- 
tures and reverts to a brittle state if exposed to 
nitrogenous atmospheres. 

In sintered aluminum powder (SAP)* and internally 
oxidized alloys of silver, copper, and nickel, fine 
dispersions of oxide phases can control hardness, 
recrystallization, and yield stress. The possibility 
of formation of a ductile, high-strength material by 
precipitating dispersions of alumina in a chromium 
matrix appears worthy of investigation. 


MATERIAL 


Powder Production—Chromium oxide and alumina 
in amounts to produce a final alloy of Cr + 16 pct 


ARNO GATTI is Metallurgist, General Electric Laboratory, Schenec- 


tady, N. Y. 
Manuscript submitted May 4, 1959. IMD 
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Al,O, by weight were colloid milled, filtered, dried 
and high fired for 16 hr at 1600°C in air. The re- 
sulting solid solution of oxides was ball-milled to a 
fine powder and the chromium oxide reduced to 
chromium by heating in pure dry hydrogen for 64 hr 
at 1400°C. 

Final Materials Produced by Powder Metallurgy 
Techniques-—-Chromium powder, containing a disper- 
Sion of alumina, was pressed into 17/s-in. diam 
slugs at 25 tons per sq in. and sintered 16 hr at 
1400°C in pure dry hydrogen. 

The sintered slugs were encased in a stainless 
steel can, 2 in. in diam, and extruded at 1200°C 
through a /2-in. die. The 16 to 1 extrusion ratio 
produced a final chromium-alumina rod 7/, in. in 
diam about 30 in. long. Samples of the rod were 
plunge-ground to small rupture bars of 0.82-in. 
gage length with a 0.01-sq-in. cross section. 


RESULTS 


Microstructure Studies—Fig. 1 is the microstruc- 
ture of the material in the as-sintered condition 
while Fig. 2 is the microstructure of the material 
as-extruded. 

Comparison of the as-sintered and as-extruded 
micrographs show the redistribution and realign- 
ment of the alumina inclusions by the extrusion 
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Fig. 1—Cr + 16 pet Al,O3 as-sintered—16 hr, 1400°C Hp, 
unetched. X500. Reduced approximately 43 pct for re- 
production. 


process. The extrusion process has produced an 
essentially random distribution of alumina from a 
grain-boundary type distribution obtained during the 
sintering process. The average diameter of alu- 
mina inclusions produced is 2, with an interpar- 
ticle spacing of about 5 y. The average grain size 
of the chromium matrix is 6 u. 

Testing Procedures—Specimens were tested in 
the as-extruded condition. Tensile testing was done 
on an Instron testing machine in vacuum. The pro- 
cedures used were those described by Pugh’ for 
testing materials at high temperatures, in special 
atmospheres. All specimens tested in tension were 
strained at a rate of 0.02 min™*. Creep data were 
obtained using creep capsules also described by 
Pugh.° All creep-rupture tests were done in argon. 
The specimens were loaded as soon as a steady 
temperature was reached in the creep capsule. 

Tensile Properties—Fig. 3 and Table I show the 
0.2 pct yield stress, ultimate tensile strength, and 
percent elongation. Data on electrolytic chromium 
from Pugh® are included for comparison purposes. 

Creep Rupture Data—The creep rupture proper- 
ties of the chromium-alumina material at 1800°F 
are summarized in Fig. 4. 

Data are plotted as time to rupture as a function 
of initial stress of the material. Included in Fig. 4 
is time to rupture of electrolytic chromium at 
1800°F.° Note that the rupture strength at 100 hr 
of Cr-Al,0O, is at least twice that of pure Cr. It is 
unfortunate that more test specimens were not 
available to determine more fully the creep curve 
of Fig. 4. 


DISCUSSION AND CONCLUSIONS 


1) Chromium containing a dispersion of alumina 


Table | 
O22 Pct Ultimate 
Test Yield Tensile Pct Elon- 
Temperature, Stress, Stress, gation in 
Test Ay Psi Psi 0.8 In. 
RT 54,000 54,000 0 
1200 52,000 54,000 y 
1500 41,200 47,200 
1800 25,800 27,600 14 
Electrolytic 
1200 26,000 32,000 20 
Be 1500 18,000 22,000 55 
1800 12,000 13,000 80 
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Fig. 2—Cr — 16 pct Al,O3 as extruded. Unetched. X500. 
Reduced approximately 43 pet for reproduction. 


was obtained by the hydrogen reduction of a solid 
solution of oxides. The particle spacing is such 
that the 1200°C extrusion temperature was suffi- 
ciently high to cause recrystallization and subse- 
quent growth to a rather large grain size. 

The brittleness of the material at room temper- 
ature, excluding the effects of gases, could arise 
from grain size alone. This has been demonstrated 
by many workers”’® during studies of brittle-ductile 
transitions in iron. It would be reasonable to as- 
sume that a similar effect could be expected with 


‘respect to chromium. Thus it is felt that extruded 


chromium-alumina might be made room-tempera- 
ture ductile if a tenfold reduction in grain size could 
be attained. 

2) The material is ductile above 1200°F and is at 
least two times stronger than electrolytic chromium 
at all temperatures. 

3) At 1800°F the ductility, creep resistance, and 
rupture strength are within the range of usefulness 
for high-temperature applications. 
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Diffusion Studies in the Uranium-Niobium 


(Columbium) System 


Interdiffusion and intrinsic diffusion coefficients were deter- 
mined in the uranium-niobium system from diffusion couples ana- 
lyzed with an electron microbeam probe. A previously unreported 
intermediate phase, designated in this report as the delta phase, 
was found to exist along the niobium-rich side of the miscibility 
gap. Its composition width was determined from the concentration 


gradients in the diffusion couples. 


The presence of this phase was 


Norman L. Peterson 


also confirmed by microhardness analysis and metallographic 


observations. 


Tre excellent corrosion resistant properties, 
high-temperature strength and reasonable nuclear 
properties of niobium have prompted its use as an 
alloying element with uranium and as a possible 
cladding material for reactor fuel elements. Hence 
the formation and growth of intermetallic phases as 
well as diffusion data for the uranium-niobium sys- 
tem are of considerable practical importance to 
metallurgists and nuclear engineers. 

Diffusion zones may exhibit varying degrees of 
complexity depending upon the mutual solubility of 
the metals involved, and the intermediate phases 
which may form. In the simplest case where the 
metals exhibit a complete range of solid solubility, 
a single phase region is produced. Generally, how- 
ever, the metals may react to produce a multiphase 
diffusion zone containing several layers of inter- 
metallic phases. 

A number of investigators” ® have analyzed the 
concentration gradients present in diffusion couples 
in order to investigate phase equilibria and solu- 
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bility limits. If diffusion is the rate-controlling 
process in establishing a concentration gradient, 

the compositions at the interfaces of the interme- 
diate phases will represent the equilibrium values 
expected from the phase diagram at the temperature 
at which diffusion has taken place. 

No published information is available at this time 
on diffusion in the uranium-niobium system. A 
number of investigators’ have contributed infor- 
mation to the construction of the uranium-niobium 
phase diagram from other than diffusion techniques. 
There is good agreement on the high uranium side 
of the phase diagram, but the high niobium side of 
the miscibility gap still remains somewhat in doubt. 
The phase diagram as determined by B. A. Rogers, 
et al." is shown in Fig. 1. 

The present work was aimed at obtaining funda- 
mental information about the solubility limits of the 
miscibility gap and diffusion in the uranium-niobium 
system. A Kirkendall effect, which might be ex- 
pected on the basis of the rather large difference 
in melting points between uranium (1132°C) and 
niobium (2415°C), was also investigated. The con- 
centration gradients were measured by an electron 
microbeam probe technique, similar to that used by 
Castaing,’? Adda and Philibert,**»"* and Macres.* 
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Fig. 1—The uranium-niobium phase diagram (Rogers, 
et al.) 


EXPERIMENTAL PROCEDURE 


The uranium used in this investigation was ob- 
tained from Argonne National Laboratory and had 
a purity of 99.99 pct. The niobium obtained from 
Fansteel Metallurgical Corp. was of 99.9 pct purity. 

To obtain reliable data on the interdiffusion of 
metals, flawless contact must be established be- 
tween uncontaminated surfaces of the metals to be 
studied. It was found that this could be achieved by 
using the ‘‘picture frame’’ technique as reported by 
Kittel.*® However, during bonding some oxide was 
formed on the surface of the uranium which served 
as Kirkendall markers. 

Specimens were sealed off in 17 mm vycor or 
quartz glass tubes in a vacuum of 1 x 107° mm Hg. 

Four diffusion couples were run at each of three 
temperatures for varying lengths of time. The 
diffusion temperature was controlled within + 2°C 
by a West controller using a chromel-alumel ther- 
mocouple. The length of the diffusion anneals at 
the different temperatures are shown below. 


800° C--9, 25, 36, and 49 days 
892° C—9, 16, 25, and 36 days 
996° C—4, 9, 16, and 25 days 


After the diffusion anneal, the samples were sec- 
tioned normal to the diffusion zone. They were then 
given a metallographic polish, which included a pa- 
per polish through 4/0 emery paper and a series of 
diamond polishes through 1/4 yw diamond paste. 

Since the electron beam penetrates approximately 
1 yu into the surface of the specimen, there must not 
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Marker Interface 


Delta 


Fig. 2—U-Nb diffusion couple, Heat treated at 800°C for 
36 days. X150. Reduced approximately 23 pct for repro- 
duction. 


be any smeared metal on the surface. With the 
chemical properties of uranium and niobium being 
so very different, it was found that various chemical 
etchants would not leave the surface flat. Hence 
cathodic etching was performed in equipment simi- 
lar to the design reported by T. K. Bierlein et al,? 
Satisfactory etching was obtained in 35 min using 
krypton gas with an accelerating voltage of 1700 v 
and a resulting current of about 2 ma per sq cm. 


The polished and etched specimens were placed 
in the specimen chamber of the electron probe mi- 
croanalyzer. The details of the construction and 
operation of this instrument have been previously 
stated by Macres.* By means of this instrument 
chemical analyses were obtained within an accuracy 
of 7/2 at. pct in steps of 0.0001 in. across the con- 
centration gradient. 

Microhardness measurements were also made on 
the diffusion zone of a uranium-niobium diffusion 
couple annealed for 49 days at 800°C. This was 
performed on a Wilson Tukon Microhardness Tester 
using a 100 g load on the indentor. 


RESULTS AND DISCUSSION 


A) Metallography—Fig. 2 is a photomicrograph 
of a uranium-niobium diffusion couple annealed for 
36 days at 800°C. It may be noted that an inter- 
mediate phase is clearly visible in this picture 
which has been designated the 6 phase for ease of 
reference. The relation between the width of this 6 
phase and the square root of the diffusion time at 
the three temperatures investigated is shown in 
Fig. 3. This data shows a linear relationship in- 
dicating that the growth process is diffusion con- 
trolled. 

Fig. 2 also shows the Kirkendall marker inter- 
face. The distance between the marker interface 
and the Matano interface as a function of the square 
root of the diffusion time for the three temperatures 
investigated is shown in Fig. 4. 

It was noted that porosity is found in the uranium- 
rich portion of the diffusion couple at the lowest 
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Fig. 3—Width of 6 phase as a function of the square root 
of the diffusion time. 


heat-treating temperature, Fig. 2. This large 
amount of porosity is not found at the higher tem- 
peratures. This decrease in the amount of void 
formation with increasing temperature may be ex- 
plained in the following way: 1) The difference in 
the intrinsic diffusion coefficients for uranium and 
niobium increases with decreasing temperature; 


OBC =a 
996°C 
= 
a 
= Z 
g92°C 
° 
= 
fo) 
= = 
800°C 
ie 
0:20 | 
= 
0. 
= 
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Fig. 4—Movement of marker interface as a function of 
the square root of the diffusion time. 


2) Void formation will be greater at the lower tem- 
perature since the solubility for vacancies decreases 
with decreasing temperature causing the excess con- 
centration of vacancies to precipitate as voids. 

B) Analysis of Composition Gradients—The ura- 
nium and niobium concentration gradients obtained 
by the electron probe technique for specimens an- 
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Fig. 5—Uranium and niobium concentra- 
tion gradients in diffusion couple annealed 
49 days at 800°C. 
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Fig. 6—Uranium and niobium concentra- 


36 days at 892°C. 


nealed for 49 days at 800°C, 36 days at 892°C, and 
25 days at 996°C are shown in Figs. 5, 6, and 7, 
respectively. The most interesting feature to note 
is the discontinuities in the gradients showing the 
existence of the 6 phase. This 5 phase appeared 
in all 12 diffusion couples. The composition width 
of the 6 phase decreases and the phase shifts to 
higher uranium concentrations with increasing 
temperatures, seemingly coming to a point at the 
peak of the miscibility gap. The actual composition 
width of the 5 phase at 996°C cannot be determined 
exactly from this investigation since the phase is so 
narrow that not enough points may be obtained to 
determine the composition limits accurately. 


With the presence of the 5 phase along the high 
niobium side of the miscibility gap, one must pos- 
tulate a two-phase field of some composition width 
between the 6 phase and pure niobium. From the 
concentration curves determined in this work one 
might interpret that there is practically no solid 
solubility of uranium in niobium. However, the 
actual solid solubility is masked in this investiga- 
tion by the relatively high diffusion coefficients in 
the 6 phase and the lower diffusion in the high ni- 
obium alloys. This would provide a fast moving 
5-Nb interface that would sweep over any appre- 
ciable gradient that suggested a large solid solu- 
bility of uranium in niobium. The resulting gradi- 
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Fig. 7—Uranium and niobium concentra- 
~| tion gradients in diffusion couple annealed 
25 days at 996°C. 
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Fig. 8—D as a function of 1/7 for uranium-niobium 
diffusion. 


ent in the high niobium phase is less than the 
resolution of the instrument used. 

The microhardness measurements support the 
previously stated evidence of the 6 phase. This 
phase is harder than the uranium rich y, and the 
niobium phase, but softer than the pure a uranium. 

C) Interdiffusion Coefficients—The interdiffusion 
coefficients were calculated by the Matano method” 
from the concentration gradients shown in Figs. 5, 
6, and 7. Jost’® has shown that the application of 
the Matano analysis to multiphase diffusion is valid 
for diffusing systems in which a finite number of 
discontinuities occur in the concentration and in the 
diffusion coefficient. The values of log D for differ- 
ent concentrations are plotted against 1/T in Fig. 8. 
The equations for the straight line plots found in 
Fig. 8 are as follows: 


For 99.5 pct U (Markers Interface Composition) 
D = 3.4 x 107° exp (—25,800/RT) 

For 95 pet U 
D = 9.6 x 10-7 exp (—23,400/RT) 

For 90 pet U 
D = 2.4 x 107” exp (—21,800/RT) 

Two values of D have also been determined for 
the 6 phase. a 

For 800°C and 30 pet U D=4 x 1077? 

For 892°C and 37 pet U D = 2.5 x 10-** 

D) Intrinsic Diffusion Coefficients—From the 
measurements of the velocity of the marker inter- 
face and the interdiffusion coefficients at the 
marker interface, it is possible to determine the 
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Fig. 9—Intrinsic diffusion coefficients as a function of 1/T. 


intrinsic diffusion coefficients, Dy and Dy, at 99.5 at. 
pet U by the Darken analysis.*® These values are 
plotted in Fig. 9 on a semi-log graph against 1/T. 
Dy and Dy, are found to lie on straight lines given 

by the following equations: 


Dy = 2 <107* exp (—23,200/RT) 
Dyp = 3.1 x 107° exp (—25,800/RT) 


CONCLUSIONS 


The conclusions from the studies made on the 
time-temperature dependence of diffusion in the 
uranium-niobium system may be summarized as 
follows: 

1) Based on the observed concentration gradients, 
a new phase exists along the niobium-rich side of 
the miscibility gap. The composition width de- 
creases and shifts to the higher uranium composi- 
tion with increasing temperature. 

2) From the observed square root of time growth 
dependence, the formation of the 5 phase is diffu- 
sion controlled. 

3) Application of the Matano analysis shows that 
the interdiffusion coefficient increases with increas- 
ing uranium content in the uranium-rich phase. The 
interdiffusion coefficients in the 6 phase are com- 
parable to those in the high uranium phase. 

4) The intrinsic diffusion coefficients were de- 
termined at 99.5 at. pct U. The intrinsic diffusion 
coefficient of uranium was found to be 20 times 
larger than that of niobium at this concentration. 
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Plastic Deformation of Aluminum Multicrystals 


Specimens consisting of several crystals, each with a pre- 
scribed geometry and a controlled orientation with respect to both 
the externally imposed stress and the neighboring crystals, were 
deformed in tension at room temperature. It is shown that the 
influence of a grain boundary on the plastic deformation of a 
multicrystal depends on the extent to which the presence of the 


grain boundary contributes to the necessity of multiple slip in 


the component crystals. 


Many investigations were carried out in the past 
on the plastic deformation of aluminum Single crys- 
tals, bicrystals, and polycrystals. The various 
studies of bicrystals aimed primarily at elucidating 
the influence of grain boundaries on the mechanisms 
of plastic deformation. In the earlier studies the 
emphasis was placed primarily on finding the 
‘“strength’’ contributed by a grain boundary. In more 
recent investigations it became apparent that the 
grain boundary does not contribute any strength per 
se, but rather acts by influencing the mechanism of 
plastic deformation in the adjoining grains. The con- 
cept thus emerged of the plastic properties of a bi- 
crystal, and by extension of a polycrystal, depending 
solely on the mechanism of deformation prevailing 
in.each grain. The contribution of the grain bound- 
aries thus becomes limited to the type of restrictions 
imposed on each grain by its neighbors. 

The present investigation of the behavior of speci- 
mens consisting of more than two crystals was de- 
signed for the purpose of studying the influence of 
the grain boundary in simple aggregates. The find- 
ings of this study further support the concept that 
the restriction imposed on a deforming crystal by 
its neighbor constitutes the predominant factor in 
the plastic deformation of polycrystals. 

The term ‘‘multicrystal’’, in contrast with single 
and polycrystals, is used to describe specimens 
consisting of several crystals. Each one of the 
component crystals has a prescribed geometry 
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and a controlled orientation with respect to both 
the externally imposed stress and the neighboring 
crystals. 


Two groups of multicrystals were prepared. All 
the component crystals of both groups of multicrys- 
tals had the axial orientation (isoaxial multicrystals) 
shown in Fig. 2, with the primary slip plane and 
slip direction both at 45 deg to the specimen axis. 

In the first group (hereafter referred to as group I) 
the component crystals were symmetrically oriented 
with respect to the plane of the grain boundary; the 
primary slip plane and slip direction were respec- 
tively at an angle of 60 and 30 deg to this plane. For 
the second group (group II) the axial orientation 
remained the same and the relative positions of the 


primary slip plane and slip direction are shown in 
Fig. 3. 


EXPERIMENTAL METHODS 


The material used was aluminum 99.993 pct pure, 
according to the manufacturer. 

The specimens were produced by growth from the 
melt in a horizontal graphite container. In order to 
maintain the prescribed geometry of the individual 
crystals of a multicrystal, a technique described 
elsewhere was used.’ The Specimens were grown 
under a small, positive pressure of helium at a rate 
of approximately 1 mm per min, annealed in air 
for 24 hr at 640°C and cooled over a period of 
several hours to room temperature. All the multi- 
crystals were rectangular in cross-section, 6 by 
18 mm (see Fig. 1) and from 150 to 170 mm long. 

In each group bicrystals, tricrystals and quadru- 
crystals were prepared as shown in Figs. 1 and 4. 
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Fig. 1—Geometry of multicrystals. 


In addition, single crystals of the same dimensions 
and of the orientations corresponding to the com- 
ponent crystals of the first group were also pre- 
pared. Thus the primary slip direction in these 
crystals formed an angle of 30 deg with the side 
faces of the specimens. This orientation was chosen 
for the single crystals to avoid the difficulty of the 
difference found in the plastie deformation of single 
crystals with rectangular cross-section depending 
on whether the slip direction is parallel to the wide 
or the narrow face of the crystal.” * 

In group I the multicrystals are of the compatible 
variety, whereas in group II the multicrystals are 
noncompatible. The term ‘‘compatible’’ is used to 
describe specimens in which, on the assumption of 
homogeneous slip on the primary slip system only, 
each crystal deforms as if it were not part of an 
aggregate. The condition for compatibility is that 
the strain on each side of the plane of the grain 
boundary be the same. This condition is satisfied if 
in neighboring crystals, at the grain boundary, the 
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Fig. 2—Common 
axial orientation 
of all the multi- 
crystals. 


Oll 


Strains are identical, or in a mirror image relation- 
ship across the grain boundary plane. 

Let us consider a system of rectangular coordi- 
nate axes x,y,z attached to an isoaxial bicrystal of 
the geometry used in this investigation. Let z be 
parallel to the specimen axis and x and y respec- 
tively parallel and perpendicular to the plane of the 
grain boundary. The grain boundary will be defined 
as the xz plane. In this system of coordinates, the 
three strain components that describe the deforma- 
tion of the grain boundary plane (xz) are: €--; €,,; 
€x-. If we designate the component crystals of a bi- 
crystal as A and B, the conditions for compatibility 
of the bicrystal is expressed by: 

A B A B A B 


Similarly. for a multicrystal of the geometry de- 
scribed above. the same conditions can be applied 
across each grain boundary. 

A detailed analysis of the geometry of plastic de- 


Fig. 3—Relative 
positions of slip 
plane and slip di- 
rection in noncom- 
patible specimens. 
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Fig. 4—Orientations of slip direction projections on plane 
normal to specimen axis in all the multicrystals. 


formation by slip* shows that all isoaxial bicrystals 
which are symmetrically oriented with respect to 
the grain boundary satisfy these compatibility con- 
ditions. The same applies to symmetrical multi- 
crystals of group I used in this investigation. 

On the basis of the above reasoning the grain 
boundaries in a compatible multicrystal should not 
change the stress-strain relationship of a compatible 
multicrystal as compared to a corresponding single 
crystal. It must be emphasized, however, that the 
concept of compatibility is based on the equality of 
macroscopic strains. The microscopic strains in the 
vicinity of a grain boundary are not equal, even under 
the most favorable macroscopic, geometrical con- 
ditions. This unequality is due to the fact that de- 
formation by slip takes place only on a relatively 
small number of all the available, identically ori- 
ented slip planes. Small additional strains may be 
necessary to accommodate the microscopic differ- 
ences in the strain of two neighboring crystals at 
the grain boundary. 

In group II the component crystals of the multi- 
crystals were oriented with respect to each other in 
a manner that gives the maximum difference in 
strain between two neighboring crystals at the plane 
of the grain boundary (see Fig. 5). Additional slip 
systems must operate in each crystal in order to 
produce the large macroscopic, additional strains 
necessary to maintain continuity at the grain bound- 
ary. In this case the effect of the grain boundary is, 
therefore, expected to be more important than in 
group I. 

The two groups of specimens were deformed in 
uniaxial tension at room temperature. The tensile 
tests were carried out in two stages. For the first 
stage, up to 2 pct elongation, a ‘‘soft’’ type tensile 
machine was used. The precision of the measure- 
ments was +2 g per sq mm for stress and +2 
x 10 °for strain. The rate of loading was approxi- 
mately 10 g per sq mm per min. After 2 pct elonga- 
tion (the limit of the instrument) the specimens 
were transferred to a ‘‘hard’’ type machine and 
deformed to a total of 18 to 20 pct elongation. The 
precision of the measurements in the second stage 
was +10 g per sq mm for Stress and +10~° for strain. 
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Fig. 5—Schematic representation of strains at the grain 
boundaries in the two types of multicrystals. 


A constant strain rate of approximately 5X 10~° per 
sec was used. 

Two or more specimens in each of the seven 
categories were tested. The results reported below 
are, therefore, averages of at least two specimens 
of each kind. Different stress-strain curves are 
shown only for the cases where the difference be- 
tween specimens of different kinds, was substantially 
larger than the difference in behavior of two or more 
specimens of the same kind. 

The specimens were electropolished before de- 
formation to facilitate the observation of slip lines. 


RESULTS AND DISCUSSION 


Metallographic examination of the specimens after 
plastic deformation revealed the following features: 

1) The single crystals and the compatible multi- 
crystals exhibited slip lines almost exclusively 
corresponding to slip on the primary slip plane. On 
these specimens, only one additional slip plane was 
occasionally observed to act. On closer examination 
this additional plane was always found to be the 
critical plane.* After several percent elongation pro- 


_ *If (111) is considered to be the primary slip plane, (111), (111), and 
(111) will be termed the conjugate, cross-slip, and critical planes, re- 
spectively. 


nounced kink bands and occasional cross-slip were 
found on all these specimens. The observations were 
carried out over the entire surface of the crystals, 
with particular emphasis on the regions adjacent to 
the grain boundaries. In these regions no features 
different from the remainder of the specimens were 
found. 

2) In the noncompatible bicrystals slip on the pri- 
mary and critical planes was observed near the grain 
boundary. In the remainder of the specimens slip 
traces of the primary plane were predominant, al- 
though traces of the critical plane and cross-slip cor- 
responding to both were also frequently observed. 

3) In the noncompatible tri-and quadrucrystals 
slip on two slip planes (primary and critical) was 
observed throughout the specimens, with the ex- 
ception of the areas near and including the two ex- 
ternal surfaces parallel to the planes of the grain 
boundaries. In these areas slip was predominantly 
either on the primary or on the critical plane, but 
seldom on both simultaneously in any one region. In 
many areas of the inner crystals—one in tricrystals 
and two in quadrucrystals—a third slip plane (the 
conjugate plane) was also observed to act. Cross- 
Slip with respect to all the acting slip planes was’ 
also frequent. 

Fig. 6 shows the ‘‘engineering stress’’-‘‘engineer- 
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ing strain’’ curves for all the specimens. The shaded 
area in this diagram represents the results on all the 
compatible bi-. tri- and quadrucrystals, as well as 
the noncompatible bicrystals. The individual curves 
for these specimens were randomly distributed in 
this area. The curves designated T(N. C.) and Q(N. C.) 
refer tononcompatible tricrystals and quadrucrystals 
respectively. These results can be summarized as 
follows: 

1) The initial tensile yield stress was found to be 
110 g per sq mm + 10 g per sq mm for all speci- 
mens (including single crystals). The presence of 
grain boundaries was, therefore, not found to affect 
the initial yield stress. 

2) Substantial easy glide (about 0.5 pct strain) was 
observed only in the case of single crystals. In the 
compatible bicrystals small remnants of easy glide 
could be detected, whereas no easy glide was found 
in the compatible tri- and quadrucrystals. 

3) In the case of compatible multicrystals the 
stress-strain curves are independent of the number 
of grain boundaries. 

4) In the case of noncompatible multicrystals a 
substantial difference is found between the behavior 
of bicrystals and tricrystals, and a smaller differ- 
ence between tricrystals and quadrucrystals. 

The above observations indicate that the presence 


of a grain boundary has an effect on the stress-strain 


relationship even in the cases where no macro- 
scopic, geometrical restrictions are imposed on the 
deformation by single slip (the case of compatible 
multicrystals). However, no differences in the 
stress-strain relationship were observed between 
compatible bi-, tri-, and quadrucrystals, except 
for the complete suppression of easy glide in the 
tri- and quadrucrystals. 

The end of easy glide is usually considered to oc- 
cur where ‘‘appreciable’’ slip begins on a secondary 
slip system, even though no surface indications of 
secondary slip are found. It would thus appear that, 
at least for the geometry used in this investigation, 
the presence of one boundary in the compatible 
specimens influenced sufficiently the process of 
plastic deformation to suppress easy glide. No 


further, detectable influence was exerted by the in- 
creased number (up to three) of grain boundaries. 
An alternative explanation can be sought in the 
‘‘erip effect.’’ The effect due to rigid grips ina 
tensile test (where deformation takes place by slip) 
is, to a first approximation, proportional to the 
square of a cross-sectional dimension of the speci- 
men and inversely proportional to the length.® As 
was pointed out earlier, here all the specimens 
were of the same overall dimensions. On going 
from a bicrystal to a quadrucrystal the relevant 
cross-sectional dimension of the component crystals 
decreases by a factor of two, while the length re- 
mains the same. By definition, for compatible multi- 
crystals, on the assumption of homogeneous strain, 
each component crystal should deform as if it were 
alone. It follows that the grip effect should de- 
crease with decreasing cross-sectional dimensions 
of the component crystals of multicrystals of equal 
length. It is, therefore, possible that the similar 
behavior of all the compatible multicrystals is due 
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Fig. 6—Stress-strain curves for all the multicrystals. The 
shaded area includes compatible bi-; tri-, and quadrucrys- 
tals as well as noncompatible bicrystals. 


to a cancelling of two opposite effects. The influence 
of increasing the number of grain boundaries might 
be cancelled by a decrease of the grip effect with 
decreasing cross-sectional dimensions of the com- 
ponent crystals. 

The frequent occurrence of slip on the critical 
slip plane can be explained by the axial orientation 
of the specimens. For this orientation the external 
resolved shear stress on the critical slip plane is 
the next highest, after the primary plane, and dif- 
fers from the shear stress on the latter only by a 
few percent. ; 

The increased rate of work hardening found in 
non-compatible tri- and quadrucrystals seems to be 
associated with the observation of a third acting slip 
plane (the conjugate plane). When slip takes place on 
the primary and critical slip systems, the important 
dislocation interactions on the two systems are 
intersections with the formation of sessile jogs. On 
the other hand, when slip occurs simultaneously on 
the primary and conjugate systems, the dislocations 
interact to form Lomer-Cottrell dislocations. In 
specimens where slip on the conjugate plane was 
observed in addition to the primary and critical 
planes, the rate of work hardening was higher than 
in specimens where only slip on the primary and 
critical planes was found. This observation strongly 


suggests that Lomer-Cottrell dislocations con- 
stitute more effective obstacles to further slip than 
dislocation intersections which form sessile jogs. 
Livingston and Chalmers* showed that the ad- 
ditional strains required to maintain continuity at 
the grain boundary of a noncompatible bicrystal can 
be satisfied by a total of four independent slip sys- 
tems. The distribution of these slip systems may 
be two in each crystal or three in one crystal and 
one in the other crystal. In this investigation it was 
found that after several percent extension a total 
of five or six slip systems acted; two in one and 
three in the other or three in each of the enclosed 
crystals of a noncompatible tri- or quadrucrystal. 
This suggests that in a crystal that has no free 
surface parallel to the plane of the grain boundary, 
the influence of the grain boundary extends over 
larger distances than in a bicrystal. Additional 
strains may be required to maintain continuity 
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when the ‘‘zones of influences’’ of each boundary 
overlap, which may account for slip on a total of 
more than four slip systems in two neighboring 
crystals. 

It should also be pointed out that the rates of 
work hardening found in multicrystals when multiple 
slip occurs, are similar to the rates of work hard- 
ening found in single crystals for comparable 
amounts and kind of multiple slip. 


CONCLUSIONS 


1) The initial yield stress does not change when 
going from a Single to a quadrucrystal of the geo- 
metry used in this investigation. This is true for 
both compatible and noncompatible multicrystals. 

2) The stress-plastic strain relationship of a 
crystal depends on the number and kind of operating 


slip systems regardless of the way in which these 
slip systems were made to operate (geometry, 
orientation, grain boundaries, and so forth). 

3) The influence of a grain boundary on the plastic 
deformation of a multicrystal depends on the extent 
to which the presence of the grain boundary contri- 
butes to the necessity of multiple slip in the com- 
ponent crystals. 

4) Lomer-Cottrell dislocations seem to con- 
stitute more effective obstacles to slip than disloca- 
tion intersections which form sessile jogs. 
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Nature of the Matrix for Secondary Recrystallization 


to the Cube Texture in High-Purity Silicon Iron 


The characteristics of cube-oriented nuclei and other matrix 
grains that are associated with secondary vecrystallization to the 
cube texture in high-purity silicon iron were investigated by me- 
tallographic and X-ray methods. The results show that the struc- 
ture consists of relatively perfect grains of average diameter be- 
tween one and two times the sheet thickness and that the texture 
has a moderately strong (110) [001] component and a weak (100) [001] 
component. The results also indicate that matrix stability results 
from the two-dimensional nature of the grains and that cube-oriented 
nuclei are neither more perfect nor larger grains than other matrix 


grains but have a preferred [001] direction in the rolling direction 


Cc. G. Dunn 


and have a more effective driving force for growth than other grains 


because of a low (100) surface energy. 


Tue structures and textures of fine-grained ma- 
trices determine to a large extent the kinds of 
secondary recrystallization textures that form on 
annealing. The understanding of secondary recrys- 
tallization processes therefore depends on adequate 
information about the initial matrices. Matrices 
usually have three characteristics: 1) they consist 
of fine-grained primary recrystallization structures, 
2) the fine-grained structures are stable toward nor- 
mal grain growth, and 3) they contain secondary re- 
crystallization nuclei. Stability toward normal grain 
growth may be due to either a strong single orienta- 
tion texture (texture inhibition)’ or a dispersed sec- 
ond phase (dispersed phase inhibition).** If normal 
grain growth is not inhibited by either of these two 
factors, it nevertheless stops when the average grain 
size is between one and two times the sheet thick- 
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ness.” This thickness effect satisfies one of the 
characteristics of a matrix for secondary recrys- 
tallization.® Its importance in the development of 
the cube texture in high-purity silicon iron by sec- 
ondary recrystallization was pointed out by the 
authors in a recent paper on tertiary recrystalliza- 
tion’ and will be discussed further in the present 
paper. 

Assmus, Detert, and Ibe® have provided some in- 
formation on a matrix for secondary recrystalliza- 
tion to the cube texture in silicon iron. They found 
a (110)[001] or Goss texture with enough spread 
about the rolling direction to include a small amount 
of the (100)[001] orientation. The distribution of the 
[001] directions was strongest parallel to the roll- 
ing direction for both (100) primaries and cube sec- 
ondaries. These authors found no correlation be- 
tween size of a matrix grain and orientation and 
concluded that some property other than size must 
be the distinguishing characteristic of the cube- 
oriented nucleus. No consideration was given, it 
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Fig. 1—Cold-rolled structure. Sur- 
face electropolished and etched. X100. 
Reduced approximately 32 pct for 
reproduction. 


Fig. 2—Structure after a 2-min 
vacuum anneal at 750° C and a 2-min 
carburizing anneal at 700°C in low- 
pressure acetylene. Surface electro- 


Fig. 3—Laue photograph of a large 
dark area of etched specimen, Fig. 2. 


etched in chrome-acetic acid. X100. 
Reduced approximately 32 pct for 


reproduction. 


seems, to the question of whether or not the cube 
primaries were more perfect than other primaries, 
which is the conception advanced by Rathenau and 
Custers” for secondary recrystallization nuclei in 
Ni-Fe. Also, it is doubtful that the texture reported 
was sufficiently strong to provide enough grain 
growth inhibition of the matrix to account for the 
occurrence of secondary recrystallization. 

The purpose of the present paper is to provide in- 
formation on a) the extent of grain growth involved 
in producing a matrix for secondary recrystallization 
to the cube texture, b) the matrix grain structure, 
c) the matrix subgrain structures, d) the matrix 


texture and its effects on matrix stability, the crit- 
ical size of nuclei for secondary recrystallization, 
and reorientation processes, e) the cause of matrix 
stability, and f) the unique characteristics of cube- 
oriented nuclei. 

Information on the initial growth of cube-oriented 
nuclei for secondary recrystallization in a matrix of 
the present type is being reported in another paper.’° 


EXPERIMENTAL PROCEDURE 


Specimens were prepared from a vacuum melted 
ingot containing 3 pct Si and a total of 0.005 wt pct 
impurities. Portions of the ingot were hot and 
cold rolled to 0.006 in. (0.15 mm) thick. The final 
reduction was 50 pct. 

Vacuum anneals were used in the range 750° to 
1000° C in the study of primary recrystallization and 
grain growth, which occurred during the formation 
of the matrix. The anneals used were neither long 
enough nor high enough in temperature to produce 
secondary recrystallization grains. A pure dry 
argon anneal at 1100°C was also used in the prepa- 
ration of one sample. 

A chrome-acetic acid electrolytic etch-pit method 
was used to reveal dislocations and subgrain struc- 
ures.’ Because of the low carbon content of the 
nigh-purity silicon iron, it was necessary to add 
carbon in the application of the etch-pit method.” 
Carbon was added by annealing at temperatures 
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below prior annealing temperatures in a static at- 
mosphere of low-pressure acetylene. 

The texture of the matrix of two-dimensional 
grains was determined from the orientations of a 
large number of grains; the orientations were ob- 
tained by the Laue transmission X-ray method. 
Axis density figures were used to summarize the 
orientation data and to present information on the 
matrix texture in a quantitative manner. 


RESULTS AND DISCUSSION 


Primary Recrystallization—The cold-rolled sheet 
material consisted of elongated grains, Fig. 1, with 
an average grain diameter approximately equal to 
the sheet thickness. The textures of the cold-rolled 
sheet included relatively strong (111) [112] com- 
ponents. 

On annealing samples at 750°C it was found that 
the rate of recrystallization was not the same for 
all grains of the cold-rolled material (a result to 
be expected from the known effect of orientation on 
recrystallization behavior’). Fig. 2 shows a re- 
gion obtained after annealing 2 min at 750°C, treat- 
ing 2 min at 700°C in low-pressure acetylene to 
add carbon, and electropolishing and electroetching 
to reveal the grain and subgrain structures. The 
dark areas consist of subgrain structures corres- 
ponding to a high dislocation density. A Laue photo- 
graph of one of the dark areas shown in Fig. 2 is 
given in Fig. 3, identifying the region as a deformed 
single crystal. A number of similar dark regions 
were examined and found to be deformed single 
crystals. This part of the sample, therefore, did 
not recrystallize completely. Fig. 4 shows a portion 
of the area shown in Fig. 2, but at higher magnifica- 
tion. It is seen to be a region between two unre- 
crystallized grains; there is a well defined grain 
boundary on one side, but no apparent boundary on 
the other side. The appearance is typical of strain- 
induced grain boundary migration, which, in general, 
occurs at lesser strains.’ The fact that the grains 
are slow to recrystallize does indicate, however, 
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area shown in Fig. 2. X500. Re- 
duced approximately 32 pct for 
reproduction. 


that conditions are favorable for strain-induced 
boundary migration and thus for the formation of 
the imperfect areas that are seen in the micro- 
structure. In general the primary grains appear 
to be more perfect than primary recrystallization 
grains obtained from cold-rolled single crystals.” 
A photograph showing a more representative area 
for the extent of recrystallization and for the grain 
size obtained in a 2-min anneal at 750°C is given in 
Fig. 5. The average grain diameter is considerably 
less than the sheet thickness. 

The Matrix Structure— Fig. 6 gives a typical view 
of the structures developed in a sample first re- 


Fig. 7—Axis density fig- 
ures for matrix material 

a) Normal direction, b) 
Rolling direction, c) Trans- 
verse direction. 
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Fig. 5—Structure after a 2-min anneal 
at 750°C in low-pressure acetylene. 
X100. Reduced approximately 32 pct 
for reproduction. 


Fig. 6—Structure after a 1-hr vacuum 
anneal 750°C to 1000°C and a 2-min 
carburizing anneal at 750°C in low- 
pressure acetylene. Surface electro- 
etched in chrome-acetic acid. X100. 
Reduced approximately 32 pct for 
reproduction. 


crystallized at 750°C and then heated in vacuum at 
a slow rate to 1000°C. A comparison of Figs. 5 and 
6 shows that a five- to ten-fold increase in grain 
size has occurred. Thus, the matrix structure de- 
velops by recrystallization and grain growth. The 
average grain diameter exceeds the sheet thickness 
slightly. These primary grains that have grown to 
become two-dimensional will hereafter be called 
‘‘srowth-primaries.’’ 

It is important to note that these growth-prima- 
ries, which comprise the matrix structure for 
growth of the cube-oriented secondary grains, are 
relatively perfect. The area shown in Fig. 6, which 


is typical of the matrix, is free of imperfect areas 
of the kind shown in Fig. 4. 

A matrix condition that would account for the 
growth of a few grains because of variations in 
grain imperfection energy would involve many im- 
perfect grains (the matrix) and a few relatively 
perfect grains (the nuclei). The present matrix 
clearly does not have this condition. Thus, it is 
concluded that the important sources of driving 
energy for secondary recrystallization to the cube 
texture do not include grain imperfection energy. 

Information on relative grain size and orientation 
also was obtained. The conclusion was reached, in 
agreement with Assmus et al.,® that cube-oriented 
growth-primaries are no larger than other grains 
and therefore have no greater grain boundary en- 
ergy driving force for growth than have many other 
growth-primaries. 

Matrix Texture—A) Orientation Data—The matrix 
was prepared by introducing a sample into a furnace 
at 750°C and raising the temperature, in 1 hr, to 
1000°C. The orientations of a total of 141 growth- 
primaries were determined by the Laue transmission 
X-ray method. All grains were found to be two-di- 
mensional. The cube poles of the grains were plotted 
on a stereographie projection net. Two preferred 
orientations were found: (110)[001] and (100)[001]. 
Table I summarizes the number of orientations, n, 
found within (110)[001] and (100) [001] states of two 
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Table |. Orientation Data 


State Size n f 
(110) [001] 10 deg 16 11.3 0.74 15 
(110) [001] 7 deg 9 6.4 0.25 26 
(100) 001] 10 deg 5 3.5 0.74 4.7 
(100) [001] 7 deg 3 at 0.25 8.2 


sizes. The values of m determine the fraction of 
sample, f (in percent), for comparison with the cal- 
culated value, f’, for a random texture. 

B) Axis Density Figures—The orientations of the 
grains were used to obtain axis directions, i.e., the 
crystallographic directions parallel to a) the normal 
to the rolling plane, b) the rolling direction, and c) 
the transverse direction. Quantitative axis density 
figures were then obtained assuming equal volume 
contributions of all the grains and calculating the 
axis density for any direction using the measured 
number of axis directions within 5 deg of that di- 
rection. The results are given in Fig. 7. The 
strongest component of the texture is (110)[001], 
which agrees with the results reported by Assmus 
et al.* The weak cube component is completely re- 
solved and is not part of a widely spread (110)[001] 
component; consequently, the two components are 
not part of a wire texture with the rolling direction 
as axis. (Mobius and Pawlek’’ have reported the 
presence of nearly equal amounts of both cube and 
Goss components in the primary recrystallization 
texture of a 2.1 pct Si-Fe.) 

An estimate of the maximum amount of any com- 
ponent within 10 deg of its ideal position can be 
easily made from the axis density figures and the 
defining equation for axis density.‘* Thus, 


T = (20/24) 6f/6w [1] 


where 7 is the axis density and 6/ is the fraction 
of the sample within the solid angle 6w. From 
Fig. 7(c) one finds that the (100)[001] component 
comprises 5 pct of the sample, if T = 1.15 in the 

10 deg range, and that the (110)[001] component 
comprises 24 pet for T = 2.7. (Note that these per- 
centages are higher than the correct percentages 
listed in Table I.) According to Fig. 7(a), 16 pct of 
the grains have planes within 10 deg of (112) if 

T = 0.90. The axis density figures also seem to _ 
indicate the presence of one or two weak (112)[110] 
components. However, although all (112)[wow] ori- 
entations are present, the orientation data disclosed 
no concentrations that would justify listing any spe- 
cific (112)[uew] components. The orientation data 
also showed more clearly than the axis.density fig- 
ures that the [001] directions of the grains of the 
cube component are not random but are nearly par- 
allel to the rolling direction, in agreement with the 
observations of Assmus et al.® 

Effects of Matrix Texture—A) Matrix stability— 

That the impurity level of the high-purity silicon 
iron is too low to inhibit normal grain growth is 
indicated by the extensive normal grain growth that 
occurred directly following primary recrystalliza- 
tion (see also Ref. 3). This observed growth also 
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tends to eliminate the possibility that the primary 
recrystallization texture was sufficiently strong to 
prevent extensive normal grain growth. However, 
since the texture may have changed during the grain 
growth, the question of its effect on matrix stability 
still remains and needs some consideration. 

Since the texture consists of several components, 
the average disorientation must be greater than the 
average disorientation for a single component tex- 
ture with (100) poles more highly concentrated in 
the rolling direction. The pole density distribution 
measured from the rolling direction for this sim- 
plified texture may be taken as 7 exp (—97/2a°), 
where 2 is the distribution parameter for a normal 
bivariate distribution.*® Then 
7 exp (— 67/227) dw = "3, [2] 
with the integration carried out over the pole con- 
centration, determines ) for pole density in ‘“‘times 
random’’ units. This equation reduces to 


Tr? = 7s [3] 


Thus, A = 0.22 radians or 12.5 deg. The standard 
deviation, 0, is 12.5V2 or 17.5 deg. If the method 
of Gay, Hirsch, and Kelly*®?° is used, the average 
disorientation found is 20/Vz or 20 deg. The pres- 
ent matrix therefore should have an average disori- 
entation somewhat greater than 20 deg. (20 deg, 
however, is still far less than the 41-deg average 
disorientation for random orientations.”’ ) 

A similar calculation”® for a strong (110)[001] 
texture (o = 4 deg) gave an average disorientation 
of 4.5 deg, which is considerably below the present 
20-deg value. A 4.5-deg disorientation infers of 
course the presence of many low-angle boundaries. 
It also infers matrix stabilization on the basis that 
low-angle boundaries have low mobility. This is not 
the situation, however, for the present matrix be- 
cause an average disorientation of about 20 deg 
means that the fraction of low-angle boundaries 
must be small. More will be said later about the 
cause of the matrix stability. 

B) The critical size of the nucleus—A critical 
size of a nucleus for secondary recrystallization 
can be calculated for an average matrix disorienta- 
tion of 20 deg when grain boundary energy provides 
the only driving force for growth and there are no 
reaction forces, such as those from inclusions or 
thermal grooves. A grain in deviating orientation, 
for example, would have high-angle boundaries of 
energy ¥, , and the matrix grains, because of the 
20-deg average. disorientation would have boundary 
energies averaging 0.98 ¥,, as an estimate from 
grain boundary data for silicon iron.” The dihedral 
angle opposite the 20-deg boundary therefore would 
be 121 deg according to the triangle of forces. It 
follows that a grain of seven sides (or one 15 to 20 
pet larger than average) is large enough to grow.* 


*For comparison an average matrix energy of y¢/2 is equivalent 
to a critical nucleus of twelve sides in a two-dimensional model.*”** 
A matrix grain not in deviating orientation is large 
enough to grow when it has six sides. Clearly the 
situation described here is not one that favors the 
growth of a few grains. 
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Fig. 8—Matrix structure in specimen annealed 30 min at 
1100°C in pure dry argon after a 20-min heating-up period. 
X20. Reduced approximately 23 pet for reproduction. 


Reorientation phenomena—Since the strongest 
component of the matrix texture is (110)[001] and 
the secondary recrystallization texture is (100)[001], 
there is a change in texture to be considered. The 
cube-oriented growth-primaries, or nuclei, are in 
deviating orientation (large disorientation) to the 
(110)[001] orientation, of course, but the important 
question is whether this particular disorientation is 
associated with a higher boundary mobility than 
other large disorientations. There seems to be no 
evidence or reason for such a unique association. 
The entirely different secondary recrystallization 
textures that have been reported in much stronger 
(110)[001] matrices** may be cited as evidence to 
the contrary. 

D) Oriented nuclei—If the matrix texture is un- 
able to provide cube-oriented nuclei with higher 
mobility than other potential nuclei, it must set the 
cube-oriented nuclei apart by means of higher net 
driving forces. Since neither subgrain energy nor 
grain boundary energy driving forces qualify for 
this role, we turn to surface energy driving 
forces.**"° A lower energy in (100) surfaces 
than in other surfaces is what is needed because 
the matrix texture provides [001] directions in the 
rolling direction for all (100) growth-primaries. 
According to this view ‘‘oriented nuclei’’ are in- 
volved. The fabrication process supplies cube- 
oriented grains and no other (100) type grains, 
while surface energy provides the extra driving 
force needed for growth. The specific conditions 
for lower surface energy in (100) surfaces is 
treated in another paper.*° 

Matrix Stability and the Specimen Thickness 
Effect— We invoke the specimen thickness effect® 
to account for the major part of matrix stabilization, 


because without stabilization there can be no sec- 
ondary recrystallization. According to Mullins”® 
the thickness effect is due to thermal grooving. 
Under certain conditions a boundary is completely 
trapped in a groove whose rate of migration is de- 
celerating; not being able to escape, the boundary 
soon moves at a negligible speed because of the 
ever deepening groove. 
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Fig. 9—Composite photomicrograph and interference 
photomicrograph of a silicon iron sample 0.3 mm thick 
that was annealed 1 hr at 1200°C in vacuum. X500. (After 
Dunn”). Reduced approximately 23 pct for reproduction. 


Fig. 8 shows the appearance of a matrix pre- 
pared in a 30-min anneal in pure dry argon at 
1100°C. The grain structure is revealed entirely 
by deep thermal grooves at grain boundaries. Ac- 
cording to measurements made with an interference 
microscope, the groove depths generally exceed 
0.2. The average grain diameter for this matrix 
is about 1.7 times the sheet thickness and therefore 
is within the size range expected according to the 
specimen thickness effect. An estimate of maxi- 
mum curvature in the plane of the sheet of a com- 
pletely trapped boundary may be made if surface 
energy is neglected. A reasonable escape angle is 
10 deg since this corresponds to a surface groove 
angle of 160 deg and a value of 3 for the ratio (sur- 
face energy)/(grain boundary energy). The mag- 
nitude of the curvature in a radial cross-section can 
never exceed the boundary curvature in the plane of 
the specimen surface. Therefore, a maximum cur- 
vature in the surface is 2 x 10/57.3t, where ¢ is the 
thickness, z7.e., a boundary with a radius of curva- 
ture greater than 2.9f should be stuck. The present 
matrix has a number of boundaries that fail to meet 
this condition. This is not surprising in view of the 
neglect of surface energy; but, by and large, the 
boundaries do meet the curvature condition reason- 
ably well. 

Mullins also pointed out that boundaries with 
groove depths of about 0.1 or more would move 
so Slowly they could be described as stuck. The 
present matrix annealed in argon at 1100°C meets 
this condition. Some additional information on 
groove depths is the following. Fig. 9 gives both 
a photomicrograph and an interference photomi- 
crograph of the same area in a sample that was an- 
nealed for 1 hr at 1200°C in vacuum.”® The initial 
boundary positions are shown on the right by flat- 
bottom grooves that are more than 0.3 u. deep. The 
boundaries moved from the initial positions because 
other boundaries nearby also moved. However, the 
advance of the boundaries occurred in a series of 
spasmodic movements. The boundary in the lower 
half of the figure appears to be stuck in a well- 
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defined groove 0.1 uw deep while the other boundary 
is free to move, particularly near the center (the 
three-grain junction point) where the groove is al- 
most invisible. (If the upper boundary moves while 
the lower one waits, the lower one has to lengthen, 
and conversely. Alternate movements of this kind 
help explain some of the spasmodic migrations ob- 
served.) These results on stuck and moving bound- 
aries agree with ideas advanced by Mullins. Ob- 
servations made in general for various annealing 
conditions indicate that the migration of boundaries 
in two-dimensional grains is usually spasmodic and 
only near the end of existence of a three- or four- 
sided grain is the rate of migration high enough to 
prevent deceleration. 


CONCLUSIONS 


1) The matrix structure for secondary recrys- 
tallization to the cube texture is formed by primary 


recrystallization and grain growth to the point where 


the average grain diameter is one to two times the 
sheet thickness. 

2) The matrix structure does not consist of a few 
relatively perfect grains (nuclei) among many im- 
perfect grains but consists of grains that are rela- 
tively perfect; so substructure energy is not im- 
portant in the present type of secondary recrystal- 
lization. 

3) The matrix texture consists largely of a mod- 
erately strong (110)[001] component and a very 
weak (100)[001] component with an overall average 
matrix disorientation of about 20 deg, which indi- 


cates that the number of low-angle grain boundaries 


is too small to provide matrix stability through tex- 
ture inhibition. 

4) Matrix stability in the present high-purity 
silicon iron results from the phenomenon of the 
specimen thickness effect, z.e., the cessation of 
normal grain growth when the average grain di- 
ameter is between one and two times the sheet 
thickness, which seems to depend on effects of 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


thermal grooves formed where grain boundaries 
meet the specimen surface. 

5) The (100)[001] grains of the matrix are po- 
tential nuclei for secondary recrystallization be- 
cause they have lower surface energy than other 
grains in the matrix and are the only kind of (100) 
grains present, and are not potential nuclei because 
of larger size or because of higher mobility due to 
a matrix texture effect. 
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Microstrain in Zinc Single Crystals 


The stress-strain behavior of zinc single crystals was 
measured over a strain range of 107° to 10~*. The phenomenon 
of macroyielding was observed in detail and plastic strains 
were detected at almost zero-stress. Closed hysteresis loops 
were observed during loading and unloading in the strain re- 
gion of about 10°. From the hysteresis a frictional stress on 
the dislocation of about 6 psi was obtained. A preliminary 
analysis indicates that impurities are primarily responsible 
for the friction. Nonelastic Strains as much as 10~* were re- 
covered depending on the amount of prior deformation. Part 


of the recovered strain occurs instantaneously upon unloading 


J. M. Roberts 


and the remainder occurs at zero stress. The time dependence 


of the recovered strain was measured, 


Tus investigation is concerned with the details of 
plastic deformation preceding the ordinary yield 
point as measured with the usual strain sensitivity 
of about 107*. The approach leads to internal fric- 
tion observations in the hitherto neglected frequency 
range below 10~* cycles per sec. It is believed that 
if the phenomenon of macroscopic yielding is to be 
understood, then the stress-strain curve in the 
neighborhood of the macroyield point should be 
greatly magnified. It may then be possible to de- 
termine whether macroscopic yielding is a unique 
event or whether it is a process which begins gradu- 
ally at a lower stress. In the case of low-carbon 
steel a unique event obviously occurs at the macro- 
scopic yield point as indicated by a drop in the load, 
but copper appears to exhibit a gradual transition 
from the elastic to the plastic state. In zinc the 
yield point is rather abrupt although the data indi- 
cates that some plastic deformation precedes large 
scale yielding.’ One of the purposes of this investi- 
gation is to determine whether there is an abrupt 
transition from the preyield microstrain region to 
the region of macroscopic deformation. Such a rapid 
transition would support the concept that there is a 
critical stress for yielding. The concept that yielding 
is a unique event associated with such phenomenon as 
activating a Frank- Read source, freeing the disloca- 
tion from solute atoms, dislocations cutting through 
dislocations, or dislocations moving freely by one 
another, has been expounded widely on theoretical 
grounds. It is hoped that highly sensitive measure- 
ments of strain in the neighborhood of the macro- 
scopic yield point will shed some light on the event 
known as the ‘‘Yield Point’’. 


EXPERIMENTAL METHOD 


1) Specimens—High-purity zinc was cast into 
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spherical graphite moulds in air and grown into 
spherical single crystals by the Bridgman method 
under a positive pressure of Argon gas. Spectro- 
graphic analysis of cleaved sections from four crys- 
tals showed a purity of 99.994 pct Zn. The specimens 
were acid machined with an 1/8 in. gage section in 

a form similar to those used by Parker and co- 
workers.” Bausch type grips were fastened to the 
specimen by Epon VI adhesive. The specimens 

were oriented so that only [1120] (0001) slip oc- 
curred. Fig. 1 shows two of the specimens in the 
grips. Prior to each test, the gage section of the 
Specimen was given a concentrated HNO, chemical 
polish followed by alcohol rinsing and air blast 
drying. 

2) Test Method— The shear tests were performed 
on an Instron testing machine and the experimental 
set-up was made very ‘‘hard’’. Strain could be 
measured to a sensitivity of 107° by means of a 
capacitance gage extensometer. The design and 
calibration of this type of extensometer to measure 
microstrain, as applied to pure shear and tensile 
tests of metals, will be the subject of a separate 
paper—therefore, only a brief account will be pre- 
sented here. 

The method essentially consists of attaching a 


Fig. 1—Zinc single crystals mounted in grips. X2/3. En- 
larged approximately 15 pct for reproduction. 
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Fig. 2—Load-displacement curves as Rie 
traced from x-y recorder for steel speci- 

men and grips—Note rapid response toa [| 
change in sensitivity of the capacitance ae 
measurements during a test. 


w 
L0f0(/45.) 


PECREASEP SENSITIVITY OF THE 
4o é APACITANCE DURING 
TEST 


(ZACH CURVE SHOWS 
YWLOADING FE OUR ) 


displa cement (D) 
3 x1907 cw. 
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parallel plate condenser to the specimen grips. The 
capacitance between a parallel plate condenser is 
given by 


A 
C = 0.225K [1] 


where 


C = capacitance in uyf 

K = dielectric constant of medium between the 
plates 

separation of the plates in inches 

area of the plate in Square inches 


d 
A 


Therefore, if a displacement Ad occurs at the 
plates a corresponding change in capacitance AC 
occurs related by 
ING d? 
0.225KA 


Ad [2] 
Using the Fielden Proximity Meter,* which can 
measure a minimum AC of 0.01 upyf full scale and 
with an area, A, of plates of 1 sq in., anda gapd, of 
0.004in., the experimental set-up is sensitive to a 
10° in. displacement. However, thermal and me- 
chanical stability limit the useful sensitivity to about 


10°° in. of displacement. The step attenuations in 
the meter give an overall change in attenuation of 
240 times. Rapid changes in attenuation are accom- 
plished by about a three-fold change in the scale 
factor. 

The shear displacement and load were simul- 
taneously recorded on a Mosley X-Y Recorder at 
the same time that the load-time curve was ob- 
tained on the Instron. The tests were performed 
at room temperature, but the test specimen was 
well shielded within the Instron tester so that dur- 
ing a test which lasted from 2 to 4 min, the tem- 
perature variation was within + 0.01°C as indicated 
by a Beckman thermometer. Such variation in tem- 
perature would cause an error in the strain of 
+0.5 xX 10°. The capacitance method of measuring 
strain has the advantage that strains may be meas- 
ured continuously over the range 10°7—107". 

3) Calibration of the Capacitance Gage—By ob- 
serving the linearity on all scales, it was possible 
to calibrate the extensometer on the low sensitivity 
range by means of a fine thread screw adjustment. 
In order to know whether nonlinear strains in the 
zinc single crystal were real, it was important to 
employ a standard steel specimen with the same 


Fig. 3—Stress-strain curve for crystal 
19, prior history 75-day room-tempera- 
ture anneal. 
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Fig. 4—Stress-strain curves as traced 
from x-y recorder showing blow-ups of 
regions A, B and C as shown in Fig. 3. 


dimensions as the zinc. A typical loading and un- 
loading curve for the steel specimen is shown in 
Fig. 2. It should be noted that all of the tests cited 
in this work on Zinc crystals, were performed over 
the load range (0 to 20 lb) where the steel behavior 
was always linear, reversible, and strain rate inde- 
pendent. 


EXPERIMENTAL RESULTS 


1) Micro and Macro Stress-Strain Curves—Ex- 
amples of the macroscopic stress-strain curve and 
the corresponding micro stress-strain curve are 
shown in Figs. 3, 4, and 5. The micro stress-strain 
curves show nonlinear behavior well below the 
macroscopic yield point. Further magnification of 
the region around 7 psi did not reveal any new de- 
tails. It appears as if nonlinear behavior occurs at 
very nearly zero stress. The micro stress-strain 


(A) 


= 272x103 


also shows a large nonelastic contribution during 
unloading. 

Stress-strain curves were made with specimens 
which were annealed at room temperature, 175°C 
and 400°C, and which were subjected to various 
amounts of plastic strain. The data were plotted as 
log stress vs log strain. Figs. 6 and 7 represent 
typical curves in which the microstrain and macro- 
strain regions were separately represented by the 
equation 


[3] 
For 21 tests in the microregion 


T. = 100 to 6000 psi 
and 
n= 0.12 to 0.47 


MACROSCOPIC STRESS - STRAIN CURVE 

COR CRYSTAL L- PRIOR H/STORY 

ANNEHLED FOR 2 HOOkS AT /75% 
PeokisHED 


Fig. 5—Lower curve shows blow-ups of 
the circled region as recorded by the 
x-y recorder. 
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Fig. 6—Crystal 19 prior history 75-day Lis 
room-temperature anneal after a creep 
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strain of 1 x total. 
AAA — Run #1 a Lo 
— Run #2 (immediate re-load after 

run #1) 


-6 = 
3x10 Sx10 


(4071073) 


Leos dp 


For 11 tests in the macroregion 
T, = 36 to 73 psi 

and 

n = 0.031 to 0.14 


The important point is the fact that the micro- 
and macrostrain region always required a dif- 
ferent representation. The spread in the 7, and 2 
values in-each of the regions is related to the prior 
history of the specimen. The transition from the 
microstrain to the macrostrain region is so sharp 
as to indicate that macroyielding is a unique process. 
Thus, the stress at which the discontinuity occurs 
may be associated with either a sudden generation 
of dislocations and/or the sudden movement for 
long distances. In one case, the transition from the 
micro-to the macrostrain region was so abrupt that 
a drop in the load was observed. 

2) Hysteresis Loops—Closed hysteresis loops were 
observed on all specimens when they were loaded 
below the macroscopic yield point. The loops are 
generally of the shape shown in Fig. 8. The shape 
of the loops are not too different from that predicted 


by Granato and Liicke.* Their analysis predicted this 
process as being strain amplitude dependent and 
frequency independent. During initial loading of an- 
nealed specimens, closed loops are not observed, but 
once a specimen has given a permanent Strain, it 
will begin to show hysteresis loops at or below the 
maximum stress level reached. For annealed crys- 
tals, first evidence of permanent strain is most 
likely caused by dislocations going to the surface at 
points in the specimen where the stress is highest. 
For specimens not deformed beyond the macroscopic 
yield point, closed hysteresis loops are observed to 
strain amplitudes of about 2 x 10°° beyond which the 
unloading curve does not return exactly to the start- 
ing point (?. €., an open loop has formed). It is ob- 
served that for specimens which have been macro- 
scopically deformed, closed loops may be obtained 
up to strain amplitudes of 510°. The hysteresis is 
strain amplitude dependent, as seen in the series of 
loops shown at the bottom of Fig. 8. The behavior is 
reversible such that going from higher to lower and 
again higher, strain amplitudes gave the same values 
for the hysteresis for constant strain amplitude. Six 
successive loops at constant strain amplitude showed 
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Fig. 7—Crystal #1 prior history 175°C 
anneal for 2 1/2 hr, then polished with 
HNO, . 
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Fig. 8—Hysteresis loops and time de- 
pendent contraction of open oe for 


2 


crystal 1 after yp ~ 


4 4 


no appreciable change in the irreversibie work. 

Even when open hysteresis loops were first 
formed, they sometimes tend to close with time at 
about zero stress. For example, the last loop in the 
bottom of Fig. 8 closed in 20 sec after unloading. Of 
course, if the strain needed to close the loop was too 
large, it never closed completely. In a subsequent 
section, data will be given on the rate of strain re- 
covery at nearly zero stress. 

The area within each hysteresis loop was meas- 
ured with a planimeter. The irreversible work dur- 
ing each cycle as a function of strain amplitude, is 
shown in Fig. 9. The data shows a linear behavior 
when y, (max.) is < 2x 10° and is independent of 
the state of the specimen at these low strains. Once 
open loops are formed, the W;,,, increases nonlinearly 
with y, (max.), aS shown in Fig. 10. Differences in 
the state of specimens are exhibited by the value 
of the strain amplitude at which the hysteresis loo 
loops fail to close. 


5 
Cx 19’ ) 


Wiirr) 


3) Strain Recovery on Unloading Magnitude of the 
Strain Recovery—After 10 tests, where the macro- 
scopic yield point had been exceeded, the plastic 
strain recovery (designated Ypr aS in Fig. 5) was al- 
ways found to be of the order of 1 X 107 * with values 
varying between 6 X to 2.3 x10*. For strain 
amplitude just beyond the point where open loops are 
observed, the total plastic strain recovery is de- 
pendent upon the strain amplitude as shown in Fig. 11. 
Tip, Shown in Fig. 11 is defined as the stress at which 
first marked deviation from linear unloading be- 
havior was observed. Tj», was always about 0.85 the 
stress corresponding to the strain, ¥, (max.). 

Slifkin and Kauzmann,* Tanenbaum,5 and Alers® in- 
dependently observed a contraction during unloading 
after creep tests on zinc single crystals (elastic 
aftereffect). The contraction which they observed 
was of the order of 107*.. Both Tanenbaum and Alers 
observed the aftereffect to be greater, the greater 


Fig. 9—Specimen B-2 (99.994 pct zinc) 
y = 1.2 x 10% per sec. Test tempera- 
ture 24°C strain amplitude dependence 
of hysteresis loops after macroscopic 

yield point exceeded Tp = 9.8 psi. 
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Fig. 10—Wirryvs Yp( max.) for specimen 
19 which had been deformed beyond 
the macroscopic yield point. 
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the proportion of the creep stress removed. The un- DISCUSSION 


loading in the present work takes place during 

1-1/2 min—i.e., over the portion of the range which 
does not fit the time dependent exponential decay ob- 
served by Tanenbaum.” It is believed, therefore, the 
initial portion of the contraction observed in this 
study is more stress dependent than time dependent. 
Just as was observed by Tanenbaum, a time de- 
pendent contraction was observed when the stress 
was almost completely removed. In Fig. 12 the time 
dependent contraction at about 2 psi is shown for 
specimens with different strain histories. Generally 
a large initial rate and a large total amount of time 
dependent contraction at almost zero stress is ob- 
served when y,, is large. Since y,, increases 
with y,, the time dependent contraction at almost 
zero stress also increases with Y,p as seen from 
Fig. 12. 


1) Closed Hysteresis Loops—a) Bowing of the Dis- 
location Network—The reversible strain associated 
with closed hysteresis loops is associated with the 
bowing of dislocations. The magnitude of the strain 
will now be calculated, based on the best available 
data for the dislocation network in zinc as obtained 
by the double crystal spectrometer study by Bain- 
bridge, Washburn and Parker.’ Bainbridge et al. 
have shown that the average dislocation density in 
zinc Single crystals of the same purity, and made 
by the same method as in this investigation, is about . 
2 x 10’ per sq in. The network may have the shape 
shown in Fig. 13. The X-ray studies show that the 
walls of each mosaic block consist of about 6 edge 
dislocations of like sign, and that the angular orien- 
tation of the mosaic blocks are, of course, random. 


Yolmax) 


Fig. 11—Open loop stress-strain curves 
made on crystal 19 after tests shown in 
Fig. 4. 


NOTE: Yer max) (5S 
dependent upon 


Xe= 3-5 x 1075 
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Fig. 12—Time dependent strain recovery 
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The bowing strain associated with the dislocations 


in the network bowing is 


ba; 
23 
[109] 
[cool] 
<j = 
— - (0001) 


AA 
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where 6 is Burgers vector, a; is the area swept out 
by the zth dislocation in the mosaic block of volume, 
V, and 1 is the number of dislocations which bow 
per mosaic block. a; is determined by the distance 
between nodes and the curvature of the dislocation 


(1129) 


Fig. 13—(a) Plan view of hexagonal nets 
z lying in {0001} . 

>7Z.60x10 in, 
(b) 3 dimensional view of hexagonal 
blocks in layers. 
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under the applied stress. The curvature is given by 
a Gb 
iG (5) 


where a = 0.5, Gis shear modulus, and 7 is the ap- 
plied stress. Thus, for small stresses 


[2 sin’ [2 sin +5) | [6] 


where 7 is the distance between nodes and is ap- 
proximately 6 x 10 * in. as shown in Fig. 13. In con- 
sidering the spacing of dislocations between (0001) 
planes, a value consistent with fine slip line spacings 
is used since the hysteresis is measured only after 
small plastic strains. Assuming that all the glissile 
dislocations bow freely, the calculated bowing strain 
is 1X 107° under a stress of 18 psi, and the average 
slope of the curve for the microstrain region is cal- 
culated to be 

dT 


1.8 « 10° psi 
dyp P 


support the concept that the initial nonlinear strain is 
caused by the bowing of the dislocation network. 

b) Frictional Stress Associated with Bowing—If 
there were no frictional stress resisting the move- 
ment of dislocations, then the work done in bowing 
would be recovered and no hysteresis loop would be 
observed. The magnitude of the frictional stress may 
be calculated from the area of the hysteresis loop as 
a function of the strain amplitude, Fig. 9. The cal- 
culation will be restricted to closed loops, so that 
only the initial linear portion of Fig. 10, for example, 
is applicable. The work done per unit volume in 
completing a hysteresis loop is given by 


where T, is the stress to produce elastic strain, Tp 
and tT, is the frictional stress which resists bowing. 
The first two integrals are zero, and the irreversible 
work per unit volume is given by 


The experimental value from Fig. 8is 0.9 10° psi. Win = [8] 
The result of the calculation hinges on the size and and 
shape of the dislocation network; a closer agree- 
ment is not expected. Thus, the observation of closed Ty = d Wir [9] 
loops and the quantitative agreement with theory, ayp 
OBSTACLE 
im 
Fig. 15—Dislocation interaction model for 
unloading behavior. <a 
— (0001) 
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is the stress to produce the bowing strain y,, 
The initial slope of W;,, for closed loops vs strain 
amplitude gives directly T,,,. Thus, Tp ~ 6 psi 
from Fig. 9. 

The origin of the frictional stress will be explored. 
If the frictional stress arises from thermoelastic 
damping, as calculated by Eshelby,® then 


Gv 
10 
10°C 


where C is the velocity of sound in zinc, v is the 
velocity of the dislocation, and G shear modulus. 
From the time-load data, the average velocity of 
the bowing dislocations is 10°° in. per sec. Thus, the 
thermoelastic friction becomes ~ 1 X 10°° psi which 
is many orders of magnitude smaller than the ob- 
served value. Similarly, Liebfried® calculated the 
frictional stress produced by the scattering of 
phonons. There results from his calculation, a 
frictional stress of ~ 10°° psi for the average bowing 
velocity in this experiment (~ 10-° in. per sec). Even 
though these calculations are very uncertain because 
of their difficulty, there is no indication that the ob- 
served frictional stress arises from the thermo- 
elastic dampening or from the scattering of phonons. 

Let us now consider the irreversible work associ- 
ated with dislocations sweeping through a random 
distribution of solute atoms. 

The frictional stress at0°K is given by 


Te = CU, 


A crude approximation for Uj, the interaction energy 
between dislocation and substitutional solute atom is 
0.10 to 0.30 ev, thus 7, becomes 7 to 21 psi. How- 
ever, since the interaction energy is low, the stress 
to by-pass a solute atom at room temperature is 
practically zero when thermal assistance is con- 
sidered. The strain rate associated with dislocations 
Sweeping through solute atoms at temperature T may 
be described by 


[11] 


10'® solute atoms per cm’. 


where 7f is the part of the stress required to over- 
come friction and 7 the distance between solutes in 
the slip plane. 

In order to test experimentally whether solute 
atoms do produce appreciable internal friction, a 
crystal was produced with 0.01 wt pet Cd. The fric- 
tional stress calculated from Fig. 14 turns out to be 
= 19 psi. Since this experimental result shows that 
solute atoms do make a large contribution to the 
frictional stress, it appears that the interaction 
energy between dislocation and solute atom may have 
been underestimated. tp has been observed to vary 
from 1.7 to 6 psi for different specimens all made 
from high-purity zinc. Small variations in impurity 
pick up during preparation of the specimens may 
account for these differences. 

Other possible sources of internal friction are 
the stress induced movement of solute atoms, as 
discussed by Schoek,*’ dislocation intersection as 
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discussed by Thompson et al.” and the movement 

of diffusional jugs as discussed by Seeger. A more 
detailed investigation of variables such as strain 
rate, temperature, and impurity content is required 
to better define the source of the friction. Such an 
investigation is now in progress. 

2) The Elastic After-Effect— The nonlinear strain 
which occurs during unloading, increases as the 
amount of prior plastic strain increases, Fig. 11. 
Thus, the nonlinear strain has two parts—1) the un- 
bowing of the dislocations in the network and 2) back- 
ward movement of the dislocations generated at the 
macroyield point. The strain associated with bowing 
is about 2 x 107°, but after deformation of about 1 pct 
the nonlinear strain upon unloading may be about 
10~*. The additional increment of strain is attributed 
to dislocations moving away from their obstacles 
under the action of their own stress field, Fig. 15. 
The increase in the density of dislocations in zinc, 
when deformed at room temperature, is about 2 x 10° 
per cm’ as measured by Bainbridge, Washburn, and 
Parker.” If the trapped dislocations all move about 
one mosaic block during unloading, then the nonlinear 
strain after unloading is 


Yor = POL [13] 
where Yg is the bowing strain and L is the length of 


the mosaic block. Thus, with y¥g = 2 x 107°, p = 2 x 10° 
per cm? and L = cm 


= -5 
6 x 10 


The experimental value is a function of the plastic 
strain, but after the first 0.5 pct of plastic strain, 
the rate of accumulation of dislocations at room tem- 
perature is very small. Thus, it is expected that the 
amount of strain recovery after deformation at room 
temperature will never exceed about 5 x 107*. It 
should be pointed out at this time that Thompson, 
Coogan, and Rider” found a linear unloading curve in 
the case of single crystals of aluminum. 

The time dependent part of the strain recovery is 
associated with easily moved dislocations which 
happened to be in a region of high internal stress. 
Therefore, thermal fluctuations are required to move 
them against the frictional stress. Once these dis- 
locations reach equilibrium positions the process 
stops. Thus, it is predicted that the rate of strain 
recovery would be given by 


—-C/y-)/KT 
dt = [14] 


where U is the energy barrier provided by the fric- 
tion in the lattice, o is the applied stress, y , is the 
recovered strain, and T is the temperature. 

3) The Macroscopic Yield Point—The macroscopic 
yield point is a unique event as shown by the discon- 
tinuity in the stress-strain curve when plotted on a 
log-log basis. As the macroscopic yield point is ap- 
proached there is a gradual increase in the number 
of dislocations generated. What is usually taken as 
the actual macroyield point corresponds to the 
stress level where a very large number of sources 


’ begin to operate. Beyond the macroyield point the 


density of generated dislocations tends to become 
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constant because they leave almost as fast as they 
are being generated. The macroscopic yield point is 
usually the stress which generates enough disloca- 
tions to be detected by ordinary methods of meas- 
uring Strain. 


CONC LUSIONS 


1) The reversible strain associated with the bow- 
ing of dislocations in the network produced after 
small plastic strains, was measured and found to 
be about 2 X 107° in 99.994 pct Zn. 

2) The hysteresis associated with the bowing of 
the network, is equivalent to a frictional stress of 
= 6 psi. 

3) The nonlinear strain was measured upon un- 
loading and found to vary with the prior plastic 
strain. 

4) A time dependent strain recovery was observed 
at nearly zero stress. 

3) A discontinuity is observed between the micro- 
strain and macrostrain region, which indicates that 
macroscopic yielding is a unique event. 
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Self-Diffusion in Tin Single Crystals 


The self-diffusion coefficients of 8 tin have been deter- 
mined using a plating and sectioning technique. The principal 
diffusivities parallel and perpendicular to the ‘‘c’’ axis are 
given by the Arrhenius relations D, = 8.2 exp (~25,600/RT) 


sq cm per secand Dz = 


diffusion. 


In conjunction with an investigation of diffusion in 
dilute indium-tin alloys we have reexamined self- 
diffusion in tin single crystals. The published self- 
diffusion coefficients of tin, (Fensham’) have always 
appeared anomalous in comparison to diffusion data 
for other metals and do not correlate with para- 
meters derived from creep tests.” In addition to the 
necessity of confirming the self-diffusion values for 
use in analyzing the alloy work, self-diffusion in an 
anisotropic lattice is of considerable fundamental 
interest and confirmation of the published data 
seemed worthwhile. 
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1.4 exp (—23,300/RT) sq cm per sec. 
The results are discussed in terms of a vacancy mechanism of 


J. D. Meakin 
E. Klokholm 


For a crystal with an axis of symmetry three-fold 
or higher the diffusivity at an angle @ to the axis is 
given by 


Dg = (Da — Sin*6 + D, [1] 


where D, and D, are the principal diffusivities per- 
pendicular and parallel to the axis. For a particular 
diffusion mechanism, again in a crystal of axial sym- 
metry, these principal diffusivities are 


&; sin’ 6, 
[2] 
2 2 


In these expressions é; is the displacement under- 
gone by the it atom and 6; is the angle this dis- 
placement makes with the symmetry axis. In this, as 
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in all subsequent relations, correlation effects are 
assumed to be negligible. 

Eq. [1] enables D, and D, to be calculated from 
two experimentally measured values of D, at any one 
temperature. If only one diffusion mechanism is be- 
lieved to be operating, then a direct comparison 
between the experimental and theoretical values of 
the ratio D,/D, can be made using Eq. [2]. 

In the event of two or more mechanisms contribut- 
ing to the diffusion, further analysis is necessary and 
will be described in the discussion. 


EXPERIMENTAL TECHNIQUE 


Single crystals of 99.998 pct purity tin were grown 
in pyrex tubes by a modified Bridgman technique and 
the crystal orientations then determined using a two 
circle goniometer mounted at the center of an X-ray 
diffractometer arc. Briefly the method consists of 
rotating the crystal in a known manner until a pre- 
selected Bragg reflection is detected in a collimated 
Geiger counter. Filtered MoK, radiation was used. 
Two sets of specimens were cut using a jewellers 
saw; the sets were respectively perpendicular and 
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Fig. 1—Penetration curves for specimens annealed at 178°C. 
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parallel to the ‘‘c’’ axis. The surface to be plated 
with radioactive tin was prepared using a microtome. 
This was found to produce a very flat surface with 
little deformation in the remaining crystal in marked 
contrast to all other methods of surface preparation 
tested. After a short etch in hot HCl all traces of 
strain induced recrystallization were removed and 
the crystals were then annealed in vacuum for 2 nae 
at 200°C. Radioactive Sn’** supplied by Oak Ridge 
National Laboratory was electroplated onto the pre- 
pared crystal face using the solution described by 
Fensham.’ In general about 5y of tin were plated on 
with a total activity in excess of 10° counts per min. 

An ‘“‘a’’ and a ‘‘c’’ crystal were held face to face 
by a metal clip to which was brazed a copper con- 
stantan thermocouple. The diffusion pair was then 
sealed in pyrex under vacuum and annealed in a 
circulating air furnace for periods of between 2 and 
9 days. The temperature of each pair was measured 
directly and controlled to within + 0.2°C. 

After the diffusion anneal, the circumference of 
each specimen was carefully reduced on a lathe so 
as to eliminate spurious edge effects. All sectioning 
was carried out on a microtome which gave a direct 
measure of the depth of each section below the origi- 
nal surface. A section of about 3yin thickness re- 
mained in one piece and could therefore be conveni- 
ently counted and weighed. Final sections of low 
activity were grouped together and in this way it was 
generally possible to measure penetrations of up to 
150u. The activity of the sections was measured in a 
well-type scintillation counter with a background 
count of about 300 a minute. Each section, or group 
of sections, was weighed on a quartz fibre balance in 
order to determine specific activities. Finally, the 
remaining crystal was etched to ensure monocrys- 
tallinity and the orientation of the sectioned face re- 
checked using the procedure previously described. 

The experimental errors of significance arise in 
the weighing and counting of sections, and in the 
orientation determination of the crystals. Sections 
were weighed with an accuracy better than + 1 pct 
and the statistical counting errors were always less 
than 1 pet. The orientation of the crystal face was 
determined to within + 1°. 


EXPERIMENTAL RESULTS 


In all cases the log (Specific Activity) was found 
to vary linearly with the square of the penetration. 
Fig. 1 shows a typical result for a diffusion run 
carried out at 178°C. From the slope of the pene- 
tration curves the diffusivity, Dg, is derived using 
the relation 


Table |. Diffusion Coefficients, Cm?/Sec 


fe} 

Temp. °C. dD, 
177.7 3.02 x 10-2 
180.3 *4.00 x 107? 
202.2 1.83 x 10-4 2.69 x 107! 
205.9 1.55 x 3.39 x 
216.0 2.98 x *5.61 107! 
219.5 3.89 x 107! 6.38 x 10-1 
221.9 4.06 x 107! *7.42 x 
222.3 4.26 x 7.88 x 


*Extrapolated value. 
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Table Il. Arrhenius Constants for Self-Diffusion in Tin 


Parallel to 


Constant a-Axis c-Axis 
D, (em?/sec™) 8.2 +6 
Q (kcal/mol) 23.374 0.5 25.6 + 0.8 
C = Cy exp — 


where C is the specific activity, X the penetration 
and ¢ the diffusion time. Principal diffusivities, D, 
and D,, were calculated from the Dg values using 
Eq. [1] and are listed in Table I; assuming all errors 
are random the probable error in these values was 
found to be about + 5 pct. Both D, and D. are shown 
in Fig. 2 to be a function of temperature of the form 


[4] 


D exp 
within the experimental error. The values of D, 

and Q were found by the method of groups and are 
given in Table II with the probable limits of error. 


DISC USSION 


The crystal structure of 8 tin is body-centered 
tetragonal with atoms at (000), (433), ($04). 
(0 33/4) anda c/a ratio of 0.5456. Each atom has 
four nearest neighbors at a distance of 3.02A and | 
two next nearest neighbors ata distance c = 3.18A. 

Nicholas* has carried out a systematic analysis of 
the possible diffusion mechanisms in tin and applied 
his conclusions to Fensham’s’ data. For a more 
complete description of the mechanisms than will be 
given here, the reader is referred to the paper by 
Nicholas® which will be used as a basis for this dis- 
cussion. The data indicates directly that at least two 
mechanisms are operating. the two activation ener- 
gies differing by more than the experimental error. 
We will not investigate all the possible mechanisms 
but will show that the two most plausible, vacancy 
exchange to nearest and next nearest neighbors, will 
adequately describe the data and yield parameters of 
the correct magnitude. 

Assuming then two independent mechanisms we 
may write 


Da = Do exp Q/RT) 
= (— Q,/RT) 


where D, involves nearest neighbor exchange only 
and D/ refers to next nearest neighbor exchange 

(D{ because the jump path is along the ¢ axis). From 
the geometry of the lattice 


Di = [6] 


(As before D, and D, refer to the experimentally 
determined principal diffusivities. ) 

Plotted on Fig. 2 is the function (D, — D,/6.72) 
which within the experimental error can be repre- 
sented by 


exp / RT) [7] 
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2.20 


10° °K! 


Fig. 2—Self-diffusion coefficients vs 1/T for tin. 


with Dj equal to 9.7 cm per sec and Q’, 26.5 kcal per 
mol. Thus the experimental results are adequately 
represented by the two independent mechanisms pro- 
posed and we will now show that the parameters de- 
rived are in accord with theoretical predictions. 
LeClaire* and Zener” have proposed that Dy 


should be defined by an expression of the form 


Dy = exp (AS/R) [8] 


where K is a constant defined by the geometry, v is 
the appropriate atomic vibration frequency and 6 the 
jump distance. Thus for the two mechanisms pro- 
posed we find that AS and AS’ are 8.7 and 12.3 cal 
per mol per °C respectively. In contradiction to 
Fensham’s values but in agreement with the majority 
of self-diffusion data, these are both positive. Zener” 
has further proposed that AS should be a function of 
Q of the form 


AS =AQd ( [9] 


where 2X is a numerical constant ~ 1, and yu is 
Young’s modulus; the subscript 0 refers to absolute 
zero. For a number of metals in which diffusion by 
vacancy exchange seems most probable, Zener has 
shown that a value of \ of 0.55 correlates the data 
well. Taking the appropriate parameters for tin, 
Eq. [9] then reduces to 


AS 10. 7.0 [10 ] 
Using Eq. [10] and the given values for @, and Oy 
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AS and AS’ are 9.8 and 11.1 cal per mol per °C re- 
spectively. The excellent agreement with the AS 
values derived from Eq. [9] must be somewhat for- 
tuitious, no great reliability is claimed for the value 
of Xused, however, this result lends support to the 
proposed mechanisms. The relations [9] and [10] 
also give an estimate of the ratio D,/Dj, namely, 
0.23, without assuming a specific value for A. This 
value compares well with the experimental result of 
0.14 particularly as we have assumed the same v 
for both mechanisms, an assumption which may only 
be valid to an order of magnitude. 

In the absence of any theoretical estimates of the 
energies of formation and motion of defects in tin, it 
is not considered appropriate to investigate further 
the possible mechanisms of diffusion. We have shown 
that a vacancy exchange process with nearest and 
next nearest neighbors will satisfactorily describe 
the data and that the derived parameters are in ac- 
cord with theory. 

Furthermore, there is support for the activation 
energies proposed from other experimental evidence. 
Dorn’ has shown that, in general, the activation 
energy for self-diffusion and for creep at high tem- 
peratures are identical. The values he quotes for 
creep lie between 21 and 26 kcal per mol; the most 


recent work indicates a value of 23 kcal per mol in 
satisfactory agreement with our data. Further con- 
firmation is provided by the activation energies of 
formation and motion of vacancies in 6 tin measured | 
by Desorbo,® namely, 11.8 and 15.7 kcal per mol in- 
dicating a Q value of about 27 kcal per mol. Thus the 
experimental results here reported agree satis- 
factorily with data derived from independent experi- 
ments and indicate that the results published by 
Fensham’ are in error. 
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Precipitation Processes in Mg-Th-Zr Alloys 


Quantitative X-ray diffraction studies of the precipitation of 
thorium ina Mg + 3.3 Th + 0.51 Zr alloy (HK31A) in both the as- 
cast and cold-worked states show that the precipitation may be 
described by f = 1 - e“/%* over most of the aging period. The 
effects of cold work and temperature changes are determined. 
The precipitation of the equilibrium Mg-Th compound is pre- 
ceded by the formation of a transition phase of higher thorium 
content, with the composition Mg,Th and with a Laves-phase 


structure. 


Tuortum-containing alloys of magnesium have as- 
sumed considerable commercial importance, especi- 
ally for applications requiring exposures to tempera- 
tures greater than 500°F for appreciable lengths of 
time} The principal commercial wrought alloys in 
this system are HK31A, containing nominally 3 pct 
by weight thorium and about 0.7 pct by weight zir- 
conium; and HM21A, containing 2 pct by weight 
thorium and 1 pct by weight manganese. These two 
alloys retain a high level of properties even after 
exposures of 100 hr at 600°F, while the more com- 
mon alloys containing aluminum and zinc are badly 
overaged by these conditions. Therefore, in order 

to obtain some insight into the mechanism by which 
thorium produces high temperature stability in 

these wrought alloys, it seems desirable to investi- 
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gate the effect of temperature and mechanical work- 
ing on the precipitation processes involving thorium. 

Since the scattering power of a thorium atom for 
CuKa X-ray radiation is about ten times that for a 
magnesium atom, the magnesium alloys containing 
about 3 pct by weight thorium are ideal for quantita- 
tive measurements by X-ray diffraction of the 
amount of Mg-Th compound present at any time. 
Such quantitative measurements should be of theo- 
retical importance in the study of the effects of time, 
temperature, and deformation on precipitation and 
precipitation hardening. 

Of the two commercial alloys, HM21A and HK31A, 
the latter is certainly the most suitable for study: In 
the Mg-Th-Zr? system, only Mg-Th compounds need 
be considered, since no ternary compounds or binary 
Th-Zr* and Mg-Zr* compounds exist. The Zr is 
added to this alloy as a grain refining agent and 


probably plays a secondary role in precipitation. On 


the other hand, thorium and manganese form many 
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intermetallic compounds? and the precipitation 
processes are therefore much more complicated 
in a Mg-Th-Mn system. Consequently, HK31A has 
been chosen for this precipitation study. 
Theoretically, a binary Mg-Th alloy would be pre- 
_ferable for a fundamental study of the precipitation 
of Mg-Th compounds. However, efforts to date to — 
prepare a binary alloy of sufficiently high quality for 
such a study have been unsuccessful, principally be- 
cause of segregation difficulties and because of 
irreversible thorium-hydrogen reactions in the 
liquid and solid state. 


THE INFLUENCE OF HYDROGEN 


The high chemical affinity of thorium for hydro- 
gen and the considerable endothermic solubility of 
hydrogen in magnesium® are undoubtedly important 
for an understanding of many of the unusual proper - 
ties of Mg-Th alloys.” Hydrides of thorium form 
irreversibly inside a Mg-Th alloy if it is exposed 
to a source of atomic hydrogen at temperatures 
above 600°F, and the effective thorium content of 
the alloy is thus decreased. Even a small amount 
of hydride can be very effective in lowering the 
useful thorium content of the alloy by forming thin 
stable films around already-precipitated Mg-Th 
compound particles and preventing their re-solution. 

The principal source of atomic hydrogen is water 
vapor present in furnace atmospheres. This water 
vapor reacts very readily with magnesium to form 
MgO, and active hydrogen is released at the metal 
surfaces. The use of small concentrations of SO, 
or volatile fluorides slows down this reaction by 
interposing a protective film between the metal and 
water vapor, but the protection is rarely complete. 

In binary Mg-Th alloys and in ternary Mg-Th-Mn 
alloys, the hydride formed is ThH,.® This hydride 
has been identified in X-ray powder diffraction 
patterns of filings from sheet heated in a wet furnace 
atmosphere. In HK31A, a hydride with a different 


structure is formed, but the compound is undoubtedly ~ 


a mixed hydride of thorium and zirconium, since 
alloys containing approximately 0.7 wt pct Zr and 
0.5 wt pct Th (HK11) form ZrH,° upon exposure. This 
ZrH, can be identified by electron diffraction from 
selectively etched samples of the alloy. ThH, cannot 
be identified by this technique, since the compound 
decomposes to some extent when bombarded with 
50kv electrons and gives only an amorphous-type 
diffraction pattern. 


PREPARATION OF MATERIAL AND EXPERIMEN- 
TAL PROCEDURE 


The HK31A material selected for a precipitation 
study was taken from a 12-in. diam billet cast by the 
direct-chill continuous-casting technique. This 
material showed completely reversible precipitation 
reactions—i. @., all the thorium could be put into 
solid solution, precipitated, and then returned to 
solution—and consequently was assumed to be free 
of complications due to hydride formation. An analy- 
sis of the alloy is given in Table I. The hydrogen 
analysis is unusually low for a magnesium alloy con- 
taining thorium, and this may be due to the slow, 
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Table 1. Alloy Composition 


Element Pct by Weight Method of Analysis 
Th 3.3 chemical 

Zr 0.54 chemical 

Mn 0.052 spectroscopic 
Cu 0.001 spectroscopic 
Al <0.03 spectroscopic 
Zn <0.02 spectroscopic 
Ca, Si, Sn <0.01 spectroscopic 
Fe, Ni, Pb <0.001 spectroscopic 

H 0.0013 combustion 


(H, = 14.5 cc/100 ¢ Mg) 


directional-freezing characteristics of the continu- 
ous-casting method. 

A 1-in. slice of the 12-in. diam billet was solution 
treated for 24 hr at 1050°F in an atmosphere con- 
taining about 2 pct SO,. Before heating, the slice was 
etched in dilute HF to provide a film of MgF, rela- 
tively impervious to water vapor. After solution 
treatment, the metal was quenched in water and then 
cut into strips 3/8 in. wide and 1/8 in. thick. These 
strips were. again etched in dilute HF and returned 
to the furnace for 1 hr at 1050°F to remove residual 
cold work and again quenched in water. Half of the 
samples were then cold-rolled 30 pct. 

Samples from both the as-cast strips and the 
cold-rolled strips were sealed in Pyrex ampoules 
in an atmosphere of dry argon. These samples were 
then heated (aged) at times varying from 1/2 hr to 
64 hr and at temperatures of 635° and 700°F. 

Compressed flat wafers were prepared from fine 
filings taken from each of the treated samples. The 
diffraction patterns from these wafers were recorded 
using a Norelco X-ray Diffraction Spectrometer and 
CuKa (Ni-filtered) radiation. The filing and subse- 
quent compression were found necessary to stand- 
ardize the X-ray extinction effects for all samples. 
No precipitation was observed by either X-ray or 
electron diffraction techniques before aging. 

Electron diffraction patterns of the precipitates 
present were obtained by reflection from selectively 
etched specimens. The most satisfactory etch for 
such a study has been found to be a solution of 75 pct 
absolute ethyl alcohol and 25 pct methyl iodide in 
which a few crystals of iodine are dissolved. The 
etched surfaces are rinsed in a special series of 
rinses® before being mounted for diffraction. 


CRYSTALLOGRAPHY OF PRECIPITATE 


Diffraction patterns from the solution treated and 
aged HK31A specimens show that one of the principal 
precipitating phases is a compound of face-centered- 
cubic symmetry, with @) = 14.37A. This is appar- 
ently the compound observed by Yamamoto, e7 al., 
to be in equilibrium with the magnesium solid solu- 
tion in Mg-Th and Mg-Th-Zr alloys. According to 
their results, the compound is fcc, @ = 14.24KX as 
determined from X-ray powder data and has a com- 
position Mg;Th, as determined from a lineal analysis 
of amounts of compound present in alloys of various 
thorium contents. 

It has not been possible to date to obtain single 
crystals of this equilibrium compound for a complete 
chemical and X-ray structural analysis. However, 
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Fig. 1—Electron diffraction pattern from an approximately 
monocrystalline particle of the equilibrium Mg-Th compound. 
The electron beam is parallel to the [ 211] direction and the 
(hhh) reflections lie on a vertical line through the central 
spot. 


single crystal electron diffraction patterns have been 
obtained from regions in the overaged HK31A speci- 
mens, and these patterns confirm the face-centered 
cubic symmetry. Fig. 1 shows such a pattern ob- 
tained from a crystal with the electron beam ap- 
proximately parallel to a [211] direction. From a 
study of the diffraction intensities, the compound is 
apparently isomorphous with the ThgMn,; compound 
analyzed by Florio, al.° Th,Mn,,is fec, @)=12.523A, 
and has four molecules per unit cell. If one assumes 
the composition of the Mg-Th compound tobe Th,Mg;,, 
an approximate volume of the unit cell can be com- 
puted: 

3 


vol. of Th atom 32.8A 
vol. of Mg atom= 23.2A 
92 Mg + 24 Th = 2917A° 


a, = V2917 = 14.3A 


Therefore, such a composition seems reasonable. 
Considering the unreliability of lineal analysis data 
and the thermal arrest obtained by Yamamoto, e/ al., 
at the Mg- Th eutectic horizontal for a composition 
lower in magnesium than Mg;Th, the compound in 
equilibrium with the magnesium solid solution is 
more likely lower in magnesium content and will be 
called Mg,Th for convenience. 


On most of the X-ray diffractometer traces, two 
additional diffraction peaks, more or.less broad, can 
be detected at d-values of 4.9 to 5.0A and 3.0 to 
3.1A. These diffraction peaks appear in the early 
stages of aging, increase in intensity, and finally 
disappear after long aging times. A transition pre- 
cipitate is therefore indicated in the precipitation 
sequence. Electron diffraction patterns from speci- 
mens containing relatively large amounts of this 
transition structure allow both measurements of 
d-values for more diffraction rings and also an 
estimation of relative intensities. These measure- 
ments are given in Table II. From these data, it can 
be deduced that the structure is face-centered cubic 
dy = 8.57A, and that it is probably a Laves phase of 
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Tabie II. d-Values of “Mg Transition Phase* 


d-Value Intensity (hkl) 
4.9-5.0A strong (111) 
3.04 very strong (220) 
2159 very strong (311) 
2.48 medium (222) 
2.14 weak (400) 
1.97 weak (331) 
medium (422) 
1.65 medium (333), (511) 
1°52 weak (440) 
1.45 medium (531) 


*a, "8-57, A; electron diffraction pattem obtained from as-cast HK31 
aged 1 hr at 700°F after solution treatment. 


the C15 or Cu,Mg-type. If so, the composition of the 
transition phase should be Mgz2Th. 

There are two known Mg,Th compounds..° One of 
these has the C15 structure with @, = 8.57A, and the 
other is the C36, or Ni,Mg, hexagonal modification 
of this structure. The C36 structure occurs around 
700°C and transforms into the C15 type at about 
800°C. With no further information available on 
composition, it may be assumed that the transition 
precipitate has both the structure and composition 
of Mg.Th, cubic, C15 type. 

The occurrence of a transition precipitate with a 
composition different from that of the equilibrium 
precipitate is neither a surprising nor an unusual 
result: Like the copper atoms in an Al-Cu alloy, the 
thorium atoms first begin to segregate to ‘‘zones’’ 
in the magnesium structure. Since they are con- 
siderably larger than the magnesium atoms, a close- 
packing arrangement begins between the two sizes 
of atoms after a small amount of segregation has 
taken place in order to minimize the strain. This 
close-packed arrangement is apparently just that 
favored in the Laves phases, C14 or C15, and it is 
naturally encouraged since Mg.Th occurs also as a 
very stable phase in the system. 

In both the cubic and hexagonal Mg.Th structures, 
there are layer arrangements of close-packed sheets 
of magnesium atoms, with missing atoms at regular 
positions, interspersed with puckered layers of 
thorium atoms. Holes in the resulting arrangement 
are filled in with magnesium atoms. The magnesium 
layers are about the same distance apart as they are 
in the magnesium metal structure itself: 


Mg2,Th—d(111) = 4.95A| 
Mg —d(001) = 5.20A 5 pet difference 


Therefore, it seems that the most favorable coherent 
orientation of the Mg.Th transition structure is 
growth with a [111] direction parallel to the c-axis of 
magnesium. No positive single crystal evidence for 
this orientation relationship has been obtained, but 
pole figures of the Mg,Th (111) reflection from aged 
rolled material show some degree of preferred ori- 
entation at the same position as that of the magne- 
sium basal plane. The maxima, however, are poorly 
defined because of the presence of other equivalent 
{111} reflections. 

Electron diffraction patterns of the transition 
phase can be obtained from single crystal regions 
of the aged matrix. A representative pattern is re- 
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produced in Fig. 2. The streaks in these diffraction 
patterns of the transition phase are characteristic 
of a structure containing a set of parallel ‘fault 
planes’’ and may be considered to be produced by a 
structure built up of equidistant layers with some 
degree of disorder in the layer stacking arrange- 
ment: 

a) Parallel diffuse streaks, or ‘‘relrods,’’ pass 

through many of the diffraction spots 

b) One set of (zh) reflections is sharp—corre- 

sponding to the interlayer spacing—and no streaks 

pass through members of this set. 
Since only one set of streaks is observed, and 
Since the misfit is small between the cubic (111) 
planes and the magnesium basal plane, it seems 
highly probable that the faulting is parallel to the 
magnesium basal plane. 

The reason for the preference of the Mg2Th 
transition structure for the cubic Laves AB, struc- 
ture instead of one of the hexagonal modifications 
is not known. However, assuming this preference, 
an explanation of the observed disorder can be 
obtained. 


In the cubic Mgz2Th structure, C15, the magnesium 
atoms lie in planes having an arrangement: 


ABCABC 


In the hexagonal, C14, modification, the magnesium 
atoms lie in planes: 


ABCBAB 


Since these magnesium planes are at nearly the same 
Spacing as those in the hexagonal magnesium matrix: 


ABABAB 


it can be seen that if the Mg.Th grows coherently in 
the magnesium matrix, coincidences between the 
matrix and precipitate structures will occur more 
frequently with the hexagonal modification: 


ABA BABABABAB 
ABCBABCBABCB - 3 out of 4 coincidences 
ABCABCABCABC - 1 out of 3 coincidences 


Thus, even though cubic MgzTh is ‘‘chemically’’ 
preferred, coherency with the magnesium matrix re- 


Fig. 2—Electron diffraction pattern of the Mg-Th transition 
precipitate in aged HK31A. The sharp (hhh) reflections of 
the cubic transition phase lie on a vertical line through the 
central spot parallel to the “‘disorder’’ streaks. (Radial 
streaks are due to inelastic scattering from the specimen.) 


quires that ‘‘mistakes’’ be introduced into either the 
compound or the matrix. If these mistakes should 
occur in the compound, they would result in streaks 
on diffraction patterns such as those actually ob- 
served. 

The X-ray diffractometer traces of the (111) re- 
flection of the transition structure indicate a com- 
posite maximum made up of the sharp reflection 
from (111) planes perpendicular to the precipitate 
rod axis and of the broad reflections from other 
(111) planes. 


RATE STUDIES 


The summation of the integrated intensities for 
the first five diffraction peaks of appreciable in- 
tensity from the equilibrium compound—called 
Mg.,Th—has been taken as a measure of the amount 
of compound present. These diffraction peaks cor- 


‘respond to (zkl) values of (111), (200), (222), (400), 


and (331). The summation of the integrated inten- 
sities for the transition-phase diffraction peaks 
corresponding to d-values of 4.9-5. OAand 3.0-3. 1A, 
or (hkl) values of (111) and (220), has been taken as 


Mg—Th cmpd. 
x----x Transition phase 30% cold roll 
= 635° F 
Cc 
No cold roll 
Fig. 3—Integrated X-ray diffraction in- =¥ 
tensities from HK31A specimens aged S gt ee 
at 635°F after solution treatment, with a eke 
and without intermediate cold rolling. 
30% cold roll 
x 
| | 
| 10 100 
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Fig. 4—Integrated X-ray diffraction in- 
tensities from HK31A specimens aged 
at 700° F after solution treatment, with 
and without intermediate cold rolling. 


Mg—Th cmpd. 
32r X----- x Transition phase 
> cold roll 
= 
= No cold roll 
24 
Eat 
\ 
| 


J | 10 
Aging time — hours 


a measure of the amount of transition phase present. 
In Fig. 3, these results are plotted for an aging 
temperature of 635°F for both the as-cast material 
and for material cold rolled 30 pct. In Fig. 4, the 
results for a 700°F aging temperature are shown. 
A ‘“‘normalization factor’’ has been applied to the 
ordinates of the transition phase so that the dis- 
appearance of a certain amount of transition phase 
corresponds to the appearance of the same amount 
of equilibrium compound. After such a normaliza- 
tion process, the two curves may be added to give 
values proportional to the total amount of precipi- 
tate present and consequently to the amount of 
thorium out of solution. There is a certain lack of 
sensitivity in the detection of precipitate by X-ray 
diffraction due to background scattering. However, 
the measurements given are certainly accurate to 
within 10 pct of the maximum amount precipitated, 
and a reasonably quantitative picture can be ob- 
tained. 

From Figs. 3 and 4, it can be seen that both me- 
chanical working and a rise in temperature increase 
the rate of precipitation, not only of the equilibrium 
compound but also of the transition phase. An un- 


100 


usual result is that a rise in temperature increases 
the percent of transition phase present at any stage 
of aging. Fig. 5 is a plot showing the fraction of 
precipitate present as transition phase as a function 
of degree of precipitation. Thus, although a larger 
fraction of the precipitate may be retained as transi- 
tion phase by raising the temperature, mechanical 
working lowers this fraction. It should be expected 
that disturbances of the matrix would increase the 
number of sites—for instance, grain boundaries and 
subboundaries—where the equilibrium compound 
could precipitate directly. Such direct nucleation of 
equilibrium precipitate would naturally decrease the 
fraction of transition phase present. 

The few precipitation reactions that have been 
studied quantitatively have been found to obey an 
equation of the form: 


= 1 e—(t/7)” 


[1] 
where 


J = fraction of available material precipitated 
t = time 


635° F 
3 Fig. 5—Relative amounts of transition 
a mis OSs et phase present at various stages of aging 
as measured by integrated X-ray dif- 
700° F fraction intensities from both equilibrium 
= and transition precipitate. 
xo fo) ONo cold roll = \ 
° 
---- 30% cold roll 
~ 
10) v2 4 6 8 1.0 


f= fraction precipitated 
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Fig. 6—Fraction of available precipitate present in HK31A 
measured by integrated diffraction intensities from both 
equilibrium and transition precipitate, as a function of 
time and temperature of aging. 


T= constant, depending on number of growing par- 
ticles and diffusion rate. 


F, S. Ham™ has found that Eq. [1] is a good ap- 
proximation to an exact solution of the diffusion 
equation for the precipitation case when nucleation 
does not occur during particle growth. He has also 
shown that the exponent z is independent of particle 
shape, and that n = 3/2 for the early stages of growth 


and n <3/2 as growth progresses. Therefore results 
were plotted using the log log form of the equation: 


1 
log, (f) = log, log, (>) + log.T [1a] 


in Fig. 6. The fraction f precipitated was obtained 
by dividing the sum of the integrated intensities of 
both the equilibrium compound and the normalized 
transition phase present at any time by the value for 
an aging time of 1000 hr. Parallel straight lines are 
obtained at both temperatures and for each material 
for values of f > 0.3. The values obtained from the 
reciprocals of the slopes of these straight lines give 
n = 0.52 + .03, a value close to x = 1/2, and not 

1.0 to 1.5, as expected from Ham’s results. The 
values of 7, the aging time required for f = (e-1)/e 
~ 0.63, obtained are: 
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Table Ill. Number* of Precipitate Particles in As-Cast and 
Solution Treated HK31, Aged at 635° and 700°F 


635°F 700°F 
Number of Number of 

Particles/in? Particles/in? 
Time of Micrograph Time of Micrograph 
4 hr 146 
7 hr 147 lhr 114 
17 hr 75 2 hr 137 
31% hr 66 4 hr 70 
64 hr 104 


*Particle counts were made on micrographs taken at magnifications of 
x1000. 


T (635° F), as-cast = 31.0 hr 
T(700°F), as-cast= 4.4 hr 

T (635° F), 30 pet cold-rolled = 4.5 hr 
T (700° F), 30 pet cold-rolled = 0.67 hr 


The fact that all the precipitation curves are 
parallel on such a plot, combined with the fact that 


T (635° F) 
for as-cast material = 7.05 = 
(100°F) 
and 
7(635° F) for cold-rolled material = 6.7 =7 


T(700°F) 


strongly suggests that nucleation is not occurring 
after the very early stages of aging and that the 
temperature dependence of nucleation is slight. 
Some precipitate-particle counts made on light 
micrographs from as-cast material are given in 
Table III. Since the deformation is quite heterogen- 
ous in the cold-rolled material—and consequently 
also the nucleation of precipitate particles—no 
particle counts were made from worked material. 
Although very reliable particle counts cannot be 
made, even for as-cast material, from either light 
or electron micrographs, the micrographs of 
HK31A aged at 635° F appear to be the same as 
those from the same material aged to the same 
degree at 700°F. In addition, the number of particles 
does not appear to change until coalescence begins, 
and coalescence occurs at about the same stage of 
aging for both temperatures. There is no doubt that 
the number of particles is very much greater in the 
cold-rolled material than in the as-cast metal. 
However, the ratio of 7 values for cold-rolled ma- 
terial to those for as-cast material at the same 
temperature is reasonably independent of tempera- 
ture. Since T depends on both the number of nuclei 
and the diffusion rate, one may conclude witha 

fair degree of certainty that: 1) the nucleation of 
precipitation depends chiefly on the state of the 
metal and not the temperature, and 2) the tempera- 
ture dependence of the diffusion rate is not strongly 
affected by cold work. 

From the above considerations, it Seems reason- 
able to calculate an activation energy for the diffu- 
sion of thorium in magnesium from the temperature 
dependence of the precipitation rate. According to 
Wert,” the temperature dependence of T can be 
analyzed according to the relation: 


Tr = L*/Dr 
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where L is related to the mean distance between 
particles and D7 is the diffusion coefficient. If one 
sets Dr = D,e-2/RT in the usual fashion, one may ob- 
tain: 


if the number and distribution of the particles, and 
consequently L, remain essentially the same at the 
two temperatures. Since the values of 7, and Tz 

are known fairly accurately from Fig. 6, calculations 
of the value of Q have been made. Such calculations 
give: 


Q(as-cast material) = 43,200 cal/g-atom Th 
Q(cold rolled material) = 40,500 cal/g-atom Th 


These values agree as well as could be expected. 
But it should be noted that the values obtained are 
considerably higher than the value for the activation 
energy for the self-diffusion of magnesium (about 
32,000 cal per g-atom). 


DISCUSSION 


There are no really unusual features observed in 
the precipitation process occurring in a Mg + 3.4 
Th +0.54 Zr alloy. The appearance of a transition 
phase having a different structure and composition 
from that of the equilibrium phase has been observed 
in Mg-Zn alloys.** In both the Mg-Th and the Mg-Zn 
alloys, the transition phase has the structure and 
composition of the first congruently-melting com- 
pound. It appears in these systems that the dynamic 
precipitation process tries to wipe out the interven- 
ing peritectic transformations. The apparent stabili- 
zation of the transition phase by raising the tempera- 
ture is merely an indication that the temperature de- 
pendence of the transformation is less than the tem- 
perature dependence for the precipitation of thorium 
from solid solution. 

The high value obtained for the activation energy 
of the diffusion of thorium in magnesium is consis- 
tent with the observations of the stability of the Mg- 
Th alloys at temperatures above 500°F. The fact that 
this activation energy is about 30 pct higher than the 
value for the self-diffusion of magnesium is very un- 
usual. Although the thorium atom is about 15 to 20 
pet larger in radius than the magnesium atom, this 
size difference does not seem sufficient to explain 
the unusual temperature stability of Mg-Th alloys. 
Other large atoms, except possibly the rare-earths, 
impart no such temperature stability. The high 
chemical affinity of thorium for hydrogen and the 
relatively high solubility of hydrogen in magnesium, 
however, do provide a basis for an explanation of 
the low mobility of thorium: 

1) H and Th atoms have such a high affinity that 
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a hydrogen atom in the neighborhood of a thorium 
atom is no longer completely free. 

2) Hydrogen atoms and vacancies also interact, 
so that the normally interstitial hydrogen is mo- 
mentarily substitutional upon collision. 

3) The net result of the vacancy-H- Th interaction 
is that thorium is surrounded by a ‘‘cloud’’ of hy- 
drogen more or less tightly bound, and vacancies 
in the immediate neighborhood are less effective 


for ‘‘jump’’ sites. 

4) Even though the number of hydrogen atoms is 
less than the number of thorium atoms, the fraction 
of time a thorium atom spends in a Th-H complex 
is sufficient to decrease considerably the frequency 
of ‘‘jumping’’ from one lattice site to another. 

5) The high Zr-H affinity may also influence the 
diffusion of thorium by the formation of Th-Zr com- 
plexes held together by a hydrogen bridge. The 
formation of a mixed Th-Zr hydride in HK31A is 
evidence for the formation of such Th-H-Zr com- 
plexes. 

Attempts to form satisfactory Th-Mg couples for 
a direct measurement of thorium diffusion rates in 
hydrogen-free and hydrogen-contaminated magne- 
sium have so far been unsuccessful. Surfaces of 
both magnesium and especially thorium are so easily 
contaminated that intimate contact of the metals is 
extremely difficult to obtain. Such measurements are 
certainly desirable to confirm the role of hydrogen in 
contributing to the many unusual properties of mag- 
nesium alloys containing thorium. 

At any rate, the presence of thorium in a mag- 
nesium alloy greatly retards such softening proc- 
esses as recovery, recrystallization, grain growth, 
and boundary sliding and migration. This slowing-up 
process is reflected in the slow precipitation rate 
of Mg-Th compounds and the associated high value of 
the temperature coefficient, or ‘‘activation energy’’. 
Strain-hardening produced by cold-rolling is not 
easily removed by exposure to high temperatures 
since the disturbed and hardened regions are pre- 
ferred nucleation sites for stable compound precipi- 
tation. 
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Etfect of Manganese on the Austenite-Pearlite 


Transformation 


Measurements of rate of growth, thermodynamic quantities, 
and partitioning of Mn are reported for high-purity eutectoid 


Fe-C and Fe-C-Mn steels for the austenite-pearlite reaction. 
Evaluation of the constants of a derived-rate equation with these 
data indicate that Mn additions cause the decrease observed by 
increasing the activation energy and apparent activation entropy 
for the movement of complexes at the interface. A diffusion-con- 
trolled mechanism is not required. Appreciable partitioning of 
Mn to cementite occurs entirely behind the austenite-pearlite 


interface for more than 30°C of subcooling. 


Tue growth of pearlite from austenite has been ex- 
tensively studied over a period of years, but the 
rate-controlling step in the process is not known 
nor is the mechanism of the effect of alloying ele- 
ments understood. A comprehensive review of the 
subject has been given by Mehl and Hagel.’ The 
present study has been concerned with further 
considerations of the effects of alloying elements 

on the rate of growth of pearlite. 

Analytical relationships for the rate of growth of 
pearlite have been considered by Zener,” Turnbull,® 
Machlin,* Cahn,° Frye,® and Frye e¢ al." The derived 
expressions in each case involve the free energy of 
the transformation, the interlamellar spacing, and 
some rate term of the nature of the diffusion coef- 
ficient, mobility or frequency of occurrence of some 
rate-determining step. The treatments, of course, 
differ in detail. Further consideration is given in 
the present paper to the equation of Frye, Stansbury, 
and McElroy which was derived from modified abso- 
lute rate theory without in any way specifying the 
mechanism of the reaction. This equation is 


* 


RT [1] 


y=c ATAF exp 


y = rate of growth in mm/sec 
c = a constant 


AT = equilibrium transformation temperature 
minus actual transformation temperature 

AF = free energy per mol of austenite minus that 


of pearlite 
AE = activation energy 
R= gas constant 
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AF in Kq. [1] is computed from the following: 


[2] 


= 


where AH is the enthalpy per mol of austenite minus 
that of pearlite at the equilibrium temperature, T,, 
and AC is the difference in specific heat between 
austenite and pearlite per mol. 

Subsequently, Darken, Fisher, and Galligan® have 
reported that a layer of ferrite separates pearlite 
from austenite at the growing interface (i. e., the 
advancing face of Fe3C is in contact with ferrite, not 
austenite) and the ratio of the thickness of this layer 
to the spacing of the pearlite has not been found to 
vary with alloy content or transformation tempera- 
ture. This observation does not require any altera- 
tion in the above equation; however, it may require 
that a different significance be attached to the factor, 


_AT. The AT term appears in Eq. [1] as a conse- 


quence of a factor for the amount of growth per 
complex transformed at the interface.* It is based 


*This is not the sole reason for expecting such a relationship. See 
Ref. 7. 


on a 1/AT dependence of the interlamellar spacing. 
Zener’ has developed a theory which leads to 


1 
Sy « AT 
where S, = the pearlite interlamellar spacing. This 
relation is as consistent with the data on interlamel- 
lar spacing as other relationships, although, as 
pointed out by Mehl and Hagel,’ the data are not suf- 
ficiently precise to consider the relationship as 
confirmed. The work of Darken, Fisher, and 
Galligan® requires that the above be written 


| 


So 


where f = the thickness of ferrite layer between 
austenite and pearlite. 

The present paper is concerned with iron-carbon- 
manganese eutectoid alloys and reports experimental 
measurements of the following kinds: 1) the effect of 
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Table 1. Chemical Analysis of Alloys Investigated 


Wt Pct 
Carbon Manganese Silicon Phosphorous Sulfur 
Steel A. 0.75 1.02 0.03 0.003 0.013 
Steel B 0.69 12 
Steel C 0.78 1.8 


Mn on 7, 2) the effect of Mn on AF, and 3) the par- 
titioning of Mn between a Fe and Fe;C. These data 
are used to calculate the constants in the above rate 
equation. These constants are then discussed in 
terms of possible reaction mechanisms. 


EXPERIMENTAL METHODS AND RESULTS 


For the most part, the experimental procedures 
have closely followed those discussed in the previous 
paper.’ Experimental alloys were prepared by adding 
electrolytic manganese to a molten binary iron-car- 
bon alloy under an argon atmosphere. After solution 
of the manganese addition, a vacuum was again 
pulled on the system prior to solidification in the 
crucible. The carbon content was reduced to main- 
tain an eutectoid structure in the presence of the 
manganese. Analyses of the final rolled rods are 
given in Table I. 

Transformations were carried out in the equipment 
previously described.’ An austenitizing temperature 
of 1000° to 1100°C was found sufficient to produce 
large enough grains for adequate growth measure- 
ments without impingements of pearlite nodules. 

Rates of growth of pearlite from austenite at tem- 
peratures of transformation of 640°C and below were 
obtained as previously described,’ i. e., from the 
Slope of the straight line obtained by plotting maxi- 
mum nodule radius as a function of time. At 660°C 
and above, a pronounced tendency was observed for 
nucleation to occur on the surface of the specimen. 
In many cases, samples 1/8 in. thick were observed 
to transform completely by growth from the surface 
with no nucleation occurring within the samples. 
Under these conditions, the growth rate was deter- 
mined by the slope of the straight line obtained from 
a plot of the maximum growth from the surface as 
a function of time. A check of this procedure was 


Fig. 1—Surface nucleation and growth of pearlite in 1 pct 
Mn steel (Steel A) at 660°C and above. 
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Table Il. Experimental Rates of Growth vs Temperature 
x 10° mm/sec 


Ayes Steel A Steel B Steel C 
ature 
690 0.41 
680 1.40 0.206 
670 
660 7.0 
650 4.28 0.41 
640 13.2 5.28 
625 
620 19.0 8.2 
600 26.0 LET 3.6 
590 11.6 
580 30.0 10.6 
575 3.9 
560 26.0 10.0 
550 7295 
540 18.0 6.1 


made by measuring the growth rate of free nodules 
in several specimens 1/4 in. in thickness at one 
temperature and comparing to the surface-type 
measurements. An example of the surface growth is 
shown in Fig. 1. The growth-rate data are presented 
in Table II and Fig. 2. A partial time-temperature 
transformation curve for the 1 pct Mn steel is given 
in Fig. 3. 

Several methods were investigated for the sepa- 
ration of the carbides from the transformed pearlite. 
The methods outlined by Cohen and Blickwede® using 
hydrochloric acid and sodium citrate cells were tried 
initially but with limited success. In general, the 
yields of carbide were small and appeared to contain 
appreciable amounts of graphite. X-ray diffracto- 
meter analyses of the residue gave backgrounds indi- 
cating poorly diffracting material. Satisfactory car- 
bide yields were obtained by suspending the trans- 
formed specimens in a solution of 10 g of potassium 
iodide and 15 g of iodine in 100 ml of ethanol. The 
ferrite was preferentially corroded, leaving a car- 
bide residue. Generally, the carbides adhered to the 
specimen necessitating periodic removal of carbides 
from the surface by scraping. This was usually done 
directly into ethanol so as to remove them from the 
corrosive solution. In general, higher yields of 
carbide were obtained which gave well defined 
cementite lines when the residues were examined 
with an x-ray diffractometer. 

‘The carbide residues were analyzed for man- 
ganese and iron from which the composition of the 
carbide was determined assuming (Fe, Mn),C as 
the carbide. Residues were extracted from three 
groups of specimens: 1) specimens transformed 
at each temperature just long enough to completely 
transform the austenite, 2) similar specimens 
held 24 hr at the transformation temperature, and 3) 
a series held for times ranging from 10 min to 24 hr 
at selected temperatures. The data are plotted in 
Figs. 4 and 5. 

Although there is some scatter in the manganese 
analyses of the carbides, it is evident that no par- 
titioning had occurred in any of the pearlite of the 
1 pct Mn steel when transformed at approximately 
640°C or below, the carbides containing the same 
amount of manganese as the original austenite. In 
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Fig. 2—Rate of growth of pearlite vs tem- 
perature of reaction for high-purity iron- 
carbon and iron-carbon-manganese steels. 
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the 1.2 pct Mn steel, the corresponding temperature 
for no partitioning was observed to be 620°C. Above 
these temperatures, the extracted carbides con- 
tained increasing amounts of manganese and ap- 
proached the equilibrium concentration for the ex- 
tremely long transformation times required at 
small degrees of undercooling. Approximate values 
of the equilibrium concentration of manganese in 


the carbide as a function of transformation tempera- 
ture were obtained by holding specimens for 24 hr 
at the various temperatures. Such data for the 1 pct 
Mn steel are also shown on Fig. 4. 

Since these results showed that transformation of 
austenite to pearlite of nonequilibrium manganese 
concentration could occur, two series of samples 
were run to determine the rate of partitioning of 
manganese to the carbide phase. This was done by 
holding the now nonequilibrium pearlite specimens 


for different times following the completion of trans-_ 


formation; carbides were extracted and analyzed as 
before. The results are shown in Fig. 5 for the 1 pct 
Mn steel held at 620°C. 


RATE OF GROWTH (mm/sec) 


DISCUSSION OF EXPERIMENTAL RESULTS 


The summarized growth data, Fig. 2, indicate the 
retarding effect of manganese on the growth rate of 
pearlite. The value for the rate of growth at 680°C 
for the 1 pct Mn alloys is in general agreement with 
the results of Hull, Colton, and Mehl”°as extrapolated 
from their Fig. 11 (which shows the effect of man- 
ganese on the rate of growth of pearlite in several 
commercial steels). : 3 

The analyses of the carbides separated from iso- 
thermally transformed specimens at various tem= 
peratures indicate a considerable change of man- 
ganese content with transformation temperature for 
pearlite just formed from austenite. It is evident 
from Fig. 4 that transformation below 640°C in the 
1 pet Mn alloy results in carbides having the same 
manganese content as the original steel; for the 
1.2 pet Mn alloy this occurs at 620°C. In these 
temperature ranges, transformation starts within a 
few seconds and is completed in less than 100 sec. 
Thus the growth occurs with a rapidity such that 


e— 
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Fig. 3—Time-temperature-transformation 
diagram for 1 pct Mn eutectoid steel. 
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Fig. 4—Manganese content of carbides for 100 pet trans- 
formation and 24 hr at temperature: 1 pct Mn eutectoid 
steel. 


partition of manganese to the carbide at the growing 
interface does not occur, resulting in a non-equi- 
librium pearlite of higher free energy. 

Above these temperatures however, the extracted 
carbides contain progressively greater amounts of 
manganese. Extrapolation of these data and con- 
sideration of the manganese content of specimens 
held 24 hr at the respective temperatures indicate 
6 pct Mn for the equilibrium manganese content of 
the carbides occurring in a 1 pct Mn steel. This 
equilibrium value is in close agreement with the 
work of Arnold and Reed.” Certainly, unpartitioned 
pearlite is forming at the interface at somewhat 
higher temperatures. A rough calculation may be 
made showing that 670°C is a maximum temperature 
above which some partitioning may be considered 
as occurring at the interface. At 670°C, transfor- 
mation is complete in about 2700 sec; in this time 
partitioning is observed to increase from none to 
3 pet Mn in the carbide at 620°C. Between 620°C 
and 670°C, the increase in S, just about balances 
the effect due to an increase in D in bringing about 
partitioning. Hence, 3 pct Mn in the specimen trans- 
formed to 100 pct pearlite at 670°C could have oc- 
curred entirely behind the transforming interface. 

Variations in the alloy content of the carbide phase 
as a function of the transformation temperature have 
been reported by a number of investigators, although 
few investigations in high-purity ternary systems 
have been made. Bowman” has investigated several 
molybdenum-bearing steels of eutectoid composition 
and found that the molybdenum content of the carbide 
decreased as the transformation temperature was 
lowered. Wever and Koch,’* in similar experiments 
on chromium-manganese steels, showed that both of 
these alloying elements preferentially segregated in- 
to the carbide phase as a function of the transforma- 
tion temperature. Others’*’*® have studied the car- 
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Fig. 5—Manganese content of carbides with time at tem- 
perature at 620°C: 1 pet Mn eutectoid steel. 


bides in quenched and tempered steels, indicating a 
relationship between the carbide analysis and tem- 
pering temperature and time. The present data show 
conclusively, however, that the austenite-pearlite 
transformation can occur without the necessity of 
any net manganese diffusion at the interface, thus 
indicating that volume diffusion of the alloying ele- 
ment is not the rate-determining factor. 

It is desirable to consider the application of Eq. 
[1] (or modification thereof) to high-purity iron- 
carbon alloys containing one or more alloying ele- 
ments—specifically in this case, to the alloys con- 
taining 1. 1.2, and 1.8 pct Mn. It is readily evident 
that an addition of a third component to the system 
introduces new problems both with regard to the 
theoretical treatment of growth rates and to the 
availability of thermodynamic and other data on the 
system. If the form of Eq. 1 is to be retained, it is 
necessary to establish a critical temperature from 
which AT, the degree of supercooling, may be cal- 
culated and at which austenite and pearlite are in 
equilibrium, 7.e., Ty. Theory and experiment indi- 
cate that the additions of manganese spread the in- 
variant temperature of three-phase equilibrium 
into a temperature range in which the three phases, 
austenite, carbide, and ferrite are stable. This 
condition necessitates evaluation of Tj as an in- 
variant temperature from which AF is computed for 
Eq. [1] and a modification of Eq. [2] for the three- 
component case. 

Furthermore, application of absolute rate theory 
to any process is facilitated if the same reactants 
and the same products are involved over the tem- 
perature range studied, or more specifically, if 
AE* and AS* are independent of temperature. It has 
been shown, Fig. 4, that the condition of identical 
product is not satisfied over the complete range of 
temperature of pearlite formation in the present 
cases. It becomes necessary then to examine the 
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data for a possible range of temperature over which 
the theory is applicable and to devise means of 
handling the values of AE* and AS* over such a 
range. Previous arguments have indicated the pos- 
sibility that transformation to unpartitioned pearlite 
might occur as high as 670°C. These observations 
permit the logical assumption that from approxi- 
mately 670° to 540°C, the lowest temperature in- 
vestigated, transformation occurs with the forma- 
tion of the same products. The theory should then 
apply over this temperature range. 

In order to apply Eq. [1], it is now necessary to 
establish the critical temperature at which the un- 
partitioned pearlite, 7.e., the nonequilibrium product 
would be in meta-stable equilibrium with austenite. 
At this temperature, AF would be zero; it would 
therefore be taken as the critical temperature from 
which AT is calculated. Furthermore, if no par- 
titioning is taken as an imposed condition on the 
system, then this critical temperature may be taken 
as an invariant temperature. 

These critical temperatures have been estimated 
as follows: from an analysis of the thermodynamics 
of carbides in iron, Richardson” concludes that both 
_the metals, Fe and Mn, and the compounds, Fe,C and 
Mn,C, form nearly ideal solutions. On this basis, it 
is possible to make a reasonable estimate of the free 
energy of partitioning of manganese in the 1 pct Mn 
steel of interest in the present case. The calculation 
is based on the usual relation, 


AF = AH—TAS 


AH is estimated from the heats of formation of Fe,C 
and Mn.,C, and AS is calculated assuming ideal mix- 
ing entropy. Darken and Gurry”® give 5981 cal per 
mol for the heat of formation of Fe,;C from the ele- 
ments at 298°K and —23,500 cal per mol for Mn,C*; 
*Data are not available for correcting these to the higher temperature. 
Considering that only a change in the heat of formation associated with 


partitioning is involved and that Fe,C and Mn,C are isomorphous, the 
heat of partitioning probably changes little with temperature. 


these yield, for the enthalpy change on partitioning to 
6 pet Mn in the carbide, a value of —1475 cal per mol 
of carbide. The change in mixing entropy for ferrite 
and carbide, in going from the unpartitioned pearlite 
to partitioned pearlite, is -0.022 cal per °K per mol 
of pearlite. The latter calculation is based on dis- 
tributions of iron and manganese atoms among Sub- 
stitutional sites in both the ferrite and cementite 
phases. Considering 0.033 mols carbide per mol of 
pearlite in the manganese steel containing 0.75 pct C, 
the free energy of partitioning from 1 to 6.0 pct Mn 
at 670°C is 


AF =— (1475) (0.033) — (943) (—0.022) = —28 cal per mol 
of austenite or pearlite. 


It is now desirable to estimate the amount of ad- 
ditional cooling of austenite required to gain this free 
energy and hence establish the maximum tempera- 
ture at which the unpartitioned pearlite may form. 

For the 1 pct Mn steel, the bottom of the three- 
phase equilibrium field between ferrite, austenite, 
and carbide was determined experimentally to be 
709°C. From this temperature, reference to the cal- 
culated free energy values for formation of equili- 
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brium pearlite shows that a decrease of approxi- 
mately 25°C is necessary to provide the free energy 
equivalent to the partitioning free energy. This woul 
place the meta-stable equilibrium temperature for 
austenite and unpartitioned pearlite at approxi- 
mately 684°C. This is considered to be in quite good 
agreement with the estimate of 660° to 680°C. based 
on the results of the carbide analyses. It will be 
Shown that the best correlation in the theoretical 
analysis obtains when 7, is taken to be 670°C. Simi- 
lar reasoning leads to Tj = 665°C for the 1.2 pct Mn 
steel and Tj = 650°C for the 1.8 pct Mn steel. 

Having chosen 670°C as the invariant temperature 
for the 1 pct Mn steel, it is possible to make the 
necessary calculations of the free energies of trans- 
formation of austenite to unpartitioned pearlite. The 
specific heat and enthalpy of transformation were 
measured calorimetrically fora high-purity eutectoid 
iron-carbon alloy and for an alloy containing 0.97 
pet C and 1.03 pct Mn. In these measurements, the 
binary alloy contained 0.77 pct C, essentially the 
eutectoid composition. It has been necessary, how- 
ever, to correct the manganese-bearing alloy for 
the effect of an excess of 0.22 pct C if the eutectoid 
content for a steel containing 1.0 pct Mn is taken at 
0.75 pet C. The enthalpy of transformation for the 
1 pet Mn after correction for the high-carbon con- 
tent of the calorimeter specimen is listed in Table 
III. Corresponding enthalpies of transformation for 
the 1.2 and 1.8 pct Mn alloys are listed, but these 
have been estimated from the experimental data for 
the 1 pet Mn alloy assuming a linear effect of man- 
ganese on the enthalpy of transformation in this low 
composition range. These enthalpies can now be 
corrected (the specific heats being known) to the 
meta-stable equilibrium temperatures,7,, previously 
established for each of the three steels. The result- 
ing values are also listed in Table III. 

From the enthalpy and specific heat data, the free 
energy of the transformation—austenite to unpar- 
titioned pearlite—has been computed at a series of 
temperatures for each of the three manganese 
steels. These calculated free energies are also pre- 
sented in Table III. 


Table Ill. Thermodynamic Data* 


Steel A Steel B Steel C 
AH, 1053-4 
126970, ©) 1308 
AF AF AF. 
670 0 
665 5 0 
660 13 vi 
650 27 21 0 
640 41 35 14 
630. 55 49 28 
620 70 54 43 
510 84 78 57 
600 99 93 72 
590 115 108 88 
580 131 115 104 
570 147 131 120 
560 163 147 136 
550 180 164 153 
540 197 181 170 


*Values are in calories per mol of austenite. 
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Table IV. Tabulated Calculation Results 
AFAT/r x 1073, cal °K sec/mm mol 


Temper- 


arate Steel A Steel B Steel C 
660 18.57 29.92 

650 73.60 

640 93.18 165.72 

625 416.66 
620 184.21 Solu 

600 266.54 544.59 1000.0 

590 704.74 

580 393.00 922.17 

575 2153.84 
560 689.61 1543.5 

550 5186.44 
540 1422.77 3709.02 


A test of the theory according to Eq. [1] requires 
that a plot of In y/ATAF vs 1/T yields a linear re- 
lationship. The necessary calculations are presented 
in Table IV with the appropriate quantities plotted in 
Fig. 6. For comparative purposes, the data for one 
of the iron-carbon alloys previously investigated 
have been plotted. It is evident that, as with the iron- 
carbon alloys, the manganese-bearing alloys yield 
reasonably linear relationships in accord with the 
theory. The validity of the choice of Tj = 670°C for 
the 1 pct Mn Steel is borne out, at least in part, by 
the observed linear plot which obtains. In this con- 
nection, it is interesting to examine the effect on this 
plot of choosing both a higher and a lower critical 
temperature for the unpartitioned pearlite. For this 
purpose, the calculations have been made for critical 


O = 953°K (680°C) 
@ = 943° (670°C) 
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Fig. 7—Effect of T, on plot of 
eutectoid steel. 


vs 1/T, 1 pct Mn 


478-VOLUME 218, JUNE 1960 


10 


if! 
ALLOY To 


0% MANGANESE (945°K) 7 
5 @ 1.0% MANGANESE (943°K) 
| 1.2% MANGANESE (938°K) 
MANGANESE (923°K) 


L 


ale 

ees Lf 

40° 

PL 
| y 
2x10" 
1.0 1.04 1.08 146 1.20 1.24 
1000/T (°K) 
AFAT 


vs 1/T showing correlation of data 


Fig. 6—Plot of 
according to Eq.[1]. 


temperatures of 680° and 660°C with the result shown 
in Fig. 7. At lower temperatures all of the points 
tend to converge toward the same straight line as 
would be expected. This adds confidence to values of 
AE* calculated using a Tj = 670°C. 

The equations which apply to the lines in Fig. 6 are: 


1.02 pct Mn eutectoid steel 


— 40,000 


1.2 pct Mn eutectoid steel 


1.8 pct Mn eutectoid steel 


0.78 pct C steel 
7-22.86 


DISCUSSION 


It has frequently been proposed that the rate of 
growth of pearlite from austenite is determined by 
diffusion of carbon or other solutes to either cemen- 
tite or ferrite. The present work shows that diffu- 
sion of manganese does not control the growth rate 
since it remains in situ during transformation below 
a certain temperature. Carbon, on the other hand, 
does and must diffuse to form the carbide plates of 
pearlite. In discussing this diffusion, it is convenient 
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to consider two regions. One of these is the region 
at the interface where the atoms are not ina regular 
crystal structure and where the concentration of 
various elements may not be the same as in the bulk 
material. The other is the region which is suffi- 
ciently removed from the interface so that a normal 
lattice prevails and the concentrations correspond 
to the average concentrations of the phase in ques- 
tion. The first will be designated as the interface 
region and the second as the volume region. 

Consider first the volume region. The activation 
energy for growth in the iron-carbon alloy is 24,200 
cal per mol. The activation energy for diffusion of 
carbon in ferrite’® is 18,000 cal per mol and in 
austenite” 28,500 cal per mol at 1.35 pct C and 
36,000 cal per mol at 0.22 pct C. The indication is 
that the rate is not controlled by volume diffusion of 
carbon. Upon the addition of 1 to 2 pet Mn, the acti- 
vation energy for the process increases to 40,000 to 
50,000 cal pct mol, and the rate of growth is greatly 
decreased. The work of Wells and Mehl” and Blanter”” 
have shown that for manganese concentrations up to 
19 pct, the effects on the activation energy for diffu- 
sion of carbon in austenite are small in comparison 
with the effects observed here. The effect of man- 
ganese in ferrite is not known, but from experience 
with other elements, it is hard to conceive of the 
activation energy being increased from 18,000 to 
40,000 cal per mol and of the rate of diffusion being 
drastically reduced. Thus, the present theory leads 
to the conclusion that the rate of growth of pearlite 
from austenite in the plain carbon and manganese 
steels is not controlled by volume diffusion of car- 
bon through austenite and probably not through 
ferrite. 

The authors are not aware of any experimental 
data on either the rate of diffusion or ‘‘activation”’ 
energy for diffusion of carbon in the interface region. 
Qualitatively, however, there is some reason, both 
experimental and theoretical, to expect a lower ac- 
tivation energy for diffusion at an interface. Con- 
sequently, if carbon diffusion is considered as con- 
trolling the pearlite growth, it would be surprising 
to find the activation energy higher in the interface 
than in ferrite (7.e., 24,200 cal per mol as against 
18,000 cal per mol). Furthermore, since carbon is 
interstitial and therefore free to move to manganese 
atoms in any structure, it does not appear reason- 
able that manganese should roughly double the acti- 
vation energy and greatly decrease the diffusion 
rate in the interface region when it has little effect 
on the activation energy and the volume diffusion 
rate in austenite. 

An agreement which is perhaps more cogent has to 
do with the form of the equation which results if the 
growth rate is determined by diffusion of carbon. 
Zener’ derived such an equation on the basis of dif- 
fusion of carbon through austenite to cementite. As 
would be expected, his equation and Eq. [1] of this 
paper are identical in form. Turnbull® has shown, 
however, that if diffusion is restricted to the inter- 
face, then the coefficient of the exponential is not 
AT as in Zener’s and our equations, but AT’. Since 
we find the coefficient to be AT rather than AT”, the 
indication is that the rate of growth is not controlled 
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by diffusion of carbon at the interface. 

Therefore, for the steels considered here, we 
conclude that the rate of growth of pearlite from 
austenite is not controlled by diffusion of manganese 
to cementite and probably not by the diffusion of 
carbon to cementite. 

Growth of a crystal of one structure at the expense 
of a crystal of different structure must involve con- 
siderable movement of atoms at or near the advanc- 
ing interface.* It has been suggested earlier” that 


*It is entirely possible that these may be shears over many atom dis- 
tances parallel to the interface. 


such movements control the rate of growth of pearl- 
ite from austenite. In addition, plastic deformation 
may be induced in the continuous matrix, but it 
would appear that changes in volume occurring dur- 
ing pearlite growth could be accommodated by 
elastic deformation for the percentage transforma- 
tion studied here. Thus, it seems quite probable that 
the rate of growth of pearlite is controlled by these 
atomic movements at the interface and that man- 
ganese decreases the rate primarily by increasing 
the activation energy for such movements. A com- 
pensating effect is the accompanying increase in the 
coefficient of the exponential. This may be attribut- 
able to an increase in activation entropy accompany- 
ing the increase in activation energy. In this con- 
nection, it is noteworthy that Bolling and Winegard” 
have found that silver and gold each increase both 
the activation energy and entropy for grain growth in 
lead. 

Interface movements of the kind described above 
occur whether the interface structure is that of 
ferrite and cementite in contact with austenite or 
the supersaturated ferrite-austenite interface with 
cementite precipitating subsequently. In either case, 
it is readily apparent that the rate of growth might 
be inversely proportional to the thickness of the 
cementite lamellae if such atomic movements start 
at an edge and sweep across the face. A similar 
argument holds for the ferrite lamellae in the case 
that both cementite and ferrite are in contact with 
austenite. If, on the other hand, the controlling 
movements are at the continuous ferrite-austenite 
interface reported by Darken, Fisher, and Galligan,® 
no dependence of rate on either pearlite spacing or 
ferrite layer thickness is immediately obvious. 
Therefore, in the case of growth by a continuous 
ferrite-austenite interface, the direct variation of 
rate with AT, and hence, inverse variation with 
pearlite spacing, implies that the rate-controlling 
atomic movements are at the ferrite-cementite 
interfaces. 


CONCLUSIONS 


1) The rate of growth of pearlite from austenite 
can be described by the following equations: 


1.02 pct Mn eutectoid steel 


4 —40 ,000 

y= 3.75 xX 10° ATAF 
1.2 pet Mn eutectoid steel 

4 —44,700 

= 2.06 xX 10 ATAF 
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1.8 pet Mn eutectoid steel 


— 48,900 
12465410" 
y= 1.46 10° ATAFe RT 

0.78 pet C steel 
= — 24,200 
= 2.86 ATAF 


2) The rate of growth of pearlite from austenite in 
eutectoid Fe-C and Fe-C-Mn alloys containing 1 to 2 
pet Mn is not controlled by diffusion of manganese 
and probably not by diffusion of carbon. 

3) It is probable that manganese decreases the 
rate of growth of pearlite from austenite primarily 
by increasing the activation energy for those atomic 
movements at the moving interface which are neces- 
sitated by differences in crystal structure between 
austenite and pearlite. This effect is partially com- 
pensated by an apparent increase in activation en- 
tropy. 

4) The presence of a layer of ferrite between 
austenite and pearlite, as reported by Darken,*® would 
seem to require that the rate-controlling movements 
be those at the ferrite-cementite interface. 
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The Observation of Fatigue Processes in MgO 


Single Crystals 


Fatigue of tonic crystals has been studied primarily in mag- 
nesium oxide. Under cyclic stress dislocations move irreversibly; 
they multiply; slip bands form and grow; cracks nucleate and propa- 
gate, and failure occurs. The use of tonic erystals such as MgO is | 


advantageous in such investigations because they are optically 


transparent, Individual dislocation intersections with {100} sur- 
faces may be observed with a standard microscope, using etch- 
pit techniques. Slip, deformation, crack formation, and fracture 
in MgO crystals under cyclic stress ave compared with corre- 


sponding processes in metals. 


Tue effect of cyelic loading in metals has been 
studied for many years. The appearance of slip 
lines is readily observed and the ensuing fracture 
may also be seen. From these observations it is 
possible to predict the behavior of a material and 
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make an educated guess as to what is happening 

internally, but the actual changes taking place with- 

in the structure are not readily apparent. If one 

could obtain a material in which the individual glide 
components could be observed, it would be invalu- . 
able in determining the actual slip distribution re- 
sulting from cyclic loading as well as the distribu- 
tion of slip in the neighborhood of a growing crack. 
Such a material is magnesium oxide. Dislocation 
arrays may be observed by means of etch pits 
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brought out by chemical etching with a 30 pct HCl, Rex 
10 pet saturated NH,Cl solution for approximately 
20 min. 

It has been well established’ that the normal slip Fracture Plane 
system for ionic crystals with the sodium chloride eae 
structure is the <110> direction in the {110} plane. tea ee 

This system has been verified for MgO and is il- x RS 
lustrated by means of the magnesium oxide tension 
specimen in Fig. 1. This figure illustrates the 7 YA 
normal slip systems as well as the formation of hie x i 
cleavage cracks (circled areas). The specimen, VM fy [ 
tested in tension in the condition as received from Dy a ~ ia. 
the Norton Co., fractured with a strain of approxi- ll eee 
mately 0.2 pet. It is seen that the number of slip y $ 
bands is small, and the strain is not evenly distri- 
buted. This type of slip distribution leads to con- 
siderable scatter in results, but the situation can 
be improved by a heat treatment consisting of 
heating to 1000°C for a short period of time fol- 
lowed by air cooling. By this treatment it is pos- 
sible to increase the strain and decrease the 
strength of the material, and the tension data be- EN 
comes very reproducible in a series of specimens 7 
cleaved from the same crystal. The tension stress- : 
strain curve shown in Fig. 2 is representative of ON 
the material used for the fatigue tests. As is seen, = 
the strain has been increased to 0.36 pct. The slip fe 
distribution observed on this specimen is shown in Lf 
Fig. 3. Comparing this specimen with the one be 
shown in Fig. 1, it is seen that the slip is more : 
widely distributed through the specimen and is much 


more uniform. The stress-strain curve, Fig. 2, Fig. 1—Slip distribution as it appears on all sides of an MgO 
from this specimen was uSed as a basis for the tension specimen. (Circled areas are stable cleavage cracks.) 
cyclic loads. Single crystals were cleaved into 

numerous specimens about 0.001 sq in. in cross The machine used for cyclic loading of these 
section and 1 1/2 in. long. The specimens were specimens is shown in Fig. 4. The tension load was 
then mounted in grips with epoxy resin No. 828 (Shell applied by a cam adjusted by means of a differential 
Chemical Co.). After mounting there remained 1/2 screw at the base. The differential screw allowed an 
in. in the gage length. The mounted specimens were adjustment of 0.01 lb. The load was indicated by the 
etched and examined. Only specimens which were output of strain gages on the I-beam. The machine 
relatively free of large cleavage steps, scratches, was designed for constant stress. The rate of cycling 
or Similar irregularities were selected for photo- was slow, 10 cycles per min. If the specimen elon- 
micrographing and fatigue testing. Because of the gated the load would decrease very slowly, but oc- 
nature of the material and the shape of the speci- casional adjustment would keep the load essentially 
mens, the load was applied in tension alone and constant. For long runs, the maximum stress re- 
cycled between zero load and some predetermined mained unchanged for thousands of cycles. For the 
tensile load representing a portion of the yield range of stresses applied, the load could be meas- 
strength indicated in the stress-strain curve. ured to an accuracy of 5 pct or better. Since the 
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Fig. 2—Tensile test heat-treated MgO. 
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Fig. 3—Slip distribution, tension specimen heat-treated MgO. 


Darker areas represent slip bands. 


load was transmitted by dowel pins to the grip sec- 
tion, alignment was primarily a problem of mounting 
the specimens properly in the grip sections. A jig 
was, therefore, used to assure alignment. 

The fact that the specimens did not go through a 
compressive cycle does not change the fatigue proc- 
ess. It has been shown by Gilman® in LiF that dislo- 
cations moving under strain rates such as encoun- 
tered in these tests multiply very readily and are 
not reversible. It is assumed that the initiation and 
multiplication of dislocations in MgO follows the 
Same mechanism as that in LiF. Fig. 5 shows the 
fatigue curve obtained by this testing method. The 
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Fig. 4—Fatigue machine specifically designed for ionic crys- 
tals. 


points on the right represent the largest number of 
cycles to date. This will be extended as time per- 
mits. It is expected that the curve will flatten out 

at the lower load levels but this remains to be seen. 
The slip band distribution in the fatigued specimens 
tested near the yield stress was essentially the same 
as that seen in tension specimens. Fig. 6 shows the 
stress distribution in a specimen that fractured after 
1475 cycles at a load of 7600 psi. It has been ob- 
served in tension that slip bands form in a step-wise 
manner, filling a narrow zone and then growing in 
width with little if any more slip in the original zone. 
Each increment of the slip band represents the same 
amount of shear, resulting in uniform strain across 
the slip band. The slip bands under cyclic conditions 
form in the same manner. It is possible to measure 
the offset across large bands in the fatigue specimen 
where an initial slip band has been offset by a large 
slip band on another system, as indicated in the 
figure, and it appears that the strain in any area of 
the slip bands is approximately 5 pct which is of the 
same order seen in tension specimens as shown in 
Fig. 3. (The actual measurement of offset was done 
more readily in this field at higher magnification). 

It was observed that specimens subjected to a lower 
load generally exhibited more uniform slip with all 
available slip systems being utilized to some extent 
while higher loaded specimens preferred one system 
over a large area as was seen in Fig. 6. If one 
measures the width of these specimens after frac- 
ture, it is apparent that they have decreased in 
cross section a measurable amount in the highly 
deformed areas, a phenomenon that has not been 
observed in tension. This is a real effect since the 
specimens were photographed before loading in 
anticipation of such changes. Specimens loaded in 
fatigue showed elongations of approximately 0.5 pct, 
considerably more than is observed in tension, and 
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Fig. 5— Fatigue in heat-treated MgO. 


the same amount of strain hardening as the tensile 
Specimens. Strains in the fatigue specimens were 
measured in an optical comparator. 

When a great amount of intersecting slip is 
present, many slip systems will be blocked by inter- 
action with other slip systems. As illustrated in 
Fig. 7, the slip in one system may be almost com- 
pletely stopped by another system. In other cases, 
even though one slip system does not apparently 
block another, high stress concentrations are 
brought about by interaction of the two systems. 
This is illustrated in the polarized light photograph 
in Fig. 8. A stress concentration is indicated at 
each intersection of the narrow slip bands. Under 
polarized light it was possible to observe as the 
cyclic load increased the appearance of lines of 
stress at slip bands before those bands had achieved 
prominence. The stress concentrations shown in 
Fig. 8 would disappear when the load was removed. 
Cyclic concentration of stress could be observed al- 
so at cracks, even though the cracks were stable and 
did not grow. It was thought that the difference in 
slip band configuration dependent on load might have 
some influence on the fracture behavior of fatigue 
specimens. This indeed was the case. Specimens 
at high cyclic loads fractured generally in the same 
manner as tension specimens. Tensile fracture was 
illustrated in Fig. 1 where a fracture plane and 
surface are indicated. The failure was very planer 


Fig. 7—Slip on intersecting systems. (a) Slip on one system. 


(b) Effectively blocked by prior slip on system. (Note the 
curvature in the edge of the specimen MgO. X250). Reduced 
approximately 26 pct for reproduction. 
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Fig. 6—Composite micrograph of MgO fatigue specimen. 


and occurred on the {100} plane at an intersection of 
slip bands at or near the corner of-the specimen. 
Two stable cracks of the same type are circled on 
the figure. This type of failure was not observed at 
low cyclic stress. Many of the fractures seemed to 
form as they did in tension, but examination of the 
failure showed that the cracks were different in many 
respects. Examples of these fractures are shown in 
Fig. 9. The fracture surfaces are very irregular and 
often exhibit small cracks running from the surface. 
In some cases they appear to be almost conchoidal. 
In addition to the irregular fracture, the appear- 
ance of cracks along the edge of the specimen was 
very common and, on occasion, cracks were ob- 
served on the side surfaces that appear to be slits, 
Fig. 10, reminiscent of the fractures observed by 
Johnston, Stokes and Li.* In the examples they have 
shown, the specimens were loaded under a polishing 
solution which allowed a greater amount of plastic 
strain before fracture occurred, and the cracks 
formed internally in the form of slits on the slip 


Fig. 8—Asterism in MgO, indicating stress concentrations 
at intersections of slip bands. (Polarized light.) 
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Fig. 9—Fracture surfaces as observed in MgO fatigue specimens. 


plane at an intersection of two heavy slip bands. 
They suggested a mechanism for fracture analogous 
to that postulated by Stroh.*® 

The slits in fatigue do not appear to be on any par- 
ticular plane, and it is doubtful that the same frac- 
ture mechanism is operative in each case. If one 
observes the misorientation of the slip bands in the 
neighborhood of the slits (they are no longer at right 
angles to each other), it appears that considerable 
deformation has taken place, but heavy slip bands 
are not present. It would seem then, that the slits 
observed by Johnston ef al. were due to a dislocation. 
interaction made possible by extreme plasticity 
while those seen here are probably due to irregu- 
lar deformation as a result of cyclic loading. 

Another interesting phenomenon was observed on 
the surface of the MgO specimens, Fig. 11(a). The 
side of the specimen was actually pushed out until 
the deformation became enough to cause cracks. 


Fig. 10—Small cracks resulting from cyclic loading 
MgO. X500. 
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The piece in the center would eventually fall out 
leaving a notch. The area shown was within a large 


Fig. 11—Observation of extrusions as observed in MgO and 


MgO. X1000. (4) Possible mechanism for formation of ex- 
trusions in MgO and LiF. (c) Extrusion formed during cyclic 
loading of LiF. X200. Reduced approximately 17 pct for re- 
production. 
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Slip band as evidenced by the number of dislocations. 
The fracture would appear to be due to a form of ex- 
trusion and a possible mechanism is sketched in 
part (0) of the figure. To further observe this mech- 
anism, some fatigue tests were run on LiF. LiF is 
more ductile and the chance of observing an extru- 
sion without fracture was enhanced. An extrusion 
observed is shown in Fig. 11(c). The number of 
active slip planes is rather small but the protrusion 
from the surface is very definite. Extrusions in LiF 
have also been observed by McEvily and Machlin, * 
but their description did not clarify the actual con- 
figuration. The cracks observed at extrusions and 
elsewhere on the samples were quite stable for 
much of the life of the specimen. Eventually at some 
unpredictable time one of the cracks would propa- 
gate and cause failure. 


DISCUSSION 


In MgO crystals, as in metals, the first quarter 
cycle of fatigue forms some network of slip as in 
tension. Subsequent cycling develops further slip. 
The amount of slip on intersecting systems de- 
pends on the load applied. At high stress amplitudes 
the slip is generally confined to one system and is 
very strong from the beginning. At low stress ampli- 
tudes the slip lines are quite fine and tend to be on 
intersecting systems. This conforms generally to 
the ideas of Wood® who postulates that high-ampli- 
tude cyelic loading leads to results similar to those 
found in tension, with the same mechanisms of flow 
and fracture operating. Low-amplitude cyclic load- 
ing is representative of a different flow configuration 
which may be accompanied by rather large surface 
disturbances such as intrusions and extrusions 
which eventually lead to fracture. The protrusions 
observed in the tests conducted here did not seem 
to conform to any model previously postulated, but 
appeared to be a gross movement of rather large 
blocks of material along a single slip band which 
could just as well form a Step in the surface rather 
than a protrusion. Large-step formation was ob- 
served in LiF, but not in MgO. 


While it has been shown that slip bands within the 
Specimen are barriers to dislocation movement, 
cracks are not generally observed at internal slip 
band intersections. It has, however, been estab- 
lished that cleavage cracks occur in tension where 
Slip bands intersect at or near the surface. If the 
same mechanism is active at low cyclic stresses, 
it is not readily observed. 

Once a crack has formed, the stress configuration 
necessary to make it grow and bring about failure 
may not be immediately available. It seems prob- 
able that large distortions in the area adjacent to the 
crack would eventually weaken the lattice causing it 
to fail at a lower stress than that necessary when 
the crack first formed. A large distortion in parts 
of the lattice could also account for the irregular 
appearance of the fracture surface due to the crack 
following planes of weakness rather than the normal 
cleavage plane. 

The fatigue curve obtained is rather flat. In view 
of the statistical nature of fatigue, the limited 
amount of fatigue data obtained, and the appreciable 
scatter in the tension tests, the S-N curve presented 
should be regarded as tentative. 
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Anelastic Measurements of Atomic Mobility in 


Body-Centered Cubic Li-Mg Solid Solution 


-Single crystals of bec Li-Mg solid solution were grown and 
their internal friction was measured as a function of temperature. 
A peak of the Zener type was found in the damping spectrum. The 


activation energy for the relaxation process is 21.5 + 1 kcal per 
SCL 


mole and the frequency factor is 1018-7 £9 


D. P. SERAPHIM, Junior Member AIME, is a Staff Metallurgist in 
the Cryogenics Department of International Business Machines Research 
Laboratory, Poughkeepsie, N.Y. The experiments were performed while 
the author was at Yale University where the work was supported by the 
Office of Ordnance Research. 

Manuscript submitted August 11, 1959. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


D. P. Seraphim 


ZENER internal-friction peaks which are observed 
for a wide range of solid solutions are attributed to 
stress-induced changes in local order.’ In the pres- 
ent work a Zener internal-friction peak, the first 
reported for a solid solution of an alkali metal, is 
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Fig. 1—Zener internal-friction peaks for polycrystalline 
and single crystal bec Li-57 at. pct Mg solid solution. 


identified for Li-Mg bcc solid solution. From such 
a peak, information can be inferred* * concerning 
the kinetics of atomic motion in the alloy. 


MATERIAL AND METHODS 


The material Li-57 at. pct Mg was supplied by 
the Dow Chemical Co. in the form of %-in. rod. 
Single crystals were grown from the alloy by em- 
ploying the conventional Bridgeman technique and 
an unusual mold. The reactive nature and high 
vapor pressure of the alloy calls for a special 
container of 1010 carbon steel.* 


*The mold material was suggested by J. Tung and R. Maddin, Univer- 
sity of Pennsylvania. 


A hole drilled into a 7/2-in. diam 5-in. long 1010 
steel rod, to a depth within 7 in. of the bottom, 
served as the mold. The Li-Mg rod was drawn 
down to a force fit for the mold (/-in. ID) and 
pushed into place, filling the mold from the bottom 
to within an inch of the top. A steel plug was 
forced into the top of the mold and welded there 
leaving a small air chamber above the specimen. 
Most of the mold was immersed in water during the 
welding operation. The crystals were grown at the 
rate of % in. per hr. The maximum temperature in 
the vertical furnace was 100°C above the solidus 
temperature (830°K). In this range of temperature 
the unconventional container proved completely 
suitable, since only an insignificant fraction of the 
top of the Li-Mg rod reacted with the small volume 
of air present in the mold. There was no loss of 
weight observed. The crystals grown by this 
method and carefully removed from the steel cas- 
ing (by machining away the steel) were close to 
4-in. long. Out of a total of four attempts three 
single crystals were grown and a fourth specimen 
consisted of several grains. 

The single crystals and two polycrystal speci- 
mens were oscillated in flexure while two single 
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Fig. 2—Arrhenius plot of the relaxation time for stress- 
induced ordering in Li-57 at. pet Mg solid solution. 


crystals were oscillated in torsion in the fre- 
quency range of 1000 cps with a magnetic drive 
method similar to that described by Ké.° The 


values of Q-* were calculated (see Zener®) from 
the width of the resonance peaks. 


RESULTS 


Internal-Friction Peaks—A peak for a fine- 
grained polycrystalline specimen and a typical 
peak for the single crystals are shown in Fig. 1 as 
raw data, z7.e., without subtracting a background. 
The Zener peak for the former is almost obscured 
by the large damping associated with relaxation at 
the grain boundaries; the single crystal, on the 
other hand, has a well-defined peak only slightly 
unbalanced by an extra damping contribution on the 
high temperature side. 

The relaxation time, Tp, at the temperature Tp 
where the damping is a maximum, is found from 
the relation, 


1 
Ta (Tp) 


where f is the resonant frequency at the maximum 
value of Q~*. An Arrhenius plot of Tp, based on 
Fig. 1 and similar data at different frequencies, is 
shown in Fig. 2, in agreement with the relation 


where v is the frequency factor and H is the activa- 
tion energy for the relaxation process. There is no 
significant uncertainty in Tp while the uncertainty 
in Tp is indicated by the length of the line drawn 
through each experimental point. The point with 
the greatest uncertainty is that for the fine-grained 
specimen of Fig. 1. The value of 4 determined 
from the slope of the plot is 21.5 + 1 kcal per mole 
and the frequency factor is v = 101-7 * 
The frequency factor is slightly higher than values 


normally encountered but still within a reasonable 
range. 
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DISCUSSION 


The activation energy, H, for the Zener relaxa- 
tion and the activation energy @ for self-diffusion 
of both solute and solvent are generally in good 
agreement. An accumulation* of data from the 


*The data in Fig. 3 includes alloy systems a) where both H for re- 
laxation and Q for diffusion have been reported for a particular alloy 


system (Ni-Au’”', Ag-Zn*?, Cu-Zn*), b) where Q has been reported and 
where a single Zener peak has been measured, in which case H is taken 
from a Marx-Wert’ plot (Ag-In'?"°, Ag-Cd??"°), c) where H for relaxation 
can be obtained approximately at zero solute by extrapolation from data 
taken at higher concentrations and then compared with self-diffusion in 


very dilute alloys or pure metal (Al-Cu'**, Ag-Zn*'®, Cd-Mg'7""®, 


Cu-Zn*"*). The accuracies of the diffusion and relaxation measurements 
are comparable, with H and Q generally quoted to better than +2 pct. One 


difficulty in directly comparing the data arises from the fact that the 
measurements of diffusion are carried out at temperatures much higher 
than those employed for relaxation. 


literature which is plotted in Fig. 3 serves to il- 
lustrate this agreement. Note that the best line 
through the points in Fig. 3 has a slope of 1.04. 
The small but significant discrepancy between the 
two types of data, under consideration recently,*”® 
will be accepted as real for the present purpose 
of computing an activation energy for diffusion in 
Li-Mg. For Li-Mg the predicted value of @ is 
then 22.4 + 1 kcal per mole. Since there is no 
data concerning self-diffusion of either Li or Mg 
in Li- Mg, it is appropriate to normalize by form- 
ing the ratio @/T, where T, is the solidus tem- 
perature and to compare this for diffusion in 
Similar metals. For Li-Mg solid solution the 
ratio Q/T, is 27 which is substantially lower 
than the corresponding ratio for diffusion in the 
fcc noble metals where the values tend to fall in 


the range 34+ 4. It is interesting to note, however, 


that for sodium, the only alkali metal for which 
self-diffusion has been measured with high pre- 
cision,® the corresponding ratio is Q/T, = 28. 
The agreement of this result with the present 
result for Li-Mg is certainly indicative of a 
similarity in the diffusion mechanism. 
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The Solubility of Hydrogen and Nitrogen in 


Liquid 


Alloys of Iron, Nickel, and Cobalt 


The solubility of hydrogen in pure iron and pure nickel, and 
of nitrogen in pure iron, has been determined and agrees well 
with earlier data. Nitrogen is insoluble in pure nickel and co- 
balt. The solubility of nitrogen in Fe-Ni alloys also confirms 
earlier work. The solubility of hydrogen in Fe-Ni alloys in- 
creases non-linearly with increase in nickel content, but the 
solubility of hydrogen in Ni-Co and Fe-Co alloys reaches a min- 
imum at 75 and 50 at. pct, respectively. The solubility of nitro- 
gen in Fe-Co alloys decreases approximately linearly with in- 


crease in cobalt content. Nitrogen is insoluble in Ni-Co alloys. 


T.Busch 


Determined interaction parameters are in good agreement with 


predictions of Gokcen and Ohtani. 


Tue solubility of hydrogen and nitrogen in liquid 
iron and iron alloys has been studied by various in- 
vestigators.‘"** The method of solubility neasure- 
ment due to Sieverts’ is usually preferred when the 
vapor pressures of the liquid components are suf- 
ficiently small, but other techniques such as sam- 
pling the equilibrated melt and then analyzing by 
vacuum fusion have been used quite often. 

Previously reported data on the solubility of hy- 
drogen and nitrogen in ostensibly pure liquid iron 
are summarized in Table I; certain of the quoted 
results were obtained by interpolation of the pub- 
lished data. Agreement between the various in- 
vestigators is only fair, indicative of the experi- 
mental difficulties involved in obtaining gas 
solubility data. 

The only report found on the solubility of hydro- 
gen in pure nickel is that of Sieverts.” The solu- 
bility of nitrogen in iron-nickel alloys has received 


Table |. Solubility of Hydrogen and Nitrogen in Pure Liquid Iron 
at 1600° C and 1 Atm Gas Pressure 


Refer- Wt Pct Cc H, Wt Pct Cc N, 
ence H(«10*) per 100 g N(x107) per 100¢ 
metal metal 
1 2.65 29.5 - = 
2, 2.63 29.3 - = 
4 2:87, 26.3 3.49 27.9* 
8 2.79 31.0 = 
9 2.12 23.6 = = 
3 and 6 = = 4.0-—4.1 32.4 
5 = = 3.8 30.4 
eh = = 4.6 36.8 
10 = = ~4.0 
11 = = 4.2 34.0 
*at 1560°C 


**depending on method used by Saito. 
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some attention,”’** the results indicating that the 


solubility decreases with increase in nickel content, 
becoming zero for pure nickel. There is no pub- 
lished information on the solubility of these gases 
in either pure cobalt or alloys containing cobalt. 


EXPERIMENTAL PROCEDURE 


Sieverts’ method of solubility measurement was 
used throughout the investigation. The construction 
of the melting chamber is somewhat different from 


waer~ | 
Slo 
fe) N fe) 
“NIT; | O 
ic} N fe) 
fe) N fe) 
fe) 


Water in 


Fig. 1—Construction of melting chamber used in investi- 
gation . 


. Optical pyrometer F. Alundum cover 

. Vycor chamber G. Alumina crucible 

. Furnace coils H. Alundum sand 

. Glass water jacket I. Alundum thimble 

. Chamber support J. Detachable vycor base sealed 
with de Khotinsky cement 
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Fig. 2—Solubility of hydrogen in Fe-Ni alloys at 
1600°C and 760 mm. gas pressure. 


previous designs, and is shown in Fig. 1, but the 
auxiliary equipment and technique have been so fre- 
quently reported in the literature that their descrip- 
tion is unnecessary. 

The nitrogen, hydrogen, and helium gases were 
purified and dried by appropriate methods. The 
iron, nickel, and cobalt were of 99.95, 99.85, and 
99.8 pct purity, respectively. All melts were de- 
oxidized with hydrogen before the hot volume 
determination. 


SOLUBILITY OF HYDROGEN AND NITROGEN IN 
Fe-Ni-ALLOYS 


The solubilities of these gases in the pure metals 
at 1600°C and 1-atm gas pressure were found to be: 


cc He cc Ne 
WE Pet H Wt Pet N per 100g per 100g 
Iron 2.68x107* 39.5 x 107° 29.8 31.6 
Nickel 3.82 x 107° 0 42.5 0 


The results for hydrogen in iron agree very satis- 
factorily with Sieverts’ earlier results,’’? and with 
the work of Liang et al.® The solubility of nitrogen 
in iron is also very close to the normally accepted 
figure of 0.04 wt pct, and is in particularly good 
agreement with the results of Chipman*’® and the 
more recent work of Saito.*° The solubility of hy- 
drogen in nickel is very close to the value of 
Sieverts,” and Sieverts’ observation’ of the in- 
solubility of nitrogen in liquid nickel is confirmed. 

Fig. 2 indicates that the solubility of hydrogen in 
Fe-Ni alloys increases, although in a nonlinear 
manner, with increase in nickel content. At nickel 
contents exceeding 90 at. pct, the solubility is 
nearly independent of composition. 

Determinations of the solubility of nitrogen in 
Fe-Ni alloys of 40 and 80 wt pct agreed closely with 
the work of Saito’® and Kashyap and Parlee,” and 
work on this system was therefore discontinued. 
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Fig. 3—Solubility of hydrogen in Fe-Co alloys at 
1600°C and 760 mm. gas pressure. 


Co 


The saturation value decreases with increase in 
nickel content in an approximately parabolic man- 
ner, and alloys containing in excess of 80 pct Ni 
dissolve very little nitrogen. 


SOLUBILITY OF HYDROGEN AND NITROGEN IN 
Fe-Co ALLOYS 


At 1600°C and 1-atm gas pressure, the solubility 
of hydrogen in pure liquid cobalt was found to be 
23.2 cc per 100 g of metal (2.09 x 107° wt pct). The 
solubility of hydrogen in Fe-Co alloys is shown in 
Fig. 3, and is characterized by a marked minimum 
solubility at a composition quite close to 50 at. 
pct Co. Presumably this is caused by the ordering 
known to occur at the composition FeCo, the behav- 


Atomic Fraction Cobalt 
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Fig. 4—Solubility of nitrogen in Fe-Co alloys at 
1600°C and 760 mm. gas pressure. 
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Fig. 5—Solubility of hydrogen in Co-Ni alloys at 
1600°C and 760 mm. gas pressure. 


ior being analogous to that observed by Liang ef al = 
for hydrogen in liquid Fe-Si alloys. In cases such 
as these there is no doubt that the ordering persists 
in the liquid state. It is also possible that a solu- 
bility minimum accompanies the Fe,Co superlattice 
composition, but more closely spaced data would 
evidently be required to permit detection of the 
effect. 


Nitrogen was found to be insoluble in liquid co- 
balt, and the solubility of nitrogen in Fe-Co alloys 
diminishes approximately linearly with increase in 
cobalt, as shown in Fig. 4. 


SOLUBILITY OF HYDROGEN AND NITROGEN IN 
Ni-Co ALLOYS 


Solubility data for hydrogen in liquid Ni-Co alloys, 
shown in Fig. 5, indicate a minimum solubility at ap- 
proximately the Ni,Co composition. The similarity 
in the X-ray scattering factors of cobalt and nickel 
atoms has prevented observation of superlattice 
lines in this alloy, but anomalies in lattice param- 
eter measurements” have suggested that Ni,Co is 
in fact subject to an order-disorder transformation. 

Nitrogen is insoluble in Ni-Co alloys as might be 
expected having regard to its insolubility in the pure 
metals. 
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Table Il. Interaction Parameters in Liquid Binary Alloys 
of Iron, Nickel, and Cobalt 


Solvent Metal—Cobalt 


Solvent Metal—Iron Solvent Metal—Nickel 


; ; ; 
SeeeNt Co Fe Co Fe Ni 
Ho H +0.009 +2.58 H +0.53  +0.09 
N +1573 N = N 


ATOMIC INTERACTIONS IN LIQUID METALS 


The interaction parameter ¢{’= 6 In f,/6N;, 
where 7 and j are the solute species and /; and 
N; are the activity coefficient and mole fraction 
of i andj respectively, is a useful measure of 
atomic interactions between dissolved elements 
in a pure liquid metal.*””* The relationship strictly 
applies only for vanishingly small concentrations, 
and has proved particularly useful in interpreting 
the extensive data pertaining to liquid iron. Pp 
Measurements of this parameter for dilute alloys 
considered in the present research give the values 
listed in Table II. 

These values of the interaction parameter are 
quite consistent with the observations of Ohtani and 
Gokcen*® concerning a periodic relationship between 
the parameter and the atomic number of the alloy- 
ing element. 
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Deformation and Fracture of Magnesium Bicrystals 


This investigation was undertaken to study the effects of piled- 
up arrays of dislocations on inducing slip, twinning, and fracturing 
in magnesium bicrystals. A series of variously oriented bicrystals 
of magnesium having a vertical grain boundary were prepared and 
tested in tension. It was found that piled-up arrays of dislocations 
at the grain boundary could, under appropriate conditions, induce 
slip, twinning and cracking. The results that were obtained sub- 


stantiate, at least qualitatively, the general dislocation mechanism 


J.D. Mote 


for transmission of strain across grain boundaries and the Petch- 


Stroh concept of fracturing. 


Wuereas single crystals of magnesium generally 
exhibit extensive deformation, coarse-grained poly- 
crystalline magnesium at subatmospheric tempera- 
tures fractures after a few percent elongation.’ Al- 
though a small amount of ductility is obtained, 
several features of this fracturing are characteristic 
of typical brittle behavior. Over a rather broad tem- 
perature range the fracture stress is insensitive to 
the test temperature and the fracture stress in- 
creases linearly with the reciprocal of the square 
root of the mean grain diameter. The course of 
fracturing is predominantly intergranular, but small 
fragments of adjacent grains frequently adhere to the 
fractured surface.” 

The brittle behavior of polycrystalline magnesium 
is attributable to the limited number of facile defor- 
mation mechanisms it exhibits at low temperatures. 
For a general deformation of a randomly oriented 
polycrystalline aggregate, each grain must exhibit at 
least five independent mechanisms of deformation 
to permit accommodation of the imposed deformation 
from grain to grain.* Although minor amounts of 
prismatic slip occur in corners of grains where 
stress concentrations are known to be high, glide in 
polycrystalline magnesium at low temperatures takes 
place almost exclusively by basal slip.’ The common 
type of twinning, which takes place on the (1012) 
pyramidal planes, can under the most favorable 
orientations, lead to a strain of only 6.9 pct; the con- 
tribution of twinning to the tensile strain would in- 
deed be much less than this in a randomly oriented 
polycrystalline aggregate of magnesium. Since the 
three mechanisms of basal slip are coplanar, they 
are equivalent to only two independent mechanisms, 
a number insufficient for a general deformation. 
Consequently, once the permissible twinning has 
taken place in conjunction with basal slip, no further 
plastic deformation is possible because of inter- 
ference to slip at the boundaries of dissimilarly 
oriented grains. At this stage brittle fracturing 
takes place due to high stress concentrations at 
the juncture of slip bands with the grain boundaries; 
the predominance of intergranular fracturing in 
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magnesium, in preference to transcrystalline frac- 
turing which is prevalent in zinc, has not yet been 
rationalized. 

_ Amore atomistic description of the plastic be- 
havior and fracture characteristics of magnesium 
follows from the analyses made by Stroh’ on the 
stresses induced by piledup arrays of dislocations. 
Slip first takes place by dislocation motion in the 
most favorably oriented grains. As the dislocations 
approach the boundary of a dissimilarly oriented 
adjacent grain they begin to form an array of dis- 
locations with its attendant stress field. Piledup 
arrays of screw and edge dislocations introduce 
high localized shear stresses at the spur of the 
array; piledup arrays of edge dislocations also 
induce high tensile stresses localized in the vicinity 
of the grain boundary. Whereas the shear stresses 
can induce Slip to take place, the tensile stresses, 
if sufficiently high, can cause fracturing. The lo- 
calized shear stress will be relieved if sufficient 
numbers of mechanisms of deformation become 
operative in the original and the adjacent grain to 
permit accommodation of the dislocations in the 
grain boundary. In this event a ductile behavior will 
be obtained. But if the number of deformation 
mechanisms is insufficient for complete migration 
of dislocation arrays into the grain boundary, the 
tensile stresses due to the edge components of 
piledup dislocation arrays will continue to in- 
crease with increasing applied stress until fractur- 
ing takes place. Whereas face-centered- cubic 
metals have a sufficient number of mechanisms of 
slip for accommodation of dislocations in their 
grain boundaries to exhibit ductile behavior, hexa- 
gonal-close-packed metals, in general, do not. 
Consequently, hexagonal-close-packed metals are 
usually brittle except when conditions such as 
alloying or temperature permit facile slip by a 
number of mechanisms. 

The arguments presented above suggest that the 
mechanical behavior of magnesium depends on 
whether or not dislocation arrays in adjacent grains 
can enter the grain boundary. When such accommo- 
dation is possible, ductile behavior is expected; but 
when such accommodation is impossible, fracturing 
will ensue. To further test the validity of these 
arguments it was considered advisable to study the 


VOLUME 218, JUNE 1960-491 


| 


/ / / 
(A) SINGLE (B) SYMMETRIC 
d= X= 45° 245° 
| An=Xa=45° 


Gi / 
(D) ASYMMETRIC VARIATION 2 (E) ASYMMETRIC VARIATION 3 
dp = 45° d1=X1= 45° 
Ag =Xn=90° An= Xn=45 


mechanical behavior, under axial tension loading, 

of bicrystals which have a single vertical grain 
boundary. In this way it was possible to test a num- 
ber of relative orientations which permitted various 
degrees of accommodation of dislocations in the 
grain boundary to be investigated under conditions 
where auxiliary complicating factors could be 
minimized. The results to be described substantiate, 
at least qualitatively, the general dislocation mecha- 
nism for transmission of plastic strains across grain 
boundaries and for the Petch-Stroh®* dislocation 
concept of fracturing. 


EXPERIMENTAL PROCEDURE 


Crystals having the orientations shown in Fig. 1 
were tested in tension. The single crystal was pro- 


Table I. Test Conditions 


Speci- Tempera- 
men Width, Thickness, ture, 
No. In. In. Orientation Nase 

1 0.553 0.109 Single, Fig. 1(a) 77 
N= 
2 0.558 0.136 Symmetric, Fig. 1(b) 77 
Ar = X1= 45% An= X11 = 45° 
3 0.335 0.157 Asymmetric variation 1, Fig. 1(c) 77 
Ay = Xr = Aqy = 30°, = 0° 
4 0.592 0.135 Asymmetric variation 2, Fig. 1(d) 77 
Ay = X1 = 45°3 Aq = X11 = 90° 
5 0.405 0.066 Asymmetric, Fig. 1(e) He 
Ay=X1=45°3 Xr = 45° 
6 0.454 0.120 Single, Fig. 1(a) 298 
7 0.615 0.136 Symmetric, Fig. 1(b) 298 
Ay = X1 = Aq = Xn = 45° 
8a 0.821 0.120 Asymmetric variation 2, Fig. 1(d) 298 
Ay = X1= = X11 = 90° 
8b 0.571 0.093 Asymmetric variation 2, Fig. 1(d) 298 
Ay = X1= 45°53 Aq = Xr = 90° 
8c 0.441 0.447 Asymmetric variation 2, Fig. 1(d) 298 
Ar = X1 = 45°; Aq = = 90° 
9 0.681 0.061 298 


Asymmetric variation 3, Fig. 1(e) 
Ar = X1= 45°; Ay = Xn = 45° 


A = angle between slip direction and tension axis. 
X = angle between slip plane and tension axis. 
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Fig. 1—Schematic diagram of Mg crystal. 


duced by first growing a single crystal sphere from 
the melt, orienting the sphere by the Laue back- 
reflection technique, using the sphere to grow ap- 
propriate ly oriented 1/4-by 1/4-in. bar seeds, and 
finally growing the single-crystal rectangular bar 
from the square bar seed. All bicrystals were pro- 
duced by the same sequence using Chalmers’ double- 
seed technique in the final operation. Extreme care 
had to be exercised in order to produce crystals 
relatively free from subgrain boundaries as deter- 
mined from X-ray data and microscopic examina- 
tion. The graphite molds had to be given a mag- 
nesium oxide wash to avoid sticking and the crystals 
had to be grown under a purified helium atmosphere 
using molten magnesium as a final getter. After 
growth the crystal orientations were again deter- 
mined to the nearest 2 deg by the Laue back-reflec- 
tion technique. 

The surfaces of each specimen were mechanically 
polished with 3-0 emery paper and gage sections 
were then chemically milled into the specimen by 
immersion in an HCl (20 pts. by vol. Conc. HCl, 80 
pts. H,O) solution, the grip sections having been 
protected by the use of electroplaters tape. With 
careful agitation it was possible to maintain uni- I} 
form etching conditions and retain flat surfaces and 
sharp corners. The final shape of the specimen 


resembled that of the standard form of tension 
specimen for plate stock.°® 

All tensile testing was conducted in a machine 
having a constant head motion of 0.0054 in. per 
min. Loads were measured by means of a proving 
ring in series with the specimen. Specimens were 
periodically removed for metallographic examina- 
tion at which time also the plastic strain was de- 
termined from optical comparator measurements 
of the relative displacement of two gage points on 
the grain boundary approximately 1 in. apart. The 


dimensions of the specimens and various test con- 
ditions are given in Table I. 

The crystal orientations, as shown in Fig. 1, were 
selected for the following reasons: The Single crys- 
tal (A of Fig. 1) was included in the test series to 
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Fig. 2—Stress-strain curves for single crystals and sym- 
metric bicrystals of Mg. 


provide a basis of comparison with data obtained 

on the bicrystals. In the symmetric orientation 

(B of Fig. 1) edge dislocations from either grain 

of the bicrystal might enter the grain boundary. 
Grain II of the asymmetrically oriented bicrystal of 
variation 1 (C of Fig. 1) is so oriented that it should 
neither slip nor twin under the applied load whereas 
grain I of this bicrystal should permit pileup of edge 
dislocations at the grain boundary. In contrast, 
grain II of the asymmetric orientation 2 (D of Fig. 1) 
is so arranged that it might twin on the (1012) plane, 
whereas grain I of this bicrystal can cause edge 
dislocations to pileup at the grain boundary. The 
bicrystal in asymmetric orientation 3(E of Fig. 1)is 
so arranged that the resolved shear stress is the 
same on the basal planes of either grain, wherein 
grain I will cause edge dislocation to pileup at the 
boundary and grain II will cause screw dislocations 
to pileup at the same boundary. 


RESULTS AND DISCUSSION 


In Fig. 2 are shown the stress-strain curves* in 


*The end points of the stress-strain curves in this report do not nec- 
essarily correspond to either catastrophic failure or incipient cracking. 


axial tension for the single crystal (A of Fig. 1) and 
the symmetric bicrystal (B of Fig. 1) at 77°K and 
298°K. Up to strains of about 14 pct the single crys- 
tals exhibited the usual linear strain hardening il- 
lustrative of easy glide. In this range deformation 
occurred exclusively as a result of basal slip. 
Beyond 14 pet strain and coincident with the intro-— 
duction of twinning in the gage section, the rate of 
strain hardening increased more rapidly than 
linearly. The unpredicted twinning at this stage was 
believed to be due to the premature introduction of 
bending in the gage section of the small specimen. 
The bending in the gage section was due to the re- 
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(a) 

Fig. 3—Fracture 
in grain boundary Ge 
of symmetric bi- 
crystal of Mg at 


398°K. (a) White 
light. (6) Polar- 
ized light. X50. 
Reduced approxi- 
mately 23 pct for 
reproduction. 


straints offered by the grip on the tilting of the 
slip planes. 

At both test temperatures, the symmetric bi- 
crystals (B of Fig. 1) also exhibited exclusively 
basal slip over the early stages of deformation. 
Beyond a strain of about 8.5 pct, and more or less 
coincident with the initiation of more rapid rates 
of strain hardening, a few (1012) twins were formed 
in the near vicinity of the grain boundary as shown in 
Fig. 3 (2). Cracks, which followed the grain bound- 
ary, as shown in Fig. 3, were first detected at 19 pct 
strain. With increasing strain, strain-hardening took 
place at a continuously increasing rate in spite of the 
continued growth of old cracks and the introduction 
of new ones. Finally at a stress of approximately 
twice that at which the first crack was observed, 
catastrophic transcrystalline fracturing took place 
on high index planes. Excepting for a higher flow 
stress and a greater rate of strain hardening, the 
test at 77°K gave the same general trends as that 
conducted at 298°K; a few cracks, however, were 
noted to nucleate at the twin boundaries as well as 
at the grain boundaries in the 77°K test. 

A number of the observations recorded above re- 
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Fig. 4—Stress-strain curves of bicrystal at 77°K. 


veal that the motion of dislocations is impeded at 
the boundary of the two dissimilarly but symmetri- 
cally oriented grains of the bicrystal (B of Fig. 1). 
The resolved shear stresses on the slip plane in 
the slip direction necessary to induce plastic defor- 
mation was higher for the bicrystal than the single 
crystal. Furthermore, the rate of strain hardening 
even in the early stages of deformation preceding 
the formation of twins was higher in the bicrystals; 
this suggests a more rapid rate of formation of 
dislocation arrays in the bicrystals. The earlier 
twinning of the bicrystals cannot be ascribed to the 
applied stress since the resolved shear stress 

on the operative twin plane was negligible; the 
twins formed in the vicinity of the grain boundary 
where only piledup arrays of dislocations could 
produce sufficiently high localized shear stresses 
to induce such twinning. Finally, the vertical 
fracturing along the grain boundary cannot be due 
to the applied stress, which has zero components 
on the grain boundary; such fracturing can only be 
rationalized in terms of the tensile stress fields 
due to edge dislocations piledup at the grain bound- 
ary. 

The strengthening that was obtained in the bi- 
crystal of magnesium is consistent with Chalmers’” 
observations on the effect of orientations of bi- 
crystals of tin on strengthening. The present ob- 
servations are also qualitatively consistent with 
the dictates of dislocation theory which requires 
that a dislocation can only be forced into a wall of 
dislocations, the grain boundary, when the applied 
shear stress is sufficiently high to overcome the 
localized stress field of the boundary. But the 
present results on magnesium are different from 
Gilman’s® observations on the behavior of sym- 
metrically oriented bicrystals of zinc. Gilman re- 
ports that the vertical grain boundary in zinc bi- 
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Fig. 5—Stress-strain curves for Mg bicrystals tested at 
298°K. 


crystals offers no resistance to the motion of dis- 
locations; he also finds that fracturing takes place 
on the (0001) planes and not in the vertical grain 
boundary. 

Although it seems unlikely that symmetrically 
oriented bicrystals of zinc should offer no re- 
sistance to the motion of dislocations, it is pos- 
sible that the difference between zinc and magnesium 
is due to grain boundary impurities in magnesium. 
The observed type of fracture in zinc bicrystals and 
magnesium bicrystals could be expected since 
fracturing should occur where the tensile stress 
field exceeds the cohesive strength of the weakest 
plane. It is well known that zinc cleaves easily on 
the basal plane whereas in magnesium basal cleav- 
age is rare. These results correlate well with the 
observations in polycrystalline material. 

The bicrystal having the asymmetric orientation 
variation 1 (C of Fig. 1) was tested only at 77°K. 
Whereas grain I was oriented for facile slip on 
the basal plane, grain II was oriented with the basal 
plane parallel to the tensile axis. Under pure tension 
stressing grain II should exhibit neither basal slip 
nor (1012) twinning. The bicrystal exhibited practi- 
cally 0 percent strain even at the high average stress 
level of 10,000 psi. At higher stresses bending took 
place accompanied by basal slip in grain I and (1012) 
twinning in grain II. As the stress was increased ad- 
ditional bending occurred, but no new mechanisms 
of deformation were noted. Fracture finally took 
place in the grip section at an average stress of 
23,000 psi with practically zero strain excepting for 
that induced by bending. No grain boundary fractur- 
ing was observed in the gage section of the specimen. 

In view of the orientation of grain I for facile basal 
Slip, most of the load in the above test was carried 
by grain II; consequently, the stress on grain II at the 
termination of the test must have been about 45,000 
psi. The fact that neither slip nor fracturing took 
place in the gage section of grain II attests to the 
high strength of this orientation. The observed 
twinning could only have been induced by bending. Al- 
though edge dislocations from grain I can pileup 
against the grain boundary, they would be incapable 
of inducing basal, prismatic or pyramidal Slip in 
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Fig. 6—Slip lines 
~ at grain boundary 
- of Mg bicrystal of 
asymmetric vari- 
~ ation 2. (a) At 
~ grain boundary. 
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toward edge of 
grain II. X50. Re- 
duced approxi- 
+ mately 23 pct for 
reproduction. 


(b) 
grain II because of the unfavorable orientation of the 
[1120] Burgers vector of grain II. The observed 
(1012) twinning in grain II and the consequent bend- 
ing of the bicrystal could have been caused by the 
pileup of dislocations in grain I. The absence of 
grain boundary fracturing in spite of the pileup of 
dislocations can also be rationalized: Grain I in 
this test was subjected to a very small stress, 
most of the applied load being carried by grain II. 
Therefore, the stress fields due to the piledup ar- 
rays of dislocations were also small and insufficient 
to induce grain boundary fracturing. 

The stress-strain curves for the bicrystals having 
the asymmetric orientation of variation 2 (D of 
Fig. 1) are compared with those for other orienta- 
tions in Figs. 4 and 5. The stress-strain curves for 
this orientation were higher than those for all other 
orientations excepting that for the asymmetric 
orientation of variation 1 (C of Fig. 1) which is not 
shown on the graphs. At both test temperatures, 
77° and 298°K the bicrystals of the orientation 
given in Fig. 1 (d) fractured at slightly less than 
9 pet elongation. Whereas grain I is favorably 
oriented for basal slip, grain II is unfavorably 
oriented for basal slip but favorably oriented for 
(1012) twinning in tension. Since the details of 
deformation were slightly different at the two test 
temperatures, each test will be discussed indi- 
vidually, the 298°K test being taken first. 

At low stresses in the vicinity of 300 psi the 


bicrystal exhibited slip markings as shown in Fig. 6. 


The slip markings in grain I [the crystal to the left 
of the grain boundary in Fig. 6 (a) ] were coincident 
with the basal plane and are probably due to the 
participation of unpredicted directions of basal slip. 
Much more extensive slip band traces were ob- 
served on the external surface of grain I parallel 
to the grain boundary, illustrating that much more 
slip took place in the predicted direction than in the 
two unpredicted directions on the basal plane of 
grain I. Slip also took place on the basal plane of 
grain II as shown by the slip markings on the grain 
to the right of the boundary in Fig. 6(a). As shown 
in Fig. 6(0), these slip markings decreased in in- 
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Fig. 7—Slip lines 
in Mg bicrystal eo 
of asymmetric 
variation 2, Fig. +e 
1(d), at 298°K. 

approximately 
23 pet for repro- 
duction. 


tensity with distance from the grain boundary. Since 
they could not have been due to either the axial ap- ° 
plied stress or to bending about the grain boundary 
plane, they must have arisen from the stress fields? 
induced by arrays of dislocations in grain I piledup 
against the grain boundary. This concept is con- 
sistent with the decrease in intensity of the slip 
markings in grain II with distance from the grain 
boundary. 

After the test at 298°K had been completed, the 
bicrystal of asymmetric variation 2 (D of Fig. 1) 
exhibited the surface deformation markings shown 
in Fig. 7. Grain I exhibited exclusively basal slip 
and (1012) twinning in the neighborhood of the grain 
boundary whereas grain II at this time exhibited not 
only the previously described basal slip band but 
also an additional set of slip bands at about 86 deg 
to the original set. The new slip bands could not 
have been due to prismatic slip since in this event 
they would have made an angle of 90 deg with the 
original set of bands. Rather the general appear- 
ance was one suggested by the possibility that ex- 
tensive (1012) twinning took place in grain II during 
the later stages of deformation following which 
basal slip was induced in the twinned sections of 
grain II. This concept predicts the observed 86-deg 
angle between the two sets of slip bands. To check 
this idea a Laue back-reflection photograph was 
taken with the X-ray beam impinging normally to 
the surface of grain II that was parallel with the 
plane of the grain boundary. In taking this photo- 
graph the entire gage section of the crystal was 
oscillated back and forth in the X-ray beam. The 
X-ray photograph clearly showed, by the hexagonal 
symmetry that was revealed, that the basal plane 
of grain II was now practically parallel to the grain 
boundary. A similar photograph was obtained after 
etching one-half of grain II away. No spots due to 
the original orientation were detected in either case. 
Consequently, there is little doubt that during the 
course of deformation the entire gage section of 
grain II twinned by the single predicted (1012) 
twinning mechanism. Cracks were observed in grain 
II parallel and adjacent to the grain boundary. 
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Fracturing finally occurred in grain II after it 
had twinned, the fracture plane making an angle of 
56 deg with the basal plane in the twinned grain. A 
typical fracture in the vicinity of the grain boundary 
is shown/in Fig. 8A. The angular measurements 
reveal that fracturing follows the (3034) plane. 
More detailed investigation of this mechanism of 
fracturing revealed that the fracturing followed the 
mid rib of (3034) twins which were produced in 
advance of the spur of the crack. These observations 
are in complete harmony with those previously re- 
ported by Reed-Hill and Robertson” on (3034) twin- 
ning and fracturing in magnesium crystals. 

The results of this test on the asymmetric orien- 
tation of variation 2 (D of Fig. 1) at 298°K reveal that 
grain I undertakes primarily basal slip with some 
(1012) twinning whereas grain II deforms primarily 
by the predicted (1012) twinning mechanism until it 
assumes an orientation within a few degrees of that 
given by the asymmetric orientation of variation 1 
(D of Fig. 1). Twinning of this type can permit an 
extension of almost 7 pct in grain II and during this 
twinning grain I can accommodate to the strains by 
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basal slip. Undoubtedly the small amounts of basal 
slip in both the original and twinned orientations 
permit some minor accommodations to the deforma- 
tion. Once the asymmetric orientation of variation 1 
is achieved, however, grain II is unfavorably oriented 
for further deformation and consequently fractures 
by the previously reported (3034) twin mechanism. 

With a few minor exceptions the bicrystal of asym- 
metric orientation of variation 2 that was tested at 
77°K exhibited almost the same behavior as that 
already reported for the 298°K test: The bicrystal 
tested at.77°K exhibited not only the predicted (1012) 
twinning but also the two next most facile (1012) 
types of twinning and the cracks at 77°K were in the 
grain boundary. The strain to catastrophic fractur- 
ing was slightly greater than that permitted by the 
twinning of grain II for both test temperatures. 

The stress-strain curves for the asymmetric bi- 
crystals having orientations of variation 3 are given 
in Figs. 4 and 5. The types of deformation exhibited 
at the two test temperatures were identical. 

Both grain I and grain II exhibited exclusively the 
usual basal slip. Whereas edge dislocations pileup 
at the grain boundary in grain I, screw dislocations 
pileup at the boundary in grain II. A noncrystallo- 
graphic kink band formed in grain II adjacent to and 
almost parallel to the grain boundary and in addition 
twins were formed in both grains near the grain 
boundary. The first crack occurred in the grain 
boundary, undoubtedly due to the stress fields of 
piledup arrays of edge dislocations near the boundary 
in grain I. An examination of a typical stress-strain 


curve, Figs. 4 and 5, for crystals of this orientation 
may give some clue to what is happening. After the 
yield point is reached, there is a region where the 
rate of work hardening is relatively low. It is be- 
lieved that during this part of the deformation some 
accommodation can occur at the grain boundary by 
kinking, twinning, and slip within the twins. When 
these mechanisms are exhausted, the grain boundary 
can no longer accommodate the dislocations and 
pileup of dislocations must occur. The rate of work 
hardening then increases until the blocked array can 
nucleate a crack. As the crack grows there is con- 
siderable plastic deformation at the tip of the crack, 
?.é€. kinking and bending. Since the crack does not 
continue to grow catastrophically, crack propagation 
requires more work than crack nucleation; thus new 
cracks are nucleated. The crystal continues to be- 
come stronger until a stress level is reached where 
the plastic deformation at the tip of the crack is not 
sufficient to stop the crack growth and the material 
fails catastrophically. 

The major results of this investigation are sum- 
marized in Table II. 


CONC LUSIONS 


1) Magnesium bicrystals exhibit ductilities that 
are consistent with the permissible deformations of 
the individual grains: 

a) When one grain is so oriented that it can neither 
Slip nor twin, the bicrystal exhibits zero ductility. 

b) When one grain is so oriented that it can only 
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Table Il. Summary 


Orientation and Test Temp. Slip Mechanism Twin Mechanism Initial Cracks Fracture 
= 298°K (0001) [1120] 
(0001)[1120] 
Fig. 1(a) 
T = 298°K (0001)[1120] (1012) [1011] In grain boundary Trans-crys- 
T=77°K (0001)[1120] (1012) [1011] Along vertical 
planes 
Fig. 1(b) 
In grip sec- 
tion, no 
T =77°K measurable 
plastic de- 
formation 
T = 298°K (0001) [1120] Grain II twins Grain II (3034) 
completely by plane within Trans- 
(1012) [1011]; (3034) twin volume crystalline 
(3034) E = 8.5% on (3034) 
Fig. T=77°K (0001) [1120] (1012) [1011] In grain boundary plane 
T = 298°K (0001) [1120] (1012) [1011] In grain boundary 
and along high Trans-crys- 
index planes at tallineron 
grain boundary high index 
Fig. 1(e) T =77°K (0001) [1120] (1012)[1011] In grain boundary planes 


twin, the strain to fracture is only slightly greater 
than that for twinning. 
c) When slip can occur in both grains, cracking 


occurs in the grain boundary due to the tensile stress 


fields of edge dislocation arrays. 
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The Tensile Fracture of Ductile Metals 


A phenomenological study of the failure of polycrystalline 
ductile metals at room temperature was carried out using light 
and electron microscopy. Tensile fractures as well as sections 
of partially fractured bars of OFHC copper in particular were 
examined. The initiation and growth of the central crack in the 
neck of a tensile specimen occurs by void formation. After the 
formation of the central crack the fracture may be completed 
in either of two ways: by further void formation or by an ““al- 
ternating slip’? mechanism. The first leads to a “‘cup-cone”’ 


failure; the second, to a ‘‘double-cup’’ failure. 


In the past decade or decade and a half there has 
been a great deal of emphasis on the solution of the 
problem of the brittle fracture of metals, particu- 
larly those which normally exhibit considerable 
ductility such as steel. Since the problem of the 
fracture of metals after large plastic strains has 
less immediate commercial or defense significance, 
there has been considerably less effort expended in 
describing the details of the phenomenology and 
determining the mechanism of this type of fracture. 
The present research was undertaken to increase 
our knowledge in this area. 

The problem of ductile fracture has not been 
neglected completely, however. Ludwik’ first found 
by sectioning a necked but unbroken tensile speci- 
men of aluminum that fracture began with a large 
internal crack which appeared to have started in the 
center of the neck. Examination of the fracture in- 
dicated that the crack had propagated radially with 
increasing deformation until a point was reached at 
which the path of the fracture suddenly left this 
transverse plane and proceeded at approximately 
45 deg to the stress axis until the surface was 
reached. This gives rise to the commonly observed 
cup-cone tensile fracture. When MacGregor’ was 
attempting to demonstrate the linearity of the true 
stress-true strain curve from necking until frac- 
ture, he found that copper was anomalous in that the 
stress dropped off markedly from the straight line 
value before fracture occurred. Radiography indi- 
cated that in the copper an internal crack was 
formed long before the final fracture, the stress 
decreasing during the growth of this crack. 

One of the most significant advances in the un- 
derstanding of ductile fracture was the result of 
work by Parker, Flanigan, and Davis.* By the use 
of etch-pit orientations they were able to demon- 
strate conclusively that the fracture surface at the 
bottom of the cup, although on a gross scale normal 
to the tensile axis, did not consist of cleavage facets 
as had been previously supposed by many investi- 
gators. Recently, Forscher* has shown evidence of 
porosity near the tensile fracture of hydrogenated 
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zirconium which he attributes to hydride decompo- 
sition. The workers at the Titanium Metallurgical 
Laboratory’ have also shown evidence of porosity in 
a number of the commonly used metals after heavy 
deformation. 

Many metals have relatively low ductility during 
creep tests at high temperature. The fractures are 
intercrystalline, resulting from the nucleation and 
growth of grain boundary voids. The work in this 
area has been recently reviewed by Davies and 
Dennison.® It is possible that some of the observa- 
tions and conclusions may have a bearing on the 
present study, especially since at least two studies”’® 
have been extended down to room temperature and 
below using magnesium alloys. However, since 
magnesium does exhibit low-temperature cleavage, 
these results may not be pertinent to the present 
one. 

The use of the electron microscope as an aid to 
the study of fractures has been extensively ex- 
ploited by Crussard and coworkers.® The examina- 
tion of direct carbon replicas of the fractures of a 
large number of metals and alloys showed that the 
bulk of the fracture surface was covered with cup- 
like indentations of the order of 1 to 2 yw in size. 
These frequently had a directionality by which 
Crussard claims to be able to tell the direction of 
the crack propagation. 

With this rather disconnected background of in- 
formation, this investigation was undertaken in the 
hope of presenting a unified picture of the initiation 
and propagation of a fracture in a ductile metal. 

To this end all of the techniques previously used 
were employed simultaneously so that there might 
be a good correlation of the data obtained by dif- 
ferent techniques. 


EXPERIMENTAL PROCEDURE 


The metal which was chosen as the starting ma- 
terial for this investigation was OFHC copper. Of 
the dozen or so materials considered, it best ful- 
filled the requirements of commercial availability 
in large sizes, good ductility, relatively high melt- 
ing point compared with room temperature and 
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reasonable cleanliness.* It was assumed that if 


*The nominal impurity limits in weigh : ; 
ght percent were: 0.04 total; 
0.0003 P; 0.004 S; 0.0003 Zn; 0.0001 Hg; 0.001 Pb. The oxygen con- 
tent was measured to be 0.0003 wt pet. 


any of these factors appeared to have a marked ef- 
fect, then they could be studied in detail. In order 
to see more clearly the influence of grain bound- 
aries, the grain size of the copper was coarsened 
by heat treatment. 

Because of the well-known effect of hydrogen in 
embrittling the grain boundaries of oxygen bearing 
copper, it was decided to heat treat specimens in 
hydrogen, dry nitrogen, and vacuum so that the ef- 
fect of atmosphere might be compared. One group 
of specimens were heat treated in hydrogen with a 
dew point of —95°F for 3 hr at 700°C. (The average 
grain diameter was approximately 1 mm as a re- 
sult of the critical strain given the rod during the 
commercial cold-finishing operation.) An additional 
complication arose in the case of the specimens 
heat treated in dry nitrogen and a vacuum. A dif- 
ferent sized bar was used as the starting material 
as a somewhat different end was employed on these 
specimens, although the gage section was identical 
to the others. The amount of cold finishing in the 
starting rod was apparently different as grain 
growth was insignificant at 700°C. It was necessary 
to go to 950°C to produce a comparable grain size. 
Large tensile specimens with a gage diameter of 
1 in. and a 4-in. gage length were employed to main- 
tain good polycrystallinity with such a coarse grain 
size. 

The tensile tests were performed on a 60,000-1b 
Baldwin-Southwark tensile machine at room tem- 
perature and at a strain rate of 0.1 in. per min. 


PREPARATION OF METALLOGRAPHIC 
SPECIMENS 


After a radiographic examination to determine 
roughly the extent of internal failure, the central 
2-in. section of the gage length was removed and 
a metallographic specimen of the type shown in 
Fig. 1 made from it. A special fixture was designed 
which positioned a specimen under the microscope 
by means of notches. 

In order to minimize exaggerations of defects 
during polishing and etching, a special polishing 
technique was employed. The surface to be ex- 
amined was machined using a flycutter, the last 
cut being about 0.0005 in. deep. This minimized 
machining deformation. Two thousandths of an inch 
were then removed on the 600-grit wet wheel. This 
was in turn followed by polishing on emery polish- 
ing papers 0, 2/0, and 3/0 using paraffin and kero- 
sene and polishing four times with each grit, al- 
ternating directions. Between each grade of paper, 


the specimens were degreased and steam cleaned 

to remove grit. The polishing itself was done with 
diamond paste on the back of photographic paper. 
This gave a maximum of cutting and a minimum of 
relief polishing and rounding of sharp edges. It was 
found that grades of diamond paste finer than 3 yp did 
not cut the soft copper as rapidly as did the coarser 
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Fig. 1—Schematic drawing of a metallographic specimen 
and its position in the neck of a prestrained tensile 
specimen. 


grades because a more rapid buildup of copper on 
the hard paper scratched the specimen. The surface 
was finished with alternate polishing and etching in 
a standard potassium dichromate solution to remove 
flowed metal. 

The double-replica technique was used for the 
electron microscopy. The final replica was of 
carbon, preshadowed with chromium. The initial 
cellulose acetate replica was taken directly off the 
fracture surface or off the polished and etched sur- 
face of a metallographic specimen. 


RESULTS 


I) Void Formation—A) Hydrogen Treatment— 
Four bars were tested. One was fractured while 
the other three were interrupted at maximum re- 
ductions of area at the neck of 63.5, 74.5, and 
80.4 pct. The specimens, sectioned longitudinally 
and polished and etched, revealed the presence of 
numerous grain boundary voids. The metallographic 
technique which was used to minimize the distortion 
of the void size and shape at the surface did not 
permit a resolution of better than 1 to 2 uw. It was 
very difficult to definitely distinguish voids of this 
size from randomly formed etching pits, the largest 
of which also were in this size range. With this 
limitation in mind, an examination of that portion 
of the specimens which had been strained 32 pct, 
the strain at which necking began, revealed a den- 
sity of voids of something less than 1 per sq mm. 
These appeared to be located, without exception, at 
the intersection of three grains or two grains and 
an annealing twin. There was no other obvious 
preferential spatial location. Such voids appear as 
in Fig. 2. 

On any longitudinal section, the surface density 
of voids increased very rapidly as the minimum 
transverse section was approached, reaching a value 
in the neighborhood of a hundred per square milli- 
meter (a one-hundred fold increase at this point 
compared to unnecked regions). This would then 
indicate a thousand-fold increase in number of voids 
per unit volume. There were several other impor- 
tant changes with increasing deformation. Numer- 
ous larger voids appeared as the minimum section 
is approached, the size and number increasing 
roughly with the increasing strain. No longer were 
the voids only at grain boundary intersections, but 
many appeared along boundaries which were parallel 
to the tension axis. Such voids are shown in Fig. 3. 


VOLUME 218, JUNE 1960-499 


Fig. 2—Voids at triple points at an 
average strain of 32 pct in hydrogen- 
treated OFHC copper (tension axis 
vertical). 


Fig. 3—Numerous voids on a bound- 


ary parallel to the tension axis in 
hydrogen-treated OFHC copper. 


| 
} 


Fig. 4—Interconnection of voids to 
form a larger void on a boundary ap- 
proximately parallel to the tension 


This is in distinct contradiction to the evidence 
of void formation during creep which takes place 
almost exclusively on boundaries normal to the 
tension axis. The difference is probably due to the 
fact that the voids form under a uniaxial tensile 
stress in creep because the amount of deformation 
prior to void formation during creep is small. In 
the case of the tensile specimen, the necking intro- 
duces transverse tensile stresses which could re- 
sult in the formation of voids on boundaries normal 
to them. The mechanism is probably more complex 
than this, however, since these stresses are still 
much lower than those acting on the boundaries 
normal to the tension axis. 

Although the bulk of the voids which formed in 
the more highly strained region of the neck formed 
on boundaries which were parallel to the tension 
axis, there were some which formed on boundaries 
which were normal or at a large angle to it, gen- 
erally in regions of lower strain or, at any given 
strain, near the surface of the specimen. In both 
such regions the transverse tensile stresses were 
smaller than in those regions where new voids 
formed primarily on parallel boundaries. Further- 
more, at the same overall strain, the average size 
of voids on parallel boundaries was much smaller 
than that of voids on normal boundaries, many of the 
latter traversing an entire grain boundary. This 
was taken as an indication that the voids on normal 
boundaries had nucleated at lower values of the 
strain and grew as the strain increased without 
any significant further nucleation of voids of this 
‘type. 

One feature of the void formation which cannot 
be overemphasized is the distribution of voids on 
boundaries at any particular value of the deforma- 
tion. Some boundaries were almost saturated with 
void nuclei, Fig. 3, while adjacent ones were com- 
pletely free of them. This indicates a strong de- 
pendence of void formation on the relative orienta- 
tions of the grains on opposite sides of the grain 
boundary, the roughness and spatial orientation of 
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axis in hydrogen-treated OFHC cop- 
per. 


the boundary, and the cleanliness of the boundary. 
This makes it difficult to specify a particular 
strain at which voids are nucleated. 

From the appearance of the larger voids it can 
be deduced that they were the result of the growth 
and interconnection of many smaller voids, nu- 
cleated at some earlier period when the deforma- 
tion was smaller. An example of this is shown in 
Fig. 4. A larger longitudinal void is being formed 
from several smaller ones by their growth along 
the boundary. From the difference in size of the 
smaller voids it can be deduced that they formed 
at different times in the deformation process. Con- 
ceivably the smallest voids might result from 
stress concentrations arising from the presence 
of the adjacent larger ones. The flow of the metal 
in the tensile test is such that any particular initial 
geometry changes during the test to one which is 
lengthened in the axial direction and shortened in 
any transverse direction. This would give rise to 
an elongation of the void nuclei in the axial direc- 
tion. Hence. when these nuclei grow and connect 
along a longitudinal boundary, they form a long, 
relatively narrow void. However, on the transverse 
boundary they are elongating normal to the bound- 
ary which results in a much broader, rougher void 
when the smaller ones interconnect as shown in 
Fig. 5. 

As the voids grow their ability to concentrate the 
strain increases and they are able to grow independ- 
ent of the grain boundary. This concentration of the 
strain showed up as narrow bands of heavy deforma- 
tion running from the void out into the specimen at 
an angle with the tensile axis of 30 to 40 deg as 
shown in Fig. 6. 

Not all of the voids were nucleated at grain bound- 
aries, however. After extensive necking, small 
voids were initiated in the interior of many grains 
in the more highly deformed regions of the neck. 
They were generally in heavy deformation marks 
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Fig. 5—Broad, rough void resulting 
from growth and interconnection of 
voids on a boundary at a large angle 
to the tension axis in hydrogen- 
treated OFHC copper. 


copper). 


also at an angle of approximately 30 deg to the 
tensile axis (as in Fig. 7). 


_B) Dry Nitrogen Treatment—Since the voids which 


formed in the OFHC copper annealed in hydrogen 
were at the grain boundaries (typical of H, embrit- 
tlement), the comparison with bars heat treated in 
dry nitrogen was the more necessary. After the 
heat treatment in nitrogen described previously, a 
bar was deformed in tension to a 75 pct R.A. anda 
metallographic sample removed. 

The polished and etched sample revealed that 
there was indeed a large difference in the appear- 
ance of this bar as compared to the hydrogen 
treated one. 

Although the total number of voids was only 
slightly less in this bar than in the comparably 


Fig. 6—Deformation marks frequently 
associated with large voids (tension 
axis vertical) (hydrogen-treated OF HC 
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Fig. 7—Small nongrain boundary voids 
first appearing in hydrogen-treated 
OFHC copper after heavy deformation. 
These are associated with deforma- 
tion markings as shown. The object 
in the upper right-hand corner is an 
annealing twin. (Tension axis ver- 
tical.) 


strained hydrogen treated one, there was only an 
insignificant number of grain boundary voids in 
any region examined, the vast majority being of the 
nongrain boundary type. In the hydrogen-treated 
bar at this strain, the only nongrain boundary voids 
were a few 2 to 4 yu in size and only in very highly 
deformed regions, while in this nitrogen-treated 


‘bar they ranged in size up to about a factor of ten 


larger than this and appear generally in all 
regions. 

It would appear then that voids are formed to re- 
lieve the high stresses created at local regions 
where the inhomogeneous deformation is particularly 
intense. If they do not form at the grain boundary, 
the stresses will be relieved by their formation 


Fig. 8—Large nongrain boundary voids in nitrogen-treated 
OFHC copper, also associated with deformation markings. 
Nearest grain boundary is in the lower right-hand corner. 
(Tension axis vertical.) 


Fig. 9—Two large connected voids near center of necked 
region (hydrogen-treated OFHC copper). Printed to sup- 
press grain detail and bring out detail of void distribution. 
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within the grain. Since the total number and volume 
of voids was roughly comparable in the two cases 
for the same strain, it is probable that the energy 
necessary to form a void at a grain boundary is not 
much smaller than that necessary to form one in 
the bulk of the grain under the same conditions of 
stress and strain. 

From a statistical viewpoint one could be quite 
certain that the voids were of the nongrain boundary 
type when almost none of those intersected by any 
metallographic section were associated with an ad- 
jacent grain boundary on the section surface. How- 
ever, it is more convincing to actually demonstrate 
that they are not associated with grain boundaries 
which lie under the surface or which existed in that 
part of the bar removed during the polishing opera- 
tion. This was accomplished by polishing down 
through the pair of voids 20 yu long, in steps of 3 to 
5 pu. These are shown in Fig. 8, with the nearest 
grain boundary in the lower right-hand corner. 
Since the fixture for holding the samples per- 
mitted a return to the exact location which had been 
previously examined, it was possible to photograph 
each stage. What had appeared to be only a pair of 
voids actually were a group of five at various depths, 
so that it was possible to uncover and then polish 
completely through a void without the appearance 
of a grain boundary, thus demonstrating that these 
were indeed nongrain boundary voids. The bars 
heat treated in a vacuum had the same appearance 
as those heat treated in dry nitrogen. 

II) Crack Formation and Propagation— Further 
metallographic examinations showed that such voids 
as discussed in the previous section continued to 
grow as the strain, as well as the triaxiality ac- 
companying the change in shape of the neck, in- 
creased. In particular, at the center of the bar at 
the neck the voids grew rapidly in size, and the 
space between them decreased; finally they joined 
‘up to form the beginning of the central crack. Fig.9 
shows a section of the (hydrogen treated) sample 
with 75 pct R. A. near the center of the neck. The 
two large voids have joined at this strain. 

The growth of the newly formed crack seemed to 
occur by the following sequence of events. Shear 
strain was concentrated at its tip in what appeared 
on the surface of the metallographic specimen, as 
one or two thin strips of heavily deformed material, 
at an angle of 30 to 40 deg to the tensile axis. In 
this region of very heavy local shear deformation, 
a large number of voids were then nucleated. The 
resulting sheets of voids were weak and one sub- 
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Fig. 10—Heavy deformation and void 

formation associated with crack prop- 
agation. (a) Region which did not sub- 
sequently fail. (b) Region which failed 
and extended the crack. 
treated OFHC copper.) 


(Hydrogen- 


sequently failed under the applied tensile stress. 
Since the sheet of voids was at a large angle to the 
transverse plane, its failure then extended the crack 
out of the plane of minimum cross section or maxi- 
mum stress. Once again shear strain concentrated 
at the tip of the newly extended but static crack. 
However, of the two possible regions of heavy shear 
strain, the one that failed this time was the one 
which forced the crack to propagate back toward the 
plane of maximum stress. Thus, the crack zig- 
zagged back and forth stepwise across the maximum 
tensile stress plane as it propagated radially. Fig. 10 
shows this quite distinctly. In Fig. 10(a), the tensile 
axis is vertical; the outside of the specimen, to the 
left of the figure. The crack, the bottom surface of 
which is shown, had come from the upper right pro- 
ceeding to the lower left, then turned and proceeded 
off to the upper left. The two possible orientations 
symmetric about the tensile axis which were equally 
favored for shear strain concentration at the crack 
tip are shown clearly. Although strain was heavily 
concentrated in both of these orientations with con- 
comitant void formation, the crack preferred to 
change direction rather than to continue out of the 
maximum stress region. Fig. 10(b) shows the 

heavy deformation and voids which lined the sur- 
face of the existing crack, which had already split 

a sheet of voids during the previous extension 
increment. 

The electron microscope revealed several in- 
teresting features of the fracture. The surface of 
all fractures with the exception of the surface of 
the final separation, consisted primarily of little 
cuplets as Crussard® has indicated. The use of 
small polystyrene balls placed on the acetate sur- 
face before shadowing, in addition to the stereo- 
microscopy, definitely established them as such. 
There were frequently large areas which the cuplets 
were relatively uniform and highly oriented, as 
clearly shown in Fig. 11. These are the remains 
of a ruptured sheet of voids as will be discussed 
later. 

Many areas, primarily near the center of the 
fracture, showed a mixed appearance. In addition 
to the areas of relatively uniform void size and 
orientation there were a large number of cuplets 
of various sizes which were more or less equiaxed 
with some larger areas which appeared relatively 
structureless. The lack of directionality in the 
shape of the cuplets indicates that they probably 
formed on an individual basis with the fracture sur- 
face normal to the tension axis. In order to check 
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Fig. 11—Negative replica of oriented void formation on 
part of fracture of OFHC copper. (Projection of tension 
axis onto this plane runs from lower right to upper left 
of micrograph. ) 


whether the other areas were the remains of large 
individual voids intersected by the crack during its 
traverse of the specimen cross section, several 
large individual voids uncovered during the sec- 
tioning and polishing of the metallographic speci- 
mens of vacuum-annealed OFHC copper were 
repiicated after polishing but before etching. How- 
ever, no successful carbon replicas were made 
from the acetate replicas because of break-up. 
Nevertheless, examination by the optical micro- 
scope both of the voids themselves and the negative 
replicas revealed that the surface is identical to 
that produced during the final separation. Fig. 12 
shows a portion of the wall of a large (100 by 280 1) 
void showing the relatively flat rippled surface with- 
out any evidence of cuplet formation (cf. Fig. 16). 
Thus, the growth of the initial voids is by that 
mechanism by which the final separation occurs, 
and the regions on the replica of the fracture sur- 
face which do not show cuplet formation are un- 


Fig. 13—Schematic 
diagram of a dia- 
metral section 
through a ‘‘double 
J cup’’ fracture. 
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Fig. 12—Part of the wall surface of a large nongrain- 
boundary void, showing the rippled surface characteristic 
of a “‘double-cup” failure. (OFHC copper, vacuum an- 
nealed.) 


doubtedly places where the crack has intercepted 
large individual voids. — 

III. Final Separation--The tensile failure of 
ductile metals normally described is that called 
the ‘‘cup-cone’’ failure. This is observed for iron, 
brass, and duralumin. It is of interest to notice that 
the appearance of the cup and cone surfaces of the 
fracture of these metals was very similar to Fig. 11 
when examined under the electron microscope. One 
can deduce from this that the fracture took place in 
the following manner. The central crack propagated 


radially by the ‘‘void sheet mechanism,’’ increasing 


the stress on the metal ahead of it as it grew. That 
point was then reached where the constraint was low 
enough and the stress high enough that a thin sheet 
of heavy deformation penetrated to the surface of the 
specimen. Void formation occurred catastrophically 
within this heavily deformed zone and failure of this 
sheet of voids separated the specimen. Since the 
crack propagated in zig-zag steps, each at a large 
angle to the transverse plane, this last large step 
results in the cup-cone form of the fracture. 
However, if one carefully examines the fractures 
of such metals as copper, aluminum, silver, gold, 
and nickel, they can be seen to be modified ‘‘cup- 
cone’’ fractures or what have been termed ‘‘double- 
cup’’ fractures,*° shown schematically in cross sec- 


Fig. 14—End-on view of the two halves of a ‘‘double-cup”’ 
fracture (OFHC copper). X5. Reduced approximately 
25 pet for reproduction. 
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Fig. 15—Two halves of the fractured, internally-notched, 
thick-walled OF HC copper tube. 


tion in Fig. 13. The last rim of metal to fail did so 
in such a manner that the two halves of the fracture, 
with the exception of the central portion inside the 
vertical lines, both look like the cutters of a leather 
punch. Fig. 14 is an end-on view of both halves of a 
fracture showing the cups clearly to the unaided eye 
and especially under a low-power microscope the 
appearance of this central portion of the fracture 
surface was that of a metallic sponge. On the other 
hand, the inner surface of the ‘‘cups’’ was rela- 
tively smooth. 

Because of the irregular nature of the cups which 
resulted from the fact that the central fracture had 
been neither perfectly planar nor its outer periphery 
a perfect circle, an attempt was made to duplicate 
the conditions under which this type fracture oc- 
curred. Accordingly, the first approach was to put 
an internal circumferential notch into a thick walled 
annealed copper tube. Upon fracture in tension a 
nearly perfect double cup was produced, with the 
rough fracture being limited to an isolated spot here 
and there. This fracture is shown in Fig. 15. 

Electron micrographs of this surface indicate that 
it is far different from the majority of those ob- 
served in the earlier stages of ductile fracture. 

Fig. 16 shows the general appearance of the nega- 
tive replica of this surface at X5000. The tension 
axis (and propagation direction) is parallel to the ” 
nearly vertical bands, and approximately normal to 
the surface ripples. The large object in the center 
foreground is the negative of one of the infrequent 
voids which appear on this surface. It is thought 
that the vertical bands are deformed annealing twins 
while the ridge to the left is associated with a grain 
boundary. 


Fig. 17—Radial 
section through the 
fractured internally 
notched OFHC cop- 
per tube. X50. Re- 
\duced approximately 
\52 pet for repro- 

duction. 
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Fig. 16—Negative 
replica of the frac- 
ture surface of the 
internally notched 
OFHC copper tube. 


This and the many other replicas from this sur- 
face did not in themselves give much insight into the 
nature of the fracture process. A radial metallo- 
graphic section, however, did show that this final 
separation could not be by a necking process. Fig. 17 
is a section of the fracture of the notched copper 
tube, plated with copper for protection of the frac- 
ture surface. The nearly vertical surface on the 
right is the outer necked surface of the bar while 
that at the far left is the machined notch. The re- 
mainder is the actual fracture surface, the final 
fracture, of course, being at the uppermost point. 

The examination of the grain deformation was 
most enlightening. Directly below the notch there 
was little grain deformation. As the specimen de- 
formed, the metal ahead of the notch first necked 
down as evidenced by the grain elongation which 
parallels the fracture surface; then the fracture 
started, cutting across the elongated grains. This 
could not occur in a necking process. The gross 
shape of the fracture surface was a result of the 
deformation which continued ahead of the slowly 
propagating crack. A particularly interesting 
feature of the ‘‘double-cup’’ fracture is that al- 
though the two outer ‘‘cups’’ were, in the main, 
mirror images of each other, any bump on one 
showed up as a depression on the opposite cup 
(see Fig. 14). This indicates a previous connec- 
tion between these surfaces and is further evidence 
that this could not be a necking process since if the 
tubular rim of metal left by the growth of the cen- 
tral crack were to fail by necking the inner surfaces 
of the upper and lower halves of the neck could never 


~ have been in contact. 


DISCUSSION OF RESULTS 


The fracture of OFHC copper might be summa- 
rized as occurring in three main steps. These are: 
void formation and growth, void consolidation to 
form a central crack which then propagates, and 
final separation of the metal by a different mech- 
anism. Although the latter aspect of the failure of 
ductile metals is extremely interesting, it is the 
initial void formation which is undoubtedly the limit- 
ing factor in the ductility of such metals. The work 
of Bridgman” has shown that under very high hydro- 
static pressures the tensile ductility of metal in- 
creases tremendously while the flow stress at any 
strain is barely altered. It is extremely probable 
that the high hydrostatic pressure prevents the early 
formation of voids. The effect of the stress state on 
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Fig. 18—A schematic representation of the failure of a 
sheet of voids under a tensile stress at an angle to the 
plane of the sheet. (a) Elongation and shearing of voids 
under the action of such a stress. (b) Oriented para- 
bolic markings on opposing fracture surfaces after 
failure of such a weakened sheet of voids. 


ductility was verified in our laboratory by cold 
drawing a 1-in.-diam copper rod, annealed in dry 
nitrogen for 4 hr at 1025°C, to a diameter of 0.1 in. 
Even after this 99 pct reduction in area there was 
no evidence of void formation, indicating that the 
state of stress during the deformation is an ex- 
tremely significant factor in the formation of voids 
during deformation. 

When voids are generated at the tip of an already 
formed crack, they lie in a narrow sheet of heavily 
deformed material which is oriented at about 60 deg 
to the transverse plane. Williams” has made a 
calculation of the elastic stress distribution at the 
base of a stationary crack which indicates that the 
maximum distortion energy density occurs in re- 
gions 70 deg to the plane of the crack assuming it 
to be normal to the tension axis. The von Mises 
criterion for yielding would predict that in an elas- 
tically stressed metal, this region would be the first 
to plastically deform. Furthermore, a strain- 
hardening metal can be considered approximately 
as an elastically stressed solid on the verge of 
yielding since at any time it takes an infinitesimal 
increase in stress to cause further plastic defor- 
mation and an infinitesimal decrease in stress to 
restore the solid to elastic behavior. Hence, when 
the tip of a crack propagating in a step-wise manner 
moves instantaneously forward to a new position as 
a result of the failure of a sheet of voids, the stress 
level in the metal in the region where the tip now 
exists jumps from that of the current ‘‘yield stress”’ 
to a much higher value as a result of the stress con- 
centration at the tip. It is reasonable to assume 
that the maximum (as well as the initial) deforma- 
tion will then take place in the same region as pre- 
dicted by Williams” until the effect of the stress 
concentration is reduced by time dependent plastic 
flow. 


Thus, the voids form in or very close to this re- 
gion of maximum distortion energy. One would ex- 
pect some modification as a result of the crystallo- 
graphic nature of the deformation:since in making 
the calculation, the metal was assumed: to be a ho- 
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Fig. 19—Possible mechanism of crack propagation in 
neck (after Orowan’) 


mogeneous and isotropic medium. The propagation 
of the central crack occurs by failure of this region 
of heavy void density because of the axial tensile 
stress. If one then looks at such an area on a frac- 
ture surface under the electron microscope, one 
sees that the ‘‘cuplets’’ do not possess radial sym- 
metry but are distorted so that their replicas ap- 
pear as parabolas, the axes of which are all ori- 
ented in the same direction. Crussard® claims to 
have confirmed that from the orientation of the pa- 
rabolas one can determine the diréction of crack 
propagation. However, the picture of the failure 
proposed here necessitates that the parabolas 
should point in one direction on the upper fracture 
surface and in the opposite direction on the bottom . 
half. This results from the fact that the tensile 
stress is not normal to the weakened sheet; hence, 
there are components of the stress parallel to the 
plane of voids. These shearing stresses are in 
opposite directions on each side of the void plane. 
They would tend to smear the voids out into an 
elongated ellipsoidal form, as in Fig. 18(a@). When 
the metal between the voids separates, the remains 
of the voids would appear on the two opposing frac- 
ture surfaces as parabolic markings which point in 
opposite directions, Fig. 18(b). Examination of op- 
posing fracture surfaces has confirmed that they do. 
Thus, if the parabolas point in opposite directions, 
it would appear to be impossible to tell the direction 
of crack propagation from them. 

The final fracture of a tensile specimen of some 
ductile metals was shown to take place by a mech- 
anism other than necking. The two possibilities 
which exist are some sort of ‘‘ductile cleavage’’ 
which in essence cuts slowly through the metal with 
large amounts of plastic deformation and an ‘‘al- 
ternating slip’? mechanism, whereby there is no 
real fracture in the true sense but merely a slipping 
apart. The latter mechanism was first proposed by 
Orowan.® Fig. 19 is from his paper showing how 
slipping first on planes AB and CD and then on 
planes EB and CF one could enlarge an existing 
central hole to fracture. Although this mechanism 
was originally proposed to explain a fracture phe- 
nomenon in single crystals Orowan pointed out that 
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it would apply to polycrystalline materials if the 
deformation were concentrated in thin zones. The 
present investigation has shown that although a cen- 
tral crack is formed relatively early in the fracture 
process, it does not propagate by this mechanism 
until it has grown by the successive formation and 
failure of sheets of voids to the point where it nearly 
encompasses the entire cross section. The limiting 
condition for operation of the ‘‘alternate slip’’ 
mechanism is probably one of constraint; only when 
it becomes low enough can the ‘‘alternating slip’’ 
mechanism operate. 

McClintock” has analyzed the stresses ina 
single-grooved plane-strain tensile specimen of 
rigid-plastic non strain hardening material in which 
he assumes a somewhat similar deformation geom- 
etry. He also considers the resulting fracture 
geometry when a crack propagates partly by slip 
and partly by cleavage. Careful experimental in- 
vestigation using a 7075-T6 aluminum alloy sub- 
stantiates the analysis except for slight modifica- 
tions which result from the fact that the real metal 
strain hardens. He has arrived at a mechanism for 
the extension of a crack essentially identical to that 
proposed herein. It is hoped that continued investi- 
gation on the part of McClintock may result in an 
understanding of many of the details of the fracture 
mechanics. 

Although the most detailed description to date of 
the surface phenomena associated with ductile 
fracture can be attributed to Crussard® and his 
associates interpreting the results of an electron 
microscopic investigation, they have looked at only 
what has been termed here the central portion of 
the fracture. In addition to the cuplets which he 
sees on the surface, Crussard® sees some relatively 
smooth areas which he terms ‘“‘ductile cleavage.’’ 
The basis for this is one of appearance. Since he 
specifically states that these show up primarily in 
bec irons and steels in the region of the transition 
temperature, it seems likely that what they have 
actually observed is the true brittle cleavage prop- 
agation of a crack along cleavage planes which have 
been distorted by prior deformation and is, in fact, 
unrelated as far as is known to the phenomenon 
presently discussed as a possible fracture mech- 
anism in fcc metals. However, further work must 
be carried out to establish for a certainty whether 
‘ductile cleavage’’ or ‘‘alternating slip’’ is in fact 
the mechanism by which the final separation of 
such fcc metals as Cu, Al, Ni, Ag, and Au takes 
place.* 


*Note added in proof: An additional, more realistic, mechanism has 
been proposed by the author as a result of work subsequent to this but 
already published as an article entitled ‘“The Mechanism of Crack 
Propagation in Ductile Metals,’’ Acta Met., 1959, vol. 1, p. 750. 


SUMMARY 


1) Ductile fracture of polycrystalline metals in 
tension is initiated by the formation of voids ap- 
proximately at the strain at which necking begins. 

a) In OFHC copper, heat treated in hydrogen, 
these are intergranular. 
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b) In OFHC copper, heat treated in vacuo or dry 
nitrogen the majority are with the grains. 

2) These voids grow with increasing strain in 
the region of the neck. 

3) With further strain the voids coalesce to form 
a crack at the center of the neck. 

4) Crack growth takes place by the concentration 
of strain at the tip of the static crack in two thin 
sheets at an angle of approximately 30 deg to the 
tension axis. Numerous small voids form in these 
deformed regions, weakening them so that one fails 
under tension. This then extends the crack both 
radially and out of the plane of maximum tensile 
stress. The extended crack once again concentrates 
strain at its tip with subsequent ‘‘void sheet’’ for- 
mation and failure. However, this time the failure 
is such as to propagate the crack back through the 
plane of maximum tensile stress. 

5) If the crack propagates to the specimen sur- 
face by such a mechanism the result is a ‘‘cup- 
cone’”’ fracture such as found for iron, brass, and 
duralumin. 

6) In such fcc metals as gold, silver, copper, 
aluminum, and nickel the final separation takes 
place by a different mechanism: either ‘‘ductile 
cleavage’’ or an “‘alternating slip’? mechanism. 
The result is a ‘‘double-cup’’ fracture. 
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Phase Transformations in Nickel-Rich Nickel-Titanium- 


Aluminum Alloys 


Phase transformations in a series of relatively pure nickel- 
titanium-aluminum binary and ternary alloys were studied. The 
purpose was to clarify age-hardening mechanisms, especially in 
predominantly titanium-hardened compositions. The micro- 
structures, as determined on a time-temperature-trans formation 
basis by light and electron microscopy and X-ray diffraction, were 


correlated with room temperature and hot hardnesses. 
The stability of the Y' phase under nonequilibrium condi- 
tions was shown to be important in this system. 


Many of the alloys designed for service in the tem- 
perature range of 1200°F (649°C) to 1800°F (980°C) 
are austenitic iron-nickel base alloys hardened by 
titanium and aluminum. The control of high-tem- 


' perature properties of these alloys has been ad- 


vanced by the knowledge of microstructures pro- 
vided by the equilibrium diagrams of Taylor and 
Floyd’ and Taylor.?’? 

However, there have been notable instances in the 
predominantly titanium-hardened alloys where the 
correlation of properties with microstructure and 
the equilibrium diagrams has been unsuccessful. 
Mihalisin and Carroll* have noted in electron micro- 
scope studies of commercial alloys of this type that 
a fcc phase precipitates and transforms to 7 (hcp 
Ni,Ti) in stress-rupture tests. Bieber’ found that 
this fec phase remained in nickel-chromium-titanium 
alloys even when aluminum was excluded. Age 
hardening in iron-nickel base alloys has been at- 
tributed to n by Craver, Aggen, and Dyrkacz, ° 
y' (fec phase based on Ni,Al) by Beattie and Hagel’ 
and both phases by Lena.® Yet, on the basis of the 
nickel-titanium-aluminum equilibrium diagram of 
Taylor and Floyd shown in Fig. 1, it has been dif- 
ficult to understand the presence of y in low 
aluminum alloys. Furthermore, the characteristic 
coarse dispersion of n has not been commensurate 
with the marked aging response. Also there have 
been anomalous grain boundary transformations in 
the iron-nickel base alloys which have markedly 
reduced notched stress rupture properties.® These 
have been related to boron content and residual cold 
work. Recently, Golubtsova and Mashkovich,””® Buckle 
and Manenc”’ and Bogaryatskii and Tyapkin’” have 
noted a transition fcc Ni,Ti in titanium-hardened 
nickel-base alloys. 

It was apparent from the latter studies that a tran- 
sition phase was important in the nickel-titanium-alu- 
minum system. The purpose of this study was to iden- 
tify this phase, measure its transformation char- 
acteristics and kinetics, and attempt to correlate 
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these findings with age hardening. It was believed 
that time-temperature-transformation studies, be- 
cause of their adaptability to transition phases, 
would be of most value for this investigation. Ac- 
cordingly, this method of study was undertaken on 
relatively pure nickel-titanium-aluminum alloys 
with controlled variations in boron content and resi- 
dual cold work. 


EXPERIMENTAL PROCEDURES 


Compositions were selected from the nickel-ti- 
tanium-aluminum isothermal section of Taylor and 
Floyd.’ These compositions are plotted in Fig. 1 
and were selected to obtain equal aging potential of 
approximately 15 pct by volume of the equilibrium 
precipitate. The materials were vacuum melted from 


Oo, 30 


80 90 100 


Nickel—Atomic Percent 


Fig. 1—750°C (1382°F) isothermal section of the nickel- 
titanium-aluminum phase diagram from Taylor and Floyd.! 
Compositions of the alloys used in this study are indicated 
on the dotted line. 


VOLUME 218, JUNE 1960-507 


% 
% 
J) 
10 /\ 20 
2. 
me 
* 
S 20 [Ni 
é 
/ 
30 
| 


Table |. Identification and Lattice Parameter Determination 
of Fee Transition Phase 
(Ni-12.2 Ti Aged 200 Hr at 1200°F [649°C}) 


Electron Diffraction Results X-Ray Diffraction Results 


hkl ap hkl Qo 
2.08A 111 3.60A 0.8234A 331 3.589A 
1.78 200 3.56 
197, 220 3.58 
1.08 311 3.58 
1.03 3.57 
0.894 400 3.57 
0.817 331 3.56 
0.794 420 3.55 


carbonyl nickel powder, sponge titanium and 99.99 
pet Al. An additional nickel-titanium alloy was syn- 
thesized with an elemental boron addition for study 
of the influence of that element. The compositions 
in atomic percent of major addition elements as ob- 
tained by chemical analysis follow (balance nickel): 


Ti- Alumi- 

Heat tanium num Boron 
Ni-12.2 Ti 12.2. <0.02 .<0.005 (<10 ppm) 
Ni-11.2Ti-1.1 Al 11.2 0.002 
Ni-8.0 Ti-4.6 Al 8.0 4.6 — 

Ni-4.1 Ti-9.4 Al 4.1 9.4 —_ 
2018 12.3 0.025 (50 ppm) 


Chemical analysis of the heats for contaminants 
indicated the following typical levels in weight per- 
cent: 

Si Fe ¢ Co Mn Mg Cu 
0.02 0.03 0.01-0.02 <0.01 <0.005 <0.001 <0.001 


Pb, Zr, Ca, Cr, Te, Be, As, Sb, Zn, Cb, W, Ta, Mo— 
not detected spectrographically. 

Hot-forged and rolled stock was sectioned into 
microspecimens and these were solution treated 2 hr 
at 2200° F (1204°C) in tank argon and then water 
quenched. The specimens were aged isothermally at 
1100°F (593°C) thru 1600°F (871°C) for times up to 
1000 hr. 

In order to study the effect of residual cold work, 
20 pet cold reduction by rolling was imparted after 
solution treatment and prior to aging on the nickel- 
12.2 titanium heat. 

The heat-treated specimens were examined by 
means of the light and electron microscope. The 
electron microscopic work employed both nega- 
tive and extraction-type replicas. The negative 
replicas were parlodion, shadowed with germanium 
at 20° from the normal to the plane of the replica. 
Extraction replicas were made by dry stripping 
parlodion from the metal surface after heavy etch- 
ing. The etchant used for voth light and electron 
microscopic work was a modified glyceregia 
mixture (5 parts HCl + 1 part HNO, + 6 parts 
glycerine). Transmission electron diffraction was 
used with extraction replicas and an aluminum 
standard was used with each pattern utilizing 100- 
kv electrons. The X-ray diffraction studies were 
made directly from the surface of the specimens 
which were etched to bring various phases in relief. 
An X-ray diffractometer was used employing nickel- 
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Table Il. X-Ray d-Spacings for 4 in Ni-12.2 Ti 


Intragranular 


Grain Boundary Intragranular 
In Specimen Aged 


In Specimen Aged 


1000 Hr at 1200°F (649°C) 100 Hr at 1600°F (871°C) Ref: 13 
dns d os tops. 
4.39A 
3.90 
2.56 
DOT 
2.14A 2.14A 
2.07 2.07 2.07 
1.95 1.95 1.95 
1.54 
1.51 
1.330 
9) 
1.276 
1.174 1.173 
1.095 
1.088 1.087 
1.089 
1.046 
1.038 
1.028 1.027 


filtered copper radiation. For identification of 
phases the goniometer was run at fast speed (2 deg 
per min) and the precision of these results was 
about + 0.005 to 0.01A. For lattice parameter meas- 
urements, the goniometer speed was 0.2 deg per 

min and the highest angular reflection obtainable 
was used for measurement. The precision of these 
results is considered to be + 0.0005 to 0.001A. 
Hardnesses at room temperature were measured 

on all the specimens with either Rockwell C or B 
scales. Hot hardnesses were measured from 1000°F 
(538°C) to 1400°F (760°C) on the Rockwell A scale 
in a protective atmosphere of tank argon. The 
standard loading time for the hot hardness test was 
maintained at 7 sec (the time at full load being esti- 
mated at 2 sec). In Some cases the load time was 
varied. For ease of correlation all hardnesses were 
converted to DPH. 


RESULTS AND DISCUSSION 


Structural Studies— The phase transformations in 
the nickel-12.2 titanium alloy are shown by means 
of the composite diagram in Fig. 2. The microstruc- 
tures obtained after solution treating and then aging 
in the 1200°F (649°C) to 1600°F (871°C) region are 
shown by means of optical and electron micrographs. 
In the initial stages of aging, a finely dispersed gen- 
eral precipitate was detected in the electron micro- 
graphs. The precipitates were rectangular paral- 
lelepipeds with preferred alignment on the (100) 
planes of the matrix. Additional aging resulted in 
growth of this precipitate and cellular precipitation 
of a grain boundary phase. This grain boundary 
phase was aligned on the (111) planes of the grain 
from which it was nucleated. The start of this 
Widmanstatten grain boundary reaction is shown in 
Fig. 2 by the curve on the extreme left which is part 
of a T-T-T diagram upon which the micrographs 
are Superimposed. As aging progressed, the grow- 
ing rectangular parallelepipeds transformed within 
the grains to a Widmanstatten precipitate parallel 
to (111) planes of the matrix. The start of this 
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Start of grain boundary 
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Fig. 2—Effect of aging time and temperature on the microstructure of Ni-12.2 Ti Alloy. Aging times at which the electron 
(X10,000) and the light (X100) micrographs were taken are marked on each set of micrographs. Reduced approximately 37 


pet for reproduction. 


transformation is also given in Fig. 2. The com- 
pletion of the grain boundary and intragranular re- 
actions is given approximately by the dotted curve 
on the extreme right. 

Further identification of these phases was ac- 
complished by electron and X-ray diffraction. The 
parallelepipeds were identified using a sample in 
which this phase was well developed microscopically 
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and represented an appreciable volume of the micro- 
structure. These results are shown in Table I. The 
electron diffraction data were obtained from an ex- 
traction replica of this sample and more accurate 
measurement of the lattice parameter was obtained 
by X-ray data from the solid sample. These data 
showed this precipitate to be fcc with a lattice 
parameter of 3.589A and confirmed the recent work 
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Fig. 3—Plot of 1/7, reciprocal of time for 1 pct cellular 
transformation of n, vs 1/T, reciprocal of absolute tem- 
perature. 


of Bickle and Manenc,” who also showed this 


phase to be indistinguishable in precipitation be- 
havior and structure from y’ (Ni,Al). The Widman- 
statten grain boundary and intragranular precipitates 
were identified by means of X-ray diffraction as both 
being the equilibrium n (hcp Ni,Ti). These data are 
listed in Table II. The sample aged 1000 hr at 
1200°F (649°C) had a preponderance of the grain 
boundary precipitate while that held 100 hr at 1600°F 
(871°C) had a major amount of the intragranular 
form. In addition, X-ray spacings corresponding to y 
in both samples and the small amount of cubic tran- 
sition phase in the 1200°F (649°C) sample were also 
obtained. These spacings were easily distinguished 
and only the observed spacings corresponding to the 
equilibrium 7 are listed. 

The microstructures indicated that the conversion 
of the transition cubic phase to equilibrium 7 oc- 
curred by two different mechanisms. The grain 
boundary reaction was treated in the manner pro- 
posed by Cahn. * Using the data of Fig. 2 and plotting 
In 1/7 vs 1/T, where 7 is defined as the time for 
1 pet transformation and T the absolute temperature 
(°K), a straight line of slope —-Q/R was obtained, 

Fig. 3. @ was found to be 54 kcal per mol. This is 
lower than the Q for bulk diffusion of titanium in 
nickel of 61.4 kcal per mol.** But a lower Q would 
be expected for grain boundary diffusion. From this, 
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Fig. 4—Effect of cold work, boron and aluminum additions 
on time for the start of cellular precipitation of 7. 


it would appear that the grain boundary reaction is 
a typical nucleation and growth process controlled 
by grain boundary diffusion. 

On the other hand, the electron micrographs, in 
particular, indicated that the transformation of the 
cubic phase to the Widmanstatten intragranular 
precipitate occurred by some other process. The 
angular relationships of the Widmanstatten intra- 
granular precipitates indicated their basal planes 
(00.1) were parallel to the (111) planes of the matrix. 
This is conventional behavior for a hexagonal phase 
precipitating from a face-centered cubic matrix. 
However, the micrographs seemed to show two 
modes of formation. In some cases, the intragranu- 
lar precipitate appeared to be nucleated by a par- 
ticle of the cubic phase with subsequent growth by 
diffusion. In other cases, the spacing of these pre- 
cipitates suggested that they had nucleated at stack- 
ing faults in the matrix and then grew by diffusion 
of titanium atoms to this area. The spacings of 
some of these precipitates before advanced growth 
had occurred, as shown by electron micrographs, 
was on the order of 200 to 300A. X-ray measure- 
ments of stacking fault density in nickel also yielded 
similar results.’ 

Aluminum and boron additions and cold work had 
the effect of changing the rates of the transforma- 
tions in the nickel—12.2 titanium alloy but not the 
transformations themselves. This is shown by Fig. 
4 for the start of the grain boundary reaction. As the 
aluminum content of the alloy increased there was 
progressively longer delay in the start of the grain 
boundary reaction. The effect of boron was some- 
what similar though not as potent as aluminum. Cold 
work increased the rate of the reaction markedly. 
The Widmanstatten intragranular precipitation was 
also delayed by aluminum, relatively unaffected by 
boron and increased by cold work. The completion 
of both reactions was affected by aluminum and cold 
work about in the same manner as was the start of 
the grain boundary reaction. The start of the Wid- 
manstatten intragranular precipitation and the end 
curves for the reactions are not shown in Fig. 4 so 
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Fig. 5—Effect of cold work, boron and aluminum additions on microstructures of nickel-titanium alloys after aging 100 hrs 
at 1400° F. Electron micrographs are at X10,000 and light micrographs at X100. Reduced approximately 35 pet for 
reproduction. (See Fig. 2 for comparison with Ni-12.2 Ti Alloy.) 


as to avoid confusion. In addition with nickel-ti- 
tanium-aluminum alloys the delay in the reactions 
becomes impractically long to follow to completion. 
The effects of aluminum, boron and cold work on 
microstructure are Shown in Fig. 5. These struc- 
tures can be compared directly to that obtained on 
the nickel—12.2 titanium alloy from the 100 hr mi- 
crograph at 1400°F (760°C) of Fig. 2. The effect of 
cold work could be related to increasing the stack- 
ing fault density of the matrix since the precipita- 
tion of n , at least in part, appears to be nucleated at 
such areas. The effect of boron seemed to be re- 
stricted to grain boundaries. This may be a conse- 
quence of segregation of boron atoms to grain bound- 
aries, thus inhibiting the precipitation of n. The 
potent effect of aluminum may be ascribed to the 


negligible solubility of aluminum in 7 (see Fig. 1). 
Thus, in nickel-titanium-aluminum alloys, aluminum 
must be removed from 7 nucleation sites before 
nucleation and growth of 7 can occur. Hence the 
increase in incubation time for 7n precipitation as 
the aluminum content is increased. 

The microstructural study made here indicates 
that the y + 7’ phase field in the nickel-titanium- 
aluminum system, Fig. 1, can be extended over to 
the nickel-titanium binary under nonequilibrium 
conditions. Thus the y’ phase, instead of being 
restricted in solubility by the y + y’+ 7 boundary 
to about three titanium atoms out of five in the 
Ni,(Al, Ti) structure, can be thought of as having 
complete solid solubility up to 100 pct replacement 
of titanium for aluminum. From this viewpoint it 
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seems appropriate to refer to this titanium-rich 
cubic phase as nonequilibrium y’. Thus the re- 
sults presented here show that the approach to 
equilibrium in the y +7 and y + ¥’ + » phase 
fields is accomplished by the decomposition of non- 
equilibrium y’ to 7 by means of a grain boundary 
and intragranular precipitation. 

Hardness and Relations to Microstructure— The 
changes in room-temperature hardness with aging 
time and temperature for the nickel-12.2 titanium 
alloy (low boron) are given in Fig. 6. These curves 
follow the expected behavior of age hardening with 
maximum hardness and the time to maximum hard- 
ness decreasing as aging temperature increased. 
Small aging peaks first appeared at 1100°F (593°C), 
1200°F (649°C) and 1300°F (704°C) in the first hours 
of aging. This may result from the preprecipitates 
found by Bickle, Genty, and Manenc.”” The major 
age-hardening peaks, however, are clearly associ- 
ated with the precipitation of finely dispersed non- 
equilibrium y’ with an interparticle spacing of about 
d00A. Furthermore, the times for overaging (in 
terms of hardness) at 1200°F (649°C) and 1300°F 
(704°C ) correspond to those for a significant degree 
of transformation to 7 in Fig. 2. In fact, at 1600°F 
(871°C), where the transformation to 7 was rapid, 
very little hardness increase with aging was ob- 
tained. Thus, precipitation of 7 did not give any 
degree of age hardening. This undoubtedly arose 
from its coarse dispersion in comparison to the fcc 
nonequilibrium y’. 


Table Ill. Time to Maximum Hardness for Various Aging 
Temperatures Vs Composition 


Time to Maximum Hardness 


The aging curves in the nickel-12.3 titanium-0.025 
boron alloy were very similar to those for the 
nickel-12.2 titanium alloy. The significant deviations 
are indicated in Fig. 6. Although maximum hardness 
at any of the aging temperatures was not increased 
markedly by boron, overaging was retarded at 
1200°F (649°C) and 1300°F (704°C). This was re- 
lated to the retardation by boron of precipitation of 


n at grain boundaries. This reaction decreased 
hardness because of the coarse dispersion of this 
phase compared to the y’ it replaced. At 1400°F 
(760°C) and 1600° F (871°C) boron had no effect on 
the aging curves. At these temperatures the trans- 
formation to n was predominantly intragranular, an 
aspect unaffected by boron. The solution-treated 
and quenched hardness was decreased by boron, a 
phenomenon also found in commercial alloys. 

The aging curves for the nickel-11.2 titanium-1.1 
aluminum alloy (see Fig. 7) differed from those of 
the nickel-12.2 titanium alloy in two aspects. First, 
a potent effect in retarding overaging can be noted. 
In Table III it can be seen that replacement of ti- 
tanium by aluminum increased the time for peak 
hardness (a measure of resistance to overaging) 
from 200 to more than 1000 hr at 1200°F (649°C), 
from 20 to 50 hr at 1300°F (704°C) and from 1 to 2 
hr at 1400°F (760°C). This clearly resulted from 
retardation of both mechanisms for the transforma- 
tion from nonequilibrium y’ to n. The second effect 
of replacing titanium with aluminum was to generally 


Table IV. Maximum Hardness for Various Aging Treatments 
Vs Composition 


Maximum Hardness(DPH) at Various Temperatures 


at Various Temperatures, Hr 1100°F 1600°F 

Composition 1100°F  1200°F 1300°F 1400°F 1600°F Composition (593°C) _1200°F 1300°F 1400°F) _(871°C) 

Pct Ti Pct Al (593°C) (649°C) (704°C) (760°C) (871°C) Pet Ti Pct Al (at 1000 Hr) (649°C) (704°C) (760°C) (at 4 Hr) 
TD 0 >1000 200 20 1 2/2 12.2 0 416 382 353 308 283 
11.2 BRE >1000 >1000 50 2 <1/2 deez 1.1 451 424 380 352 313 
8.0 4.6 >1000 500 50 5 <2 8. 4.6 459 434 405 380 344 
4.1 9.4 >1000 300 50 8 <1/2 4.1 9.4 398 395 367 348 324 
0 14.5 >1000 100 50 1 <1/2 0 14.5 227 220 200 183 168 
12e3 0 (0.025 >1000 400 50 1 SYP 12.3 0 (0.025 422 386 351 314 290 

Boron) Boron) 
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Fig. 8—Maximum room-temperature 
hardness at each aging temperature as 
a function of alloy content. Maximum 
hardnesses were taken from isothermal 
aging curves such as those in Figs. 6 
and 7. Overaged hardnesses after 100 
hr at 1600°F are indicated. 


Maximum Hardness - DPH 


14.5. 


increase the level of hardness at all times and tem- 
peratures except where overaging had occurred. 

In addition, the aging responses of the nickel-8.0 
titanium-4.6 aluminum, nickel-4.1 titanium-9.4 
aluminum and nickel-14.5 aluminum alloys were 
measured. Again, the aging curves were of the 
general form of those in Figs. 6 and 7. Some dif- 
ferences in time to peak hardness were noted, 

Table III, but these do not appear to be significant. 
Significant differences in the level of aging response 
were noted as shown in Table IV. The maximum 
hardness at each aging temperature was plotted 
against aging temperature and titanium and alumi- 
num content in Fig. 8. From this figure it can be 
seen that 

1) Aged hardness was higher in titanium-rich 
than in the aluminum-rich alloys. 

2) Substitution of the third element in the nickel- 
aluminum or nickel-titanium binary alloys increased 
aging response. 

3) Optimum age hardening was obtained in the 
nickel-8.0 titanium-4.6 aluminum alloy at all aging 
temperatures. 

The hardnesses after 100 hr at 1600°F (871°C) are 
plotted on Fig. 8. In this overaged condition, the 
nickel-12.2 titanium alloy was hardest and the hard- 
ness decreased continuously as titanium was re- 
placed with aluminum. 

Since the creep deformation mechanism would dif- 
fer from that in the room-temperature hardness 
test, hot hardnesses were used to obtain a better 
measure of creep resistance. These measurements 
were made on specimens with a prior aging treat- 
ment of 5 to 8 hr at 1400°F (760°C) to give peak 
hardness at the maximum hot-hardness testing tem- 
perature. The variation of hot hardness at 1200°F 
(649°C) and 1400°F (760°C) with load time is given 
in Fig. 9. Curves similar to stress vs rupture time 
and stress vs creep rate curves were obtained. Then, 
as shown in Fig. 10 for the nickel-8.0 titanium-4.6 
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aluminum alloy, time and temperature dependence of 
the hot hardness was expressed by the Larson- 
Miller parameter.” In Fig. 11 hot hardness was 
plotted as a function of Larson- Miller parameter and 
titanium and aluminum content. The hot hardness 
level was higher in the titanium-rich alloys and the 
optimum hot hardness was in the nickel-8.0 titanium- 
4.6 aluminum alloy. Thus, the correlation resembles 
that for room-temperature hardnesses of the same 
specimens (the 1400°F [760°C] section of Fig. 8). 

In both the room-temperature and hot-hardness 
test an optimum combination of 8.0 titanium and 4.6 
aluminum was found. This ratio is in agreement with 
the findings of Nordheim and Grant’? on nickel- 
chromium-aluminum-titanium alloys. As an attempt 
to establish the reasons for this optimum, lattice 
parameter measurements were made on the y and 
y’ phases after overaging 100 hr at 1400°F (760°C). 
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Fig. 9—Effect of load time and temperature on hardness of 
Ni-8.0 Ti-4.6 Al, preaged to peak hardness at 1400°F. 
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Fig. 10—Correlation of hot hardness with Larson-Miller 
parameter for Ni-8.0 Ti-4.6 Al preaged to peak hardness 
at 1400° F. (T = temperature in °R, ¢ = time in hours). 


From these values, which are plotted in Fig. 12, it 
was possible to calculate the per cent disregistry 
between the lattices of the two phases assuming that 
the -overaging had relaxed any coherency effects. 
The effect of titanium and aluminum content on per 
cent disregistry is given in Fig. 12. The effect 
paralleled that for variation of hardness with com- 
position (see Figs. 8 and 11). Optimum disregistry 
was at approximately the same titanium and alumi- 
num content as optimum age hardening. Since the 
lattices of y and y’ are both fcc and closely enough 
matched to allow coherency, it appears that the 


cause of the optimum hardness is optimum coher- 
ency straining provided by greatest disregistry 


between y and y’. 
After coherency has been lost (see the hardnesses 


after 100 hr at 1600°F [871°C] in Fig. 8), it appears 
that a second mechanism operates to cause hardness 
to increase continuously as aluminum is replaced 
with titanium. The similarity of stacking faults to 

the hcp structure on the (111) planes of the matrix 
and the propensity of titanium to precipitate as hep 
Ni,Ti in these areas indicate that the mechanism may 
be solid solution hardening by chemical interaction of 
titanium with stacking faults. 

Application of Results to Commercial High-Tem- 
perature Alloys—It is possible to draw qualitative 
comparisons between the phase transformations in 
this study and those taking place in complex com- 
mercial alloys. It would appear that the cubic age- 
hardening phase in predominantly titanium-hardened 
alloys such as those listed in Table V may be non- 
equilibrium yy’, with, of course, the possibility of 
some substitutions of other elements for nickel, 
aluminum, and titanium in the Ni,(Al, Ti) structure. 
The transformation to the lamellar grain boundary 
phase in iron-nickel base alloys® such as alloy 4 
(see Table V) appears to be very similar to the grain 
boundary precipitation of 7 in this system. From 
this study, it appears that minimizing residual cold 
work and small but controlled additions of boron 
would retard this precipitation. Heat treatments 
intermediate to solution and aging should be adjusted 
to prevent exposure in the temperature range where 
n nucleates readily. The replacement of some ti- 
tanium with aluminum should be even more effective 
and it seems that the trend should be to lower ti- 
tanium to aluminum ratios for long-time creep ap- 
plications. In alloys such as 1 and 2, where the 
atomic ratio of titanium and aluminum is about 1.8 
to 1, the aluminum content apparently is high enough 
so that the equilibrium 7 phase is very seldom found. 


% Ti 
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Fig. 11—Effect of load time and temper- 
ature (as expressed by the Larson- 
Miller parameter) and alloy content on 
hot hardness. Specimens were preaged 
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Fig. 12—Variation with alloy content of lattice parameters 
and percent disregistry between precipitate and matrix. 
Lattice parameters were measured from (420) reflections 
except for the precipitate in Ni-14.5 Al which was esti- 
mated from Ref. 1. 


However, needles of 7 have been observed in alloy 
2 after 35,000 hr of creep testing.” Since transfor- 
mation of y’ to 7 is very sensitive to residual cold 
work, it may be possible to test the long time sta- 
bility of y’ in commercial alloys by a short time 
test on specimens cold worked before aging. 


CONCLUSIONS 


1) Under nonequilibrium conditions during pre- 
cipitation from the parent y solution, all the alumi- 
num atoms in the Ni,Al (y’) structure can be re- 
placed by titanium to give a continuous series of 
solid solutions terminating in fcc Ni,Ti in nickel- 
rich alloys of the nickel-titanium-aluminum system. 

2) This nonequilibrium titanium-rich y’ phase 
decomposes to the equilibrium 7 phase by a grain 
boundary reaction and an intragranular reaction. 

3) Replacing titanium by aluminum retards both 


the cellular and intragranular conversion of non- 


equilibrium y’to 7. The magnitude of the retarda- 
tion increases with the degree of substitution. 

4) Boron additions retard the grain boundary 
precipitation of 7 but have little effect on the in- 


tragranular conversion to 7. 
5) Residual cold work accelerates the decom- 


position of nonequilibrium y’ to 7n both at grain 
boundaries and intragranularly. 
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Table V. Some Commercial Alloy Compositions with Titanium 
as the Principal Age Hardening Addition 
(Weight Percent) 


Alloy 
No. Teh Al Cr Fe G Cb Mo Ni 
1.8/2.7 0.5/1.8 18/21 5 max. 0.1 max. = Bal 
2525 0.9 15 0.04 Bal 
Saaae5 0.2 13 Bal 0.05 —- 6 40 
42520 = 15 Bal 0.05 


6) Age hardening, even in nickel-titanium binary 
alloys, is from coherent y’. Transformation of 
y' to n results in overaging. 

7) The magnitude of age hardening of nickel- 
titanium-aluminum alloys is a function of the dis- 
registry between the lattices of y and y’ and the 
resultant coherency strains. The maximum aging 
response and disregistry is at approximately a 1.7 
to 1 atomic ratio of titanium to aluminum. 
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Diffusion in the Solid Silver-Molten Lead System 


The diffusion coefficients of silver from solid silver in molten 
lead were measured to within +0.8 pct ina columnar-type diffusion 
cell over the temperature vange of 326° to 530°C. Fick’s law de- 
scribes the process up to 530°C where the laminar mechanism ap- 


parently breaks down. There is negligible resistance at the inter- 
face as shown by mathematical analyses. The diffusion coefficients 


are found concentration independent. 


Ir would seem that diffusion in liquid metals would 
be free of such effects as molecular structure, dis- 
sociation, polarization, and compound formation. 
This view was taken by Gorman and Preckshot? in 
their study of diffusion of copper from solid copper 
into molten lead. They reported diffusion coeffi- 
cients which were independent of the concentration 
over the range of 478° to 750°C. They found that 
the Stokes-Einstein equation with constant radius 
of the diffusing specie represented the diffusion 
data better than Eyring’s rate theory equation and 
Sheibel’s correlation. The radius of diffusion was 
found to be that of the doubly charged copper. There 
appeared to be no resistance across the solid-liquid 
boundary. 

In the present work the diffusion coefficients for 
silver in liquid lead were measured over a range of 
temperatures of 350° to 505°C. The solubility of 
silver in lead over the range of 303° to 630°C was 
also obtained. These results are compared with 
calculated or correlated values or with data in the 
literature. 


EXPERIMENTAL 


Procedure—The experimental equipment tech- 
niques and procedures were those reported in detail 
by Gorman and Preckshot* and will not be repeated 
here. Measured values of Wr, Cy, A, L were ob- 
tained for various diffusion times and the diffusion 
coefficient was computed for the case of no resist- 
ance at the interface®™ by: 


n= 
qT? 


or where there was resistance at the interface by: 


Wr 2h? [exp [-Da; t] [2] 
CAL [(h? +a7)L +h] 


The roots a, are those of the transcendental equa- 
tion® tan (a, L) = h/a,. The diffusion coefficient is 
that defined by Hartley and Crank.” 


GEORGE W. PRECKSHOT is Associate Professor, University of Min- 
nesota, Minneapolis, Minn. ROGER E. HUDRLIK is Project Engineer, 
Minnesota Mining and Manufacturing Co., St. Paul, Minn. 
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The total silver in the lead cylinder and equilib- 
rium slug was determined by a cupellation tech- 
nique’ with proper correction for losses. Analysis 
of known samples showed that this method is sur- 
prisingly accurate. The amount of silver in the lead 
adhering to the silver cylinder was obtained in the 
same fashion as shown by Gorman and Preckshot.° 
The small errors involved in this determination are 
not critical since the silver in this adhering lead 
layer is only 3 to 15 pct of the total diffused. 

Materials—Electrolytic silver containing 99.9+ 
pet Ag obtained from General Refineries of Min- 
neapolis, Minn. was used for all but runs 7 and 8. 
For the balance of the runs this silver was reduced 
with hydrogen at 1100°C and its oxygen content was 
found to be about 0.017 pct. 

For the runs, 7 and 8, phosphorous-reduced sil- 
ver of the same purity.was obtained from Handy and 
Harman Co. of Chicago, Ill. The densities of the 
phosphorus-reduced silver and the hydrogen-reduced 
electrolytic silver were 10.484 and 10.487 g per cm’, 
respectively. These values agree with those re- 
ported for pure silver. Silver which was reduced at 
900°C had an average density of 9.998 g per cm’, 
indicating porosity. This silver was used for a 
number of runs which were not tabulated in Table I. 
These are indicated by crosses on Fig. 2. 

The 99.999 pct Pb was obtained from the National 
Lead Co. Research Laboratory of Brooklyn, New 
York. 


DISCUSSION OF RESULTS 


The diffusion and solubility results are reported 
in Table I for eleven runs using either phosphorus- 
reduced electrolytic silver or hydrogen-reduced 
silver at 1100°C. The solubility data shown in 
Fig. 1 show the excellent agreement with that re- 
ported by Heycock and Neville.® The data of 
Friedrichs® apparently are in error. The experi- 
mental solubility data of this work are reported 
to 0.3 pet. 

The experimental diffusion coefficients computed 
from Eq. [1] are reported within 1.2 pct of the mean 
and are plotted in Fig. 2. These are expressed 
within + 0.8 pct of the experimental values over the 
entire temperature range by: 


D = 8.26 x 10-® @-198/RT [3] 
There appears to be little difference due to the 
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presence of small amounts of phosphorus or its 
oxide in the silver. This is seen by comparing the 
coefficients for runs 6 and 8. 

The diffusion coefficient was found to be inde- 
pendent of the composition for saturation concen- 
trations less than about 16.5 pct Ag (530°C). This 
may be seen by comparing the measurements made 
for runs 6, 7, and 8, where the diffusion time was 
varied. This supports the use of Eq.[1] and was 
found by Gorman and Preckshot® to be true for the 
diffusion of copper into lead. No measurements 
were made for silver diffusing into an alloy. 

Earlier measurements were made using silver 
reduced with hydrogen at 900°C. These results 
are not tabulated but are indicated by crosses on 
Fig. 2. Minute cavities were found in silver cyl- 
inders, and density measurements also indicated 
their presence. It seems the trapped gases, ap- 
parently mostly H,O, disturbed the diffusion suf- 
ficiently to cause the higher transfer as is indi- 
cated by the higher diffusion coefficients. 

The diffusion mechanism holds for temperatures 
up to about 530°C. Beyond this the transfer ap- 
pears to be controlled by an additional convective 
mechanism.’ This is shown as the dashed line in 
Fig. 2. It has no significance except to indicate 
qualitatively that another mechanism controls the 


transfer. It does not seem reasonable that this 
Table | 
D x 10°, 

Run W,., Pet t,Sec Cm*perSec Du/Tx10"° r, A 
il 350 3.67 3600 1.76 7.62 0.962 
2 352 3.69 3600 1.77 7.59 0.965 
3 406 6.01 3600 1.95 6.63 1.10 
4 447 8.31 3600 2.10 6.11 1.20 
5 447 8.40 3600 2.10 6.17 1.19 
6 505 13.51 3600 2.40 5.72 1.28 
7P 505 13.38 1200 2.45 5.84 1.26 
gP 506 13.51 3600 2.37 5.63 1.31 
9 539 18.07 3600 3.444 7.48 z 

10 577 25.86 3600 9.9 19.0 

11 615 41.05 3600 62.53 = 


4Convection contribution 
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effect is due to the diffusion coefficient becoming 
concentration dependent. 

Interfacial Resistance—Kq. [1] is based on the 
assumption that there is no resistance to trans- 
fer at the interface. Experimental error may mask 
this resistance. If Eq.[2], as proposed by Gorman 
and Preckshot,° is applied to run 6 where the ex- 
perimental error is +0.3 pct, the minimum value 
of # is found when the curve of W7/C,AL vsh en- 
ters the band of uncertainty. This was found to be 
h = 400 giving a minimum transfer coefficient of 
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Fig. 2—Diffusion coefficients for silver into liquid lead. 
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0.0096 cm per sec which could be masked. If this 
were the only resistance to transfer to a well- 
stirred solution, then all of the silver could have 
been transferred in 1.05 pct of the time required 
when diffusion through the liquid was controlling. 
This is indeed a small resistance which could be 
masked by experimental error. 

Application of Stokes-Einstein and Other Equa- 
tions—If one assumes a constant radius of diffusion 
of singly charged silver, the value of Du/T isa 
constant for the Stokes-Einstein equation, and the 
diffusion coefficients may be calculated with a mean 
deviation of 15 pct over the temperature range. If 
Eyring’s equation* was used, the calculated diffusion 
coefficients were found to be 6 times larger than the 
experimental values. Scheibel’s*® correlation gives 
values of the diffusivity three times too large. 
Wilke’s** correlation does not apply to ionized sub- 
stances and if applied here would predict values of 
the diffusivity two and one-half times too large. 

The values of Du/T as computed from the experi- 
mental data show that the radius of diffusion varies 
with the temperature. Thus the radius may be com- 
puted using Eq. [3] and the equation fitting the vis- 
cosity data for lead: 


to give 

= 406 
22.17x T e [5] 


These radii are presented in Table I, The radius 
as extrapolated to the melting point by Eq. [5] is 
0.93A. This agrees very well with the radius of 
the singly charged silver particle corrected for 
temperature up to the melting point, 0.98A.°!”* 
Thus the diffusing silver is singly charged. 


CONCLUSIONS 


1) The assumption of negligible resistance at the 
interface is satisfactory for the diffusion of silver 
from solid silver through liquid lead. 

2) The diffusion coefficient of hydrogen-reduced 
and phosphorous-reduced silver through liquid lead 
is concentration independent over the composition 
range of 0 to 16.5 pct (wt) Ag. These are repre- 
sented over the temperature range of 326° to 530°C 
within +0.8 pct by 


D = 8.26 x @7 1925/RT_ 


518-VOLUME 218, JUNE 1960 


3) Above 530°C, a convective mechanism inter- 
feres with normal diffusion. 

4) The Stokes-Einstein equation permits the 
computation of diffusion coefficients for diffusion 
of singly charged silver particles more quanti- 
tative than Eyring’s rate theory, or Sheibel’s or 
Wilke’s correlations. 

5) The diffusing silver is singly charged. 
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NOMENCLATURE 


Cross-sectional area of diffusion column, cm* 

Concentration of saturated solution, gm/cm? 

Diffusivity, cm/sec 

Naperian base 

Ratio of R/D 

Mass transfer coefficient, cm/sec 

Diffusion column length, cm 

Index 

Radius of diffusing particle, A 

Time, sec 

Temperature, °K 

Total silver transferred to lead diffusion 
column, g 

Roots of transcendental equation 

Viscosity, poise 


NTF 


3 
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Sulfating of Cuprous Sulfide and Cuprous Oxide 


The oxidation of Cu,S in oxygen and the sulfating of Cu, O in 
oxygen-sulfur dioxide atmospheres was carried out under a va- 
riety of conditions. The oxidation of Cu,S was found to be re- 
tarded by entrapment of SO, and O,, which stabilized internal 


sulfates for long periods of time. The course of the reaction 

was followed by measuring weight changes and also by SO, evo- 
lution. Sulfating of Cu,O was a maximum at ratios of SO, to O, 
approximating maximum SO, production. At elevated tempera- 
tures SO, was found to increase the vate of oxidation of Cu, O to 


M. E. Wadsworth 
K.L. Leiter 
W. H. Porter 


CuO even though sulfates did not form. All sulfating reactions 


followed the parabolic rate law indicating diffusion. 


M ANY studies of the roasting of copper sulfides 
have been reported in recent years. Diev e¢ al.’ 
investigated the roasting of chalcocite (Cu,S) in 
air, and oxygen enriched air. Lewis et al.* also 
studied the oxidation of natural and synthetic chal- 
cocite in air and oxygen atmospheres and their 
studies indicated that the maximum formation of 
water soluble sulfates occurred at approximately 
450°C. Ashcroft* reported that oxide production 
during the roasting of chalcocite resulted only from 
secondary decomposition of sulfates which were 
formed as primary products. Peretti* refuted this 
claim by showing that a layer of Cu,O appeared di- 
rectly adjacent to the Cu,S during roasting of cylin- 
drical briquettes of cupric sulfide, CuS. The linear 
advance of the Cu,S-Cu,O interface was used as a 
measure of the kinetics of the roasting reaction. 
The reactions proposed were: 


2 CuS—Cu,$ + Se [ 
72 + [4-2] 
+ + SO, [ 
Cu,0 + 7/2 Os—-2 CuO 


At temperatures above 663°C, CuO was the only 
final solid phase reported. Below 663°C increasing 
amounts of sulfate were found mixed with the CuO. 

McCabe and Morgan? investigated the roasting of 
discs of synthetic chalcocite and reported the fol- 
lowing sequence of products beginning at the sulfide 
surface: Cu,O, a mixture of Cu,O and CuSO,, CuSO,, 
CuO -CuSO,, and CuO. The principal reactions were 
reported to be: 


Cu,S + % O2—-Cu,0 + SOz 
Cu,0 + 2 SO, + % O,—-2 CuSO, [5-2] 
2 CuSO,— CuO - CuSO, + SO; [5-3] 
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CuO - CuSO,—~2 CuO + SO, [5-4] 


Eq. [5-1] supports the claim of Peretti, Eq. [4-3], 
that CuzO is formed directly from Cu,.S rather than 
as a secondary product from a sulfate as suggested 
by Ashcroft. On the other hand CuO was found to 
form as a secondary product from the decomposi- 
tion of copper sulfate and basic copper sulfate, 
Eqs. [5-3] and [5-4]. The formation of sulfates was 
explained by McCabe and Morgan’ to be a direct re- 
action of Cu,O with O, and SO, or SO, at distinct re- 
gions in which the partial pressures of each were 
such as to form the sulfate. 

Thornhill and Pidgeon® roasted both natural and 
synthetic chalcocite grains in air at temperatures 


between 420° and 550°C. They found a dense pri- 


mary oxidation layer in contact with the sulfide. A 
secondary layer of porous oxidation products was 
found to expand with roasting time. The oxide 
products were leached away and the remaining core 
was studied by X-ray diffraction. The X-ray pat- 
terns showed an increased conversion of chalcocite 
to digenite with time. Digenite,’ a defect structure 
of cuprous sulfide, occurs naturally as Cu,_,S where 
x = 0.12 to 0.45, with an average analysis of Cu, ,S. 
The mechanism of digenite formation was proposed 
as: 


Cu,S + oxygen—Cu, ,S + 0.1 Cu,O 
Cu,;.,5 + oxygen—-0.9 Cu,S + SO. 


[6-1] 
[6-2] 


It is apparent from the above studies that the oxi- 
dation of Cu,S, ultimately ending in CuO, may be 
divided into three general stages (all of which may 
occur simultaneously): 1) primary oxidation to Cu,O; 
2) secondary sulfate formation; and 3) sulfate de- 
composition. Consequently reactions of O, and SO, 
with Cu,O constitute important aspects of the roast- 
ing of chalcocite. Virtually no studies have been 
made regarding sulfating reactions involving Cu,O. 
Mills and Evans? noted the effect of sulfur dioxide 
on the oxidation of copper at low temperatures and 
low SO, partial pressures. They reported a meas- 
urable increase in the oxidation rate of copper when 
SO, was present. Interest in the Cu,0-CuO-O, sys- 
tem has been limited predominantly to miscibility 
studies and determinations of heats of formation by 
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dissociation pressures. Smyth and Roberts” con- 
cluded that there is no miscibility of CuO and Cu,0O. 
This was later confirmed by Reuter and Schroder.* 
Heats of formation of the oxides of copper were de- 
termined by Balesdent™ and dissociation pressures 
at several temperatures were measured by Hastings, 
Smith and Roberts” and Becker.** 

More specifically related were the adsorption 
studies made on Cu,O with O2 and SO, by Garner, 
et al.** which has been well reviewed by Trapnell.*® 
Sulfur dioxide chemisorption was observed at room 
temperatures on Cu,O with two mechanisms in- 
volved. Primary adsorption was followed by an 
increase in the heat of adsorption slowly with time. 
The slow chemisorption was found to be irrevers- 
ible in that on desorption SO, only was removed. 


SAMPLE PREPARATION 


Chaleocite—Natural massive chalcocite* was cut 


/*Obtained from Wards Natural Science Establishment, Inc. 


into small samples approximately 0.4 by 0.3 by 

0.1 in. using a carborundum cut-off wheel. The 
natural mineral contained 77.87 pct Cu, 18.0 pct S, 
and 0.7 pct insoluble material, compared to 

79.85 pet Cu and 20.15 pct S for pure Cu,S. Some 
flakes of copper were visible to the naked eye ex- 
plaining the higher copper to sulfur ratio in the 
natural material. X-ray examination indicated Cu,S 
to be the only sulfide present. 

Synthetic Cuprous Oxide—Dense plates of Cu,O 
were prepared by oxidizing 1 by *4-in. samples of 
14 gage cold-rolled electrolytic sheet copper in a 
Hevi-Duty electric furnace. The samples were 
oxidized for 72 hr at 940°C + 30°C. A thin coating 
of CuO formed during cooling was removed by lap- 
ping, using a 600-mesh carborundum powder in 
water. The sample was then cut lengthwise and 
lapped to a finshed size of approximately 2.2 by 
0.6 by 0.14 cm. Samples prepared in this fashion 
contained approximately 99.6 pct Cu,O by chemical 
analysis. Also, X-ray analysis showed Cu,O to be 
the only oxide present. A small hole for suspen- 
sion was drilled in each sample using stainless 
steel hypodermic tubing (0.13 em OD) and 600- 
mesh Carborundum abrasive in water. 


EQUIPMENT 


The furnace used was a vertical tube furnace hav- 
ing Kanthal windings. Three separate windings were 
used to maintain a linear reaction zone. The center 
winding was automatically controlled with a Leeds 


and Northrup Model H Indicator and a Type 60 P.A.T. 


control unit. The top and bottom guard windings 
were controlled separately with hand operated Pow- 
erstats. The furnace had two cores: An outer 
alundum core which was integral with the furnace 
and had the windings wrapped around it; and an 
inner “‘Zircum’’ tube (17/4 in. OD) which could be 
removed. Pyrex tube extensions were fused to the 
“‘Zircum’’ tubes. In the upper section a winch and 
chain arrangement was used to suspend a quartz 
spring from a gold chain. The winch was operated 
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through a ground glass joint. ‘Side arms with 
ground glass stopcocks went to an external manom- 


eter and also permitted gases to be introduced above 
the sample. The bottom Pyrex extension tube capped | 


the bottom of the tube and had side arms with stop- 
cocks to permit gases to flow out of the system. 
Tungsten thermocouple leads were fused through 
the glass at the bottom. Internal thermocouples 
could be rapidly changed when necessary. The 
thermocouples extended from the bottom up to the 
reaction zone. Sample temperatures were read 
with an 8667 Leeds and Northrup potentiometer. 
The samples were suspended from the quartz spring 
in the gas tight system using 5-mil Kanthal wire. 
Spring extension was measured with a cathetometer 
capable of measuring 0.0001 in. The quartz springs 
used had spring constants of approximately 500 mg 
per in. so that weight changes as small as 0.05 mg 
could be detected. 

When the SO, gas content was measured, the gas 
from the reaction zone was bubbled through two ab- 
sorption flasks in series. The dissolved SO, was 
titrated using an iodine solution and starch indica- 
tor. As little as 0.4 mg SO, could be easily de- 
tected in this way. Positive gas flow was con- 
trolled by using a water aspirator operated through 
a large surge tank to dampen out fluctuations. Ex- 
ternal air was bled into the system between the 
furnace and the aspirator to maintain only a slight 
negative pressure (72 in. H,O) in the system. For 
most experiments gas flow, measured by means of 
Brooks Rotameter Flowmizers, was maintained at 
approximately 74 cc per min at atmospheric 
pressure. 


EXPERIMENTAL RESULTS 


Oxidation of Chalcocite—During the course of the 
oxidation of Cu,S in the apparatus described above, 
overall weight changes and the quantity of SO, 
formed were measured as a function of time. None 
of the results obtained were reproducible. This re- 
sulted, as will be shown, from gas entrapment 
within, followed by its sudden release, from oxidiz- 
ing particles during roasting which markedly 
changed the kinetic pattern. The results of one of 
forty-nine separate runs are presented in Fig. 1. 
The data of Fig. 1 were obtained at 720°C + 1° 
which was an optimum temperature to observe the 
oxidation process. These results were typical of 
the majority. For each run the weight was found to 
increase rapidly at the beginning, pass through a 
maximum, decrease slightly with time followed by 
a gradual increase. If held sufficiently long a sharp 
discontinuous decrease occurred followed by a 
rapid weight loss. It was apparent that after 60 to 
100 min the reaction virtually ceased at least as 
evidenced by weight change. Evolution of SO, was 
found to continue but it too leveled off after ap- 
proximately 200 min. 

One of the interesting results of roasting single 
chalcocite particles was the repeated formation of 
‘‘puff-balls,’”’ or hollow gas filled pockets which 
formed during roasting. ‘‘Puff-balls’”’ as large as 
74 in. diam were formed on several occasions. The 
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Fig. 1—Oxidation of Cu,S in Oxygen, showing rapid weight 
loss following rupture with concomitant release of trapped 
gases. 


presence of SO, and oxygen within the porous sulfate 
layer stabilized CuSO, above its melting point thus 
providing a viscous fluid phase which expanded as 
the internal pressure increased. In many instances 
an internal kernel completely surrounded by a 
trapped gas phase was found within a large sulfate- 
CuO shell. 

X-Ray Studies—To establish the products present 
in order to see which ones would lead to positive or 
- negative weight changes, X-ray studies were made 
of products following roasting for variable times. 
Table I presents results obtained by X-ray exami- 
nation. X-ray intensities of selected characteristic 


lines are presented. These, of course, are not 
quantitative but do illustrate semiquantitatively 
which products were present at different periods 
of time. 

X-ray examination confirmed the results re- 
ported by McCabe and Morgan’ and Thornhill and 
Pidgeon.® Large relative amounts of digenite were 
present after 5 min and no Cu.S was detectable after 
40 min. The order of formation of the products ob- 
tained from Cu,S was found to be: Digenite, CuO, 
CuSO,, CuO -CuSO,, and CuO. The primary reac- 
tions are listed below with a notation designating 
whether the weight change should be plus or minus. 


Cu, ,S + 1.45 O0,—-.9 Cu,0 + SO, (-A W) [2] 
Cu,O + 2 SO, + % O,—-2 CuSO, (+A W) [3] 
2 CuSO,—- CuO CuSO, + SO, (-A W) [4] 
CuO - CuSO,—-2 CuO + SO; (—A W) [5] 


The overall oxidation process converting Cu,S to 
CuO involves no weight change: 
Cu,S + 2 O,—-2 CuO + SO, (AW = 0). [6] 


Sulfating of Cuprous Oxide (Cu.O)—Sulfating re- 
actions were carried out using synthetic Cu,O under 
various partial pressures of mixed SOz and Op. Here, 
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Table |. Intensities of Characteristic X-Ray Diffraction Peaks for 
Variable Periods of Time 


(Oxidation of Cu,S at 720°C) 


Selected Cu,S Digenite Cu,O0 CuSO, CuO-CuSO, CuO 

d Value > 1.88 2.78 2.46 2.62 3.63 Doe 
Time, Min 

0 37 0 0 0 0 0 

5 21 11 41 16 13 14 

20 16 3 66 20 14 15 

25 15 8 90 22 10 16 

40 13 Wi 65 29 26 20 

60 0 16 74 30 23 24 

90 0 12 85 34 31 31 

315 0 10 100 25 15 63 


unlike the oxidation of Cu,S, no swelling or ‘‘puff- 
ball’’ formation occurred since SO, was not produced 
internally. The products formed here at various 
temperatures were determined as before by X-ray 
diffraction studies. The results are tabulated in 
Table II. 

Invariably the order of the reactants from the 
inside to the outer surface was: Cu,O, CuO, a mix- 
ture of CuO and CuO - CuSO,, CuO - CuSO,, and 
CuSO,. The layers were very distinct and could be 
identified readily microscopically. Above 800°C 
all sulfate layers were missing regardless of the 
SO, ratio. 


DISCUSSION OF RESULTS 


Fig. 2(a) is a schematic representation of the 
changes which occurred when Cu,S was partially 
oxidized to CuO, Eqs. [1] and [2], some of which 
was in turn converted into CuSO,. Eq.[3]. The 
copper sulfate melts and forms a viscous film or 
‘“‘nuff-ball,’’? Fig. 2(6), which traps SO, and O,, the 
presence of which tends to stabilize the sulfate 
formed. 

It is now possible in view of these ‘‘puff-balls’’ 
to explain the results shown in Fig. 1. Any weight 
change measured at a given time must be due to the 
oxygen the sample has combined with minus the 
sulfur which has been eliminated. Also the weight 
of sulfur removed is equal to one-half the weight of 


Trapped 
o SO2 
= a | 2 3 3 
a Cla 
viscous film 
A B 


Fig. 2—‘‘Puff-ball’’ formation, showing trapped gases 
which stabilize internal oxides. 
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Table Il. Products Formed during Sulfating of Cuprous Oxide as 
Indicated by X-Ray Diffraction 


Temperature, °C Products 

650 CuO, CuSO, (some had spots of CuO-CuSO,) 
700 CuO, CuO-CuSO,, CuSO, 
750 CuO, CuO-CuSO,, CuSO, 
785 CuO, CuO-CuSO,, CuSO, 
800 CuO, Cu0-Cuso, 

*850 CuO 

*900 CuO 

*950 CuO 


*A few samples had traces of CuO-CuSO, and CuO, probably formed 
on cooling. 


SO. removed. The weight of oxygen in the sample 
is therefore given by 


O, (combined) = A W (Total) + 72 SO, (removed) [7] 


The oxygen content calculated according to Eq. [7] 
is plotted in Fig. 1. This calculation assumes rapid 
conversion of SO, to equilibrium partial pressures 
of SO, and oxygen. This is very probable in the 
presence of copper oxides which would catalyze the 
reaction. The quantity of SO; present is therefore 
neglected in the calculation. The initial increase to 
point A, Fig. 1, results from reactions according to 
Eqs. [1] and[4]. At point A the fluid copper sulfate 
layer becomes intact forming a viscous expanding 
liquid film containing trapped gases which stabilize 
internal sulfate layers as shown in Fig. 2. Beyond 


point A, Fig. 1, there is a weight decrease to point C. 


Also SO, evolution continues to point C. This de- 
crease in weight can be attributed to decomposition 
of sulfates on the outside surface of the expanding 
shell, no longer stabilized by SO, since the fluid 


T T 
20- 
S02: 02 
50:50 | 
| 
e | 
il 
ao 
e 
= 
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| 
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TEMPE RATURE (°C) 


Fig. 4—Parabolic rate constants measured at several tem- 
peratures in 50:50 SO,):O, atmospheres. 
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Fig. 3—Sulfating of Cu,O, showing induction period and 
parabolic kinetics. 


CuSO, envelope has trapped the SOz. This decom- 
position also accounts for the increased evolution 
of SO, to point C. The weight of oxygen levels off 
at B and remains essentially level to point C indi- 
cating an uptake of oxygen essentially at the same 
rate at which it is being removed with sulfur as 
SO,. This may be due to the fact that oxygen can 
diffuse through the sulfate shell faster than SO, can 
diffuse out. The continued oxidation of digenite to 
CuSO, according to Eqs. [2] and [3] could account 
for the oxygen uptake. There is also the probability 
that there are regions which are not protected by 
trapped atmospheres of SO, and Og. The increase 
in total weight and oxygen content beyond point D 
also indicates a net ingress of oxygen. The sudden 
drop at point E was due to rupture of the gas filled 
‘‘ouff-ball.’? This sudden rupture was always fol- 
lowed by a rapid decrease in total weight and oxygen 
content, both associated with an increased evolution 
of SO,. This results from the sudden release of 
SO, internal pressure following which the internally 
stabilized sulfates decomposed according to reac- 
tions [4] and [5]. 
Steps in Roasting—Individual steps in the roasting 
of chalcocite may be represented as follows: 


Basic 
Chal- Cuprous Cupric Cupric Cupric 
cocite Digenite Oxide Sulfate Sulfate Oxide 
Cu,S Cu,O CuSO, |CuO-CuSO,} CuO 
0, 0rO 0, 
= 
SO, or S 50, 50, SO, 
50; 50; 
a b c d e 
Porous until continuous viscous 
film forms. 


The chemical reactions may be written as follows: 
1, Reaction at (a) to give digenite 


+ 0:2 + 0.2 [ 8] 

Cu* + e—-diffusion through digenite [9] 
2. Reaction at (b) to give cuprous oxide 

Cu,,,8 + 1.45 O,—0.9 Cu,O + SO, [10] 
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Fig. 5—Parabolic rate constants for sulfating of Cu,O 
measured for various ratios of SOQ,:O,. Lower points 
indicate the large number of samples which failed to 
nucleate. 


3. Reaction at (c) to give cuprtc sulfate 
Cu,0 + SO2 + O,—-2 Cuso, [11] 


4. Reaction (decomposition) at (d) to give basic 
cupric sulfate 


2 CuSO,— CuO - CuSO, + SO, [12] 


5. Reaction (decomposition) at (e) to give cupric 
oxide 


CuO - CuSO,—-2 CuO + SO; [13] 


Sulfating of CusO—The measured rates were par- 
abolic and followed weight squared vs time plots, 
indicating solid-state diffusion. Fig. 3 illustrates 
a typical rate curve showing both the direct weight 
vs time and weight squared plots. The rates were 


very sluggish to start as evidenced by the long in- 
duction period. The slow reaction which took place 
during induction extended for such a long period in 
many runs that no rate involving sulfate formation 
was obtained. The process for the nucleation of 
sulfate phases were therefore very slow and er- 
ratic. As in the case of chalcocite the results were 
not readily reproducible. Parabolic rate constants 
measured for three supposedly identical samples at 
785 + 1°C with a 50:50 mixture of SO, to O, were 
19.2, 16.2, and 11.7, mg?/cm*-sec. All rates were 
parabolic except at very low partial pressures of 
SO, where the rates of oxidation followed the loga- 
rithmic law. In general, however, the rates involved 
solid state diffusion according to the parabolic law. 
Parabolic diffusion has been found to occur for 
many metals and has been treated fundamentally 
by Wagner.”® 

Fig. 4 is a plot of the parabolic rate constants 
measured at several temperatures for 50:50 mix- 
tures of SO,:0,. The increase in rate with in- 
creasing temperatures follows as a result of in- 
creased diffusion with temperature up to 750°C. 
The sharp decrease at increasing temperatures is 
a result of sulfate decomposition at elevated tem- 
peratures. At low temperatures where large 
amounts of CuSO, were present the parabolic rate 
constants were 0.036, 0.240, and 0.310, mg*/cm* - 
sec, respectively, for 452°, 649°, and 700°C. The 
calculated energy of activation was only 6.5 kcal 
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Fig. 6—Parabolic rate constants for various ratios of 
SO,:O,. Solid line calculated curve. 


per mole. This is reasonable if it represents dif- 
fusion through liquid CuSO,. Its value is in ques- 
tion, however, because of the difficulty encountered 
in obtaining reproducible results. The complexity 
of the system made it impossible to calculate the 
activation energy at higher temperatures. 

The effect of partial pressure was very important 
since sulfate decomposition was retarded as a result 
of the SO,-O, over-pressures. Decomposition ac- 
cording to Eqs. [4] and [5] should be retarded to the 
greatest extent at partial pressures of SO2:Oz, re- 
sulting in the largest concentration of SO,. This 
should be at a ratio of two parts SO, to one O,. 
Results obtained at 785°C and 850°C are plotted 
in Figs. 5 and 6, where the parabolic rate con- 
stants are plotted vs percent SO, for pure SO,-O, 
mixtures. The position of the maximum was not 
established clearly at 785°C; however, it appears 
to be between 50 and 70 pet SO,. At 785°C the 
products of reaction were CuO and CuO. CuSQ,. 

The most interesting results obtained in this study 
were those which are plotted in Fig. 6 at 850°C. At 
this temperature the only product formed was CuO; 
yet, the rate of the reaction, 


Cu,O + 7/20, 2 CuO [14] 


was greatly influenced by an over-pressure of SO, 
with a maximum at two parts SOz to one part of 
oxygen. Since the rate is diffusion controlled, it is 
very surprising that SO, could have any effect. It 
was a simple matter to determine if sulfates were 
present, since a rapid weight loss occurred if the 
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SO, supply was cut off. No weight loss occurred at 
850°C, demonstrating that no sulfates were present. 
In accordance with accepted diffusion theory in 
copper oxidation*” in which copper ions plus an elec- 


tron diffuse through the oxide layer, reaction [14] 
may be postulated to occur as follows: 


Cu,O — CuO + Cu* +e [15] 


the slow step being the diffusion of cuprous ion 
through the CuO layer. 

It might be suspected that adsorbed SO, or prob- 
ably SO, introduces lattice defects into the CuO ina 
manner analagous to the introduction of electron 
holes and cation vacancies in cuprous oxide by the 
adsorption of oxygen as proposed by Wagner and co- 
workers.*® Such a model is troublesome in this 
system since it would be expected that oxygen would 
be more effective than SO, or SO,. Also the intro- 
duction of vacancies alone cannot account for the 
tremendous increase in the parabolic rate constant 
shown in Fig. 6. 

The effect noticed is similar to that reported by 
Hauffe and Engell’® for the oxidation of zinc metal. 
The parabolic rate constant was found to vary with 
oxygen partial pressure according to an equation 
of the form 


k=alnPo, +b [17] 


where F is the parabolic rate constant, saroye is the 


partial pressure of oxygen, and a and 0b are con- 
stants. Hauffe and Engell developed Eq. [17] using 
a model involving the development of an electrical 
potential at the solid gas interface. A similar ef- 
fect could be operative in this system if SO, ad- 
sorbs on the CuO surface forming SO, or even 
SO, . The process may be visualized at the CuO 
surface by the adsorption step, 


‘CuO + SO, + 2e = Cu0-S0,7 [18] 
Eq. [17] may be written 
k=alnPso,+ b =a Po,”? -Pso, +b [19] 


where k, is the equilibrium constant for the reac- 
tion 


720, + SO, = SO; [20] 


If X is the fraction of SO, in the atmosphere, 
Eq. [19] becomes 


k = a log (X)-(1—X)¥7 45 [21] 


The dashed curve of Fig. 6 represents the calculated 
curve according to Eq. [21] using the values 13.9 and 
7.61 for a and b, respectively. Eq. [21] cannot be 
applied for very low or very high values of X be- 
cause of the inherent assumptions involved in the 
development of the Hauffe-Engell equation. Also at 
least one additional parallel reaction is occurring 
since Cu,O will oxidize slowly in O, alone. 

It should be noted that the kinetics of oxidation of 
Cu,O to CuO in pure oxygen are not parabolic but 
follow the logarithmic law 


AW =S log (A'T + B') [22] 
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where AW is the weight change per unit area, S is 
the slope and A’ and B’ are constants. Occasionally 
when low partial pressures of SO, were present 
(below 20 pct SO, in O,) the logarithmic law was 
also obeyed. 


SUMMARY 


A) Sulfating of Chalcocite (CuzS)—1) In general 
oxidizing reactions take place by diffusion, how- 
ever, entrapped gases in certain temperature 
ranges virtually stopped the oxidation of chalcocite 
before the process was completed. 

2) The individual steps in roasting chalcocite are 


Cu,S + Cu, ,S ~ Cu,0 CuSO, ~ CuO: CuSO, CuO. 


3) The proposed chemical reactions for each step 
of 2 above are given. 

B) Sulfating of Cuprous Oxide—1) Cuprous oxide 
(Cu,O) was converted to copper sulfate and other 
products by heating the oxide in mixtures of SO, 
and O, of known ratios and at various temperatures. 

a) In low-temperature sulfation (up to 750°C) the 
order of formation from the Cu,O surface outward 
was: 


Cu,O | CuO | CuO- CuSO, | CuSO, | SO, + O2 
b) Medium temperature (750° to 800° C) 
Cu,0 | CuO | CuO-CuSOQ, | SO, + O, 
c) High temperature (above 800°C) 
Cu,O | CuO | SO, +0, 


2) The proposed chemical reactions producing 
each product are presented. 

3) The effect of SO, in accelerating the oxidation 
of Cu,O to CuO has been explained in terms of a 
model by which adsorbed SO, produces a potential 
at the CuO surface thereby increasing the rate of 
diffusion of Cu* through CuO. This same effect 
probably adds additional complexity to the lower 
temperature reactions where sulfates are stable. 
Also these results suggest the importance of at- 
mospheres of SOz in the corrosion of metals. 
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Observations on the Thermal Etching of Silicon Iron 


Thermal etch patterns developed on polycrystalline 3.5 pct 
Si-Fe by heating in hydrogen or in argon have been examined. 
The most prominent feature of the etching is the development 
of striations on grains with {100} planes near the plane of the 


surface. These striations are probably produced by the veso- 


D. S. Hutton 


lution of a random, high-energy plane into {100} facets of lower 


energy. 


Tue thermal etching of iron and iron-base alloys 
has a long history. The phenomenon was observed 
by Osmond’ more than 70 years ago. The literature 
on thermal etching between that time and 1951 was 
reviewed by Olney,” and a briefer review appeared 
in 1958.° The only articles which have been found 
dealing with the thermal etching of silicon iron are 
those of Dunn and Lionetti* and of Dunn, Daniels, 
and Bolton,°® and they reported only grain boundary 
etching. 


EXPERIMENTAL PROCEDURES 


A cast 3.5 pet Si-Fe alloy was given a metallo- 
graphic polish and etch, then placed in flowing 
purified hydrogen for 6 hr at 2200°F. The same 
specimen was later repolished and etched to re- 
move the thermal etching. The specimen was then 
held in flowing purified argon at 2200°F for 72 hr. 
In both instances the specimen was rapidly cooled 
by being pulled up quickly into the cold zone of the 
furnace. All photomicrographs shown are of the 
surface as removed from the furnace. 

Oblique illumination was essential for observa- 
tion of the thermal-etching effects with a light 
microscope and was used for all the photomicro- 
graphs. 


RESULTS AND DISCUSSION 


Grain boundary etching, grain boundary movement, 
and contouring within grains are illustrated in Fig. 1. 


The contours within a single grain followed behind 
the advancing grain boundary. 
To determine the average contour interval, or 
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step height, white light was used in an interference 
microscope. The steps were of the correct mag- 
nitude to separate while light into its spectrum of 
colors. A green light was focused at the top of a 
contoured area, shifting to red across the field. By 
using the difference in the dominant wave length of 
red and green light,° and counting the number of 
steps across the area, it was possible to obtain a 


value of about 80A for the average step height. 


Laue back-reflection patterns of four grains with 
contour lines showed that the grains had a {100} 
plane slightly inclined to the plane of the surface 
(+5 deg). Insofar as this could be determined from 
their irregular traces, the contour lines within a 
grain had a common direction, <100> + 5 deg. 


Fig. 1—Thermal etching of silicon iron in hydrogen at 
2200° F. X500. Reduced approximately 23 pct for re- 
production. 


VOLUME 218, JUNE 1960-525 


* 
: 


Direction of Light 


Fig. 2—Curvature of contours at a thermally etched grain 


boundary. Hydrogen atmosphere. X1000. Reduced ap- 
proximately 50 pct for reproduction. 


It has been noted previously’ that if the striations 
on a thermally etched grain are traces of a crys- 
tallographic plane, they will be curved on a curved 
surface. This is shown in Fig. 2, wherein the traces 
of the {100} plane are sharply curved as they cross 
the slope near a thermally etched grain boundary. 
There is also considerable curvature, on a very 
fine scale, of the surface at a distance from the 
grain boundary. 

The thermally etched patterns developed by heat- 


Direction of Light 


Fig. 4—Pits at inclusions and a plateau. Hydrogen at- 
mosphere. X2500. Reduced approximately 50 pct for 
reproduction. 
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Fig. 3—Thermal etch- 
ing in argon at 2200°F. 


ing in argon at 2200°F are shown in Fig. 3. The 
thermal etch striae are straighter than those pro- 
duced in hydrogen, although they generally curve 
as they approach grain boundaries. It follows 
from this that the resulting grain surfaces were 
flatter when the etching was done in argon rather 
than hydrogen. It may be possible, however, that 
the surfaces before thermal etching were not 
equally flat or the straight striations may be re- 
lated to the longer heat treatment in argon. Laue 
back-reflection patterns from two striated grains 
showed these grains to have {100} planes within 

+ 12 deg of the plane of the surface, and that the 
striae were within +3 deg of a <110> direction. 

It seems now to be generally accepted that the 
driving force for thermal etching is a reduction in 
total surface energy when a random surface plane 
is replaced by a stepped structure whose facets are 
made up of planes of low indices.” ° 

The total free energy of a surface may be ex- 
pressed as 


Fig. 5—Thermal etch pits showing former locations of 
grain boundaries. Argon atmosphere. X1000. 
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E, = [y,dA 


where A is surface area and yp is the specific en- 
ergy of the surface, which is dependent upon crys- 
tallographic orientation and the environment. The 
equilibrium shape of a crystal will be that for which 
E, is a minimum. It is therefore possible for an 
initially smooth face to become grooved, and to in- 
crease its total surface area, if the integrated sur- 
face energy is decreased thereby. 

The observation that the environment can be im- 
portant in determining the form of the thermal etch- 
ing effects has been made by others. Chalmers, 
King, and Shuttleworth’ have described how thermal 
etching striations on silver heated in air will dis- 
appear upon heating in hydrogen or nitrogen and are 
greatly modified by heating in vacuum. It follows 
that the surface energy of crystallographic planes 
depends in a significant manner upon the surround- 
ing medium. 


If the surface of a grain contains inclusions, the 
regions surrounding such inclusions may be regions 
of high strain energy, and a preferential removal of 
atoms may result. This conclusion should also ap- 
ply to intersections of dislocations with the surface. 
Fig. 4 shows the two general types of pit configura- 
tions which form around inclusions. 

Other grains which did not exhibit the straight- 
line striations associated with the 72-hr treatment 
in argon at 2200°F nevertheless exhibited certain 
interesting configurations. Fig. 5 shows lines of 
thermal etch pits which appear to mark the former 
positions of a grain boundary. Fig. 6 shows a sub- - 
grain boundary which apparently disintegrates into 
a series of etch pits. 
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Single-Crystal Growth and Purification of Tantalum 


A reliable technique has been developed for producing single 
crystals of tantalum in the form of small diameter wires. By 


suitably heat treating these and polycrystal samples, first in an 
oxygen atmosphere and finally in vacuum, it has been found pos- 
sible to reduce residual resistivities to 10-3 microhm-cm. The 


D. P. Seraphim 
J. 1. Budnick 


purity of these samples is thus comparable to the purities obtained 


in zone-vefined silver, copper, and aluminum. 


Tue growth and purification of pure single crys- 
tals of the transition metals is, in general, difficult. 
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The high melting and annealing temperatures of 
these metals make it necessary to employ rather 
special techniques in any crystallization process. 
In addition, the transition metals show a great af- 
finity for and are easily contaminated by nitrogen, 
oxygen, and carbon. Recently, however, a number 
of investigators have been successful in growing, 
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in vacuum, single crystals of many of the refrac- 
tory metals.*~* 

In the course of investigating the effects of in- 
terstitial and substitutional contaminants on the 
superconducting properties of tantalum*’® we have 
developed a reliable techniaue for growing single 
crystal specimens from small diameter wire by a 
‘‘strain and anneal’’ method. It has, moreover, 
been possible through vacuum degassing to obtain 
specimens whose residual resistivity in the liquid 
helium temperature range is of the order of 107° 
microhm-cm. This residual resistivity is some 
two orders of magnitude better than has been found 
in the literature’ and is of the order of the values 
reported for zone refined silver, copper, and alumi- 
num. 


DISCUSSION 


The strain and anneal method of crystal growing 
requires initially the formation of a metastable, 
high free-energy state within the metal. Sucha 
state may be produced, for example, by straining 
the specimen plastically. If, following this treat- 
ment, the specimen is heated to a suitable tem- 
perature, it will revert to the low free-energy state 
by recrystallization. The criterion for recrystalli- 
zation as a single crystal can be formulated in terms 
of the theory of crystal nucleation and growth.® In 
effect, it is necessary that the strain initially present 
in the specimen should not be so large as to give rise 
to widespread nucleation and yet large enough to pro- 
vide the strain energy for the subsequent growth of a 
nucleus once it has been created. There is thus a 
critical strain which will provide the most favorable 
conditions for single crystal growth. 
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Fig. 1—The diffusion time constant, T = rf /5.78D, as a func- 
tion of the specimen temperature for the interstials nitrogen 
oxygen and carbon in a 0.010 in. diam tantalum wire. 
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The probability for the growth of a single crystal 
can be considerably enhanced by the process of 
drawing an unnucleated low-temperature portion of 
the specimen into a higher temperature region in 
which a growing crystal boundary may readily move. 
In essence, the unnucleated region of the wire is 
pulled through the boundary of the growing crystal 
before new nucleation centers are able to form. 

A major difficulty in growing crystals by this 
technique resides in the fact that it is necessary to 
produce the required critical strain uniformly 
throughout the bulk of the specimen. This is par- 
ticularly so in the transition metals where yield- 
point phenomena play a critical role and where strain 
propagation is often by the expansion of Lueder’s 
bands. 

It is apparent, on the basis of the above discussion 
that, in practice, the optimum conditions for single- 
crystal growth represent some sort of compromise 
between the conflicting requirements of low gas con- 
tent to delete the yield point and small uniform 
grain size in the unstrained specimen. The physical 
treatment of the specimen necessary to produce the 
material best suited for the strain and anneal tech- 
nique of crystal growing is thus a matter of some 
speculation and must usually be determined for a 
given material in a somewhat empirical manner. 

It is possible, however, to calculate in a rough 
manner the time required to alter the gas concen- 
tration in a particular specimen. This time is im- 
portant in both the prestrain treatment of the wire 
and in the final purification process. 

In the calculation let C, represent the initial uni- 
form concentration of gas within the wire and C 
the concentration of gas at the outer surface of the 
wire where 7 = 7). Cy will be treated as a constant 
which is, indeed, the case at the termination of the 
purification treatment, where it is related to the 
partial pressure of the gas within a particular 
vacuum system. The concentration of gas within the 
wire, C(r,t), which is a function of the radial dis- 
tance from the central axis of the wire and the time, 
must satisfy the conventional cylindrical diffusion 


equation, 
(r,¢) = D E 


where D is the diffusion constant in cm?-sec™. This 
equation must be solved subject to the aforemen- 
tioned boundary conditions. This problem has been 
treated in detail by a number of authors,° and the 
solution may be written down immediately as, 


ac 
or 


(1) 


2(Co — Cr) Jo (17) 
2.4048 J, (a,%o) 
for the present situation where the time? is large 
compared to 1/Da;. Here J(a,7) and J,(a,7) are, 
respectively, Bessel functions of zero and first or- 


der while aq, is the first root of the auxiliary equa- 
tion 


Jo =0 


C(r,t) = Cy + e-5-78Dt/r2 [2] 


Thus for times greater than r*/5.78D, the time con- 
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stant, T, with which the gas concentration approaches 
its equilibrium value is 


5-78D [3] 


The diffusion constant, D, for various interstitial 
gases in tantalum has been measured for the inter- 
Stitials, nitrogen, oxygen, and carbon in tantalum by 
Powers and Van Doyle,”* from whose data, 


Doxygen = 6.02 x 1073 e-13,000/T 

D nitrogen = 3.76 X10 e-19,000/T 

and 


where T is the temperature in °K. The time con- 
stants calculated from Eq. [3] for the various inter- 
Stitials in a 0.010-in. wire are plotted as a function 
of the temperature in Fig. 1. 

Andrews” has shown that for nitrogen in solution 
in tantalum, the equilibrium concentration of gas can 
be written as 


PY 2 [5] 


where A is a measurable constant, P is the nitrogen 
gas pressure exterior to the specimen, and H is the 
heat of solution. Fig. 2 contains a plot of the equi- 
librium concentration of nitrogen gas in atomic per- 
cent as a function of the specimen temperature for 
a number of pressures. It is immediately obvious 
that the lowest nitrogen concentration which can be 
obtained in practice is limited by the lower limit of 
pressure which can be obtained in the vacuum sys- 
tem, i.e., ~ 10 * at. pet for a conventional all-glass 
vacuum system. 

Powers and Van Doyle*”"™* have shown that the 
oxygen content of a tantalum specimen degassed in 
vacuum of 107° mm of Hg is less than 10° at. pet. 
For carbon, the equilibrium content of 10 to 20 ppm 
was found to be essentially independent of the de- 
gassing time. It thus appears that oxygen may be 
removed in much the same manner as nitrogen 
while carbon, on the other hand, may be rather dif- 
ficult to remove since it has a low vapor pressure 
unless it is combined in a form such as CO or CO,, 
and so forth. 

The total impurity content of a given wire can be 
ascertained in a qualitative fashion by measuring 
the resistance of the wire as a function of tempera- 
ture. The variation of the temperature dependent 
resistance of tantalum is given with reasonable 
accuracy by the ‘‘Bloch-Gruneisen’’ formula which 
may be written 


10, 


pr=K [6] 


where K is aconstant, T is the temperature in °K, 
and 6p is the characteristic Debye temperature. 

f (@p/T) is a function which has been tabulated.” 
The total resistivity, p,, will be given to a good ap- 
proximation by the sum of the temperature-depen- 
dent lattice scattering, p,;, and the temperature in- 
dependent impurity scattering, p,, 7.@., 
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Fig. 2—The equilibrium concentration of nitrogen gas, in 
atomic percent, as a function of the specimen temperature 
for various nitrogen system pressures. These curves have 
been calculated from the data of Andrews.!3 


P, = pr + P,- [7] 


For a nominal Debye temperature of 200°K it can be 
shown that the temperature-dependent resistivity at 
liquid helium temperatures, fp, 5. is smaller than 
the temperature-dependent resistivity at room tem- 
perature, P3990%, by a factor of about 10°. The re- 
sistivity at liquid helium temperature is, conse- 
quently, almost directly proportional to the total 
impurity content. We have found it convenient to 
express the purity indirectly through the coefficient, 
I defined as 


P300°K [8] 
P4 2°K 


= — P4.2°k 
P4.2°K 


The higher the value of I the lower the impurity con- 
tent of the sample. In very pure zone-refined tin,** 
for example, IT may be as high as 10°. 

If a single impurity is initially distributed uni- 
formly through the wire and is assumed to evaporate 
on reaching the surface, its concentration, C(7, ft), 
may be described at any time by the previously de- 
rived expressions. The resistivity, p,, arising from 
this impurity will be, for small impurity concentra- 
tions, directly proportional to the impurity concen- 
tration, and IT can be written as 


fo 


dr ad 


0 


where K’ is an undetermined constant. Under the 
added assumptions that the impurity concentration 
at the surface of the wire is negligible and that the 
times involved are long compared to 73/5.78D, it is 
possible to show that 


dlnT’ _ 9.78D [10] 


ot 
Thus if a single impurity is involved, the diffusion 
constant associated with a particular temperature 
can be calculated from the slope of the InI time data. 
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Fig. 3—The apparatus used in the growing of single-crystal 
specimens from small diameter tantalum wire. 


Values of D at several temperatures can, in turn, be 
used to calculate the activation energy for diffusion. 


MATERIALS AND APPARATUS 


The tantalum used in these investigations was ob- 
tained either from the Fansteel Metallurgical Co. 
or the National Research Corp. in the form of wire 
ranging in diameter from 0.010 to 0.040 in. The 
bulk of the work reported here was carried out with 
0.010 in. diam wire. For a different batch of Fan- 
steel wire Mah and Gellert’ reported, 


Impurity Fe Si Ti 
Percent by weight 0.01 0.08 0.01 0.005 
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Fig. 4—The ratio of the average crystal length, /, to the 
diameter of the sample, d, obtained in recrystallization 
following a prestrain anneal at the indicated temperature. 
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The oxygen, nitrogen, and carbon content are 
probably of the same orders of magnitude as the 
substitutional impurities listed above. The high 
niobium (columbium) content of the Fansteel wire is 
particularly unfortunate since this element has a 
rather low vapor pressure in the range of tem- 
peratures which can conveniently be used for 
further purification. 

A typical analysis of the National Research Corp. 
tantalum, supplied by the manufacturer, gives the 
impurities in parts per million as follows: 


Impurity Fe Cr Ni Nb ‘Si O,,C,H2, Nz Rest 


ppm 40 20 30 50 60 <100 < 60 

Several types of vacuum systems were employed 
in different phases of this work. The annealing of 
polycrystal samples prior to straining, and the puri- 
fication of single-crystal specimens after growth 
was carried out in an all-glass system evacuated by 
a standard three-stage oil diffusion pump. A liquid 
nitrogen trap between the specimen container and 
the diffusion pump helped to reduce the backstream- 
ing of oil and hydrocarbon vapors. An Alpert type 
gage mounted directly above the specimen container, 
was used to measure the pressure in the system and 
to provide some pumping action at pressures below 
mm of Hg. 

The container for the tantalum samples consisted 
of a pyrex glass bulb provided with Kovar lead-in 
seals by means of which several specimens within 
the bulb could be electrically connected in either a 
parallel or a series fashion. The temperature of 
the specimens, which were heated ohmically with an 
alternating current, was obtained from calculations 
based on the data of Malter and Langmuir’ who 
showed that the temperature of a specimen of known 
diameter can be determined from the heating cur- 
rent. These calculated temperatures were periodic- 
ally checked andverified with a micro-optical pryo- 
meter calibrated by the Bureau of Standards. 

Oxidation treatments for the removal of volatile . 
oxides were carried out in a separate metal-glass 
vacuum system which had a lower limit of pressure 
of 10 *mm of Hg. A slow leak was used to bleed 
oxygen into system at constant pressure. After 
treatment, the specimens could be degassed in situ. 

The crystal growing was carried out in a com- 
mercial bell-jar vacuum system using the arrange- 
ment shown in Fig. 3. Within the bell-jar the tan- 
talum wire could be drawn, by means of an extern- 
ally driven pulley system, across the faces of two 
copper cylinders 1 1/2 in. long and 1 in. in diam. 
Spring contacts made from strip copper forced 
the tantalum wire into a slight groove in the faces 
of these cylinders which provide for electrical con- 
tact to the wire and act as heat sinks for establishing 
a temperature gradient in the heated wire. 


STRAINED AND ANNEAL CRYSTAL GROWING 


The importance of the prestrain annealing treat- 
ment is illustrated by the results summarized in 
Fig. 4. Here the average ratio of the length of the 
crystal produced in the crystallization process to 
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the diameter of the wire (i.e., the ratio, l/d) is 
plotted as a function of the initial annealing tem- 
perature. Each plotted point represents the results 
of a number of experiments carried out on speci- 
mens which were annealed for various time inter- 
vals ranging from about one minute at 1900°C to as 
long as 15 min at 1780°C. Approximately 15 sec 
was required for a 0.010 in. diam wire to be ad- 
justed to a given temperature following the applica- 
tion of the heating current and 1 min thus repre- 
sents a sort of practical minimum for the annealing 
process. 

At 1900°C, 1 min was sufficient to allow some of 
the grains within the crystal to grow as large as the 
diameter of the wire with the result that the wire 
could not be used to grow crystals of great length. 
The high-temperature cut-off in Fig. 4 can there- 
fore be attributed to exaggerated grain growth in 
the prestrain treatment. 

Annealing at temperatures below 1780°C was 
generally found to provide fine-grained specimens 
if the annealing time was limited to about 15 min. 
Longer annealing times generally produced speci- 
mens with a few randomly distributed large grains 
which subsequently necked down in the straining of 
the specimen. The lower limit of temperature for 
the prestrain annealing treatment is thus set by the 
fact that the annealing time required to obtain suf- 
ficient gaseous diffusion is excessive in that it will 
allow some random exaggerated grain growth to 
take place within the specimen. The most suitable 
prestrain annealing temperature was found to lie in 
the temperature range from 1820° to 1860°C. 1820°C 
was the optimum temperature in that the smallest 
recorded crystal had a J/d ratio greater than 100. 


The results of a number of measurements indi- 
cated that in the range from 2 to 3 pct tensile strain, 
the resulting crystal lengths were not particularly 
dependent on the strain although there was slight 
evidence to show that the slightly higher strain may 
have produced, on the average, slightly longer crys- 
tals. With no prestrain a typical ‘‘bamboo’’ struc- 
ture developed. 

The results of the prestrain anneal studies indi- 
cated that the boundary mobility at 1900°C is suf- 
ficient to allow grains to grow as large as 0.010 in. 
in about 1 min. The boundary mobility at 1900°C is 
thus of the order of 10~* in. per sec and should in- 
crease with increasing temperature. In the crystal 
growing operation the wires were drawn through 
the apparatus at a rate of about 10°-* in. per sec ata 
temperature of approximately 2200°C. At higher 
temperatures, the specimens showed a tendency to 
creep under the tension of the drawing mechanism. 


PURIFICATION 


Both single and polycrystalline samples were puri- 
fied by heating in high vacuum. After mounting the 
wires, the system was generally baked out and 
evacuated to a pressure of the order of 107-® mm of 
Hg. The initial heating of the tantalum specimens 
inevitably produced a large evolution of gas which 
had to be pumped from the system over a consider- 
able period of time. Since prolonged heating of the 
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wires frequently released enough radiant energy to 
eventually cause outgassing in the walls of the 
vacuum system, much of the heating was carried 
out in an intermittent manner. Cold trapping the 
Specimen bulb helped to some degree to prevent this 
sort of outgassing. 

After a suitable period of heating it was possible 
to attain a condition where heating of the specimen 
to 2700°C did not produce a measurable increase in 
the system pressure and the final outgassing was 
continued at the lowest system pressure available. 
In some instances the system pressure could be re- 
duced to the order of 107'° mm of Hg, this low pres- 
sure being obtained, in part, by the ion gage pumping 
and, in part, by the pumping action of the tantalum 
being evaporated from the specimen. 

Fig. 5 contains a plot of the log,, of the measured 
resistivity ratio I as a function of time for a speci- 
men which was held at 2510°+ 20°C after the re- 
moval of the more volatile gases. Prior to vacuum 
treatment I has a value in the range of 5 to 10. Here 
the pressure of the system was held at about 2 x 107° 
mm of Hg throughout the various heating periods. 
From the slope of the curve and the previously de- 
rived formula, the calculated diffusion coefficient is 
roughly 


D = 1.1 107° cm? sec™?. 


Such a diffusion coefficient is of the order to be ex- 
pected for a substitutional impurity with an activa- 
tion energy of the order of 100 kcal per mole. This 
is taken as evidence that some substitutional com- 
ponent also is being removed by the continued heating 
at high temperature and it would appear that the 
longer the period of heating the higher the purity of 
the resulting sample. In practice, this process is 
limited by the fact that, at these high temperatures, 
a certain amount of tantalum is being evaporated 
and the wire is continually decreasing in size. As 
time passes it becomes increasingly difficult to 
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Fig. 5—The variation of the resistivity ratio as a function 
of the time of heating at constant temperature and system 
pressure. The slope of this curve can be used to calculate 
the diffusion constant of the evaporating impurity. 
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Table |. The resistivity ratios measured on two groups of Fansteel 
wires following heat treatment of the indicated duration and temper- 
ature. These results are typical of many analogous measurements. 


Specimen Temperature, Pressure, 

Number °K mm Hg ie 
Bl 2730 2x 10-* 230 
Y1 2730 DE 222 
Ol 2730 2105 196 
wil 2730 2X AN 273 
R2 2760 Taxi: 524 
B2 2760 387 
Y2 2760 427 
02 2760 472 


control the wire temperature and to prevent burnout 
by melting at its center. 

Table I contains the results of a series of meas- 
urements in which all of the wires in a given group 
were heated at the same temperature and system 
pressure for the same period of time. It is fairly 
obvious that, in general, the higher the temperature 
of treatment and the lower the ultimate pressure of 
the system, the greater the purity of the samples. 
There is, nevertheless, a considerable variation in 
the resistivity ratios within a given group of wires. 
This variation was undoubtedly caused by inhomo- 
genieties in the impurity concentration along the 
length of the original material as was evident from 
the fact that the resistivity ratio was found to vary 
somewhat along the length of a single specimen. 

It was felt that carbon might easily represent one 
of the major contaminants which would be most dif- 
ficult to remove, particularly if the vapor pressure 


of the carbon in solid solution were considerably less © 


than the vapor pressure of elemental carbon. Ex- 
periments were thus carried out in an attempt to de- 
termine whether carbon and possibly other metallic 
contaminants might be driven off as oxides if the 
specimens were heated in an oxygen atmosphere. The 
Fansteel wires which were treated in this manner did 
not always respond in a systematic fashion, indi- 
cating, most probably, that the results of the treat- 
ment were somewhat obscured by the variations in 
the amount and type of substitutional contaminants 
initially present in the raw material. Fig. 6 contains 
the results of one series of measurements in which 
the wires were all heated at the same temperature 
for the same time in various pressures of oxygen 
and were then given identical degassing treatments. 
Within limits there is seen to be a relatively syste- 
matic variation of the measured resistance ratio T 
with the oxygen pressure. The heating of tantalum 


Table II. Some typical resistivity ratios obtained with National 
Research Corp. tantalum wire treated in the manner indicated. 


Vacuum Treatment Oxygen Treatment 


Temperature, Time, Pressure, Temperature, Time, Pressure, 

°K Min mm Hg ois Min mmHg r 

2923 115 DOK No O, 1042 
2923 43 No O, 1275 
2923 69 2.0x 10-* No 0. 3555 
2923 60 2.0107’ 2923 15 2x 107° 5356 
2923 60 5.0x 107 2693 15 DAO 6044 
2923 745) 4.0x 107’ 2923 15 8028 
2923 67 2693 15 8000 
2923 3.0x 2693 15 4580 
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Fig. 6—Variation of the resistivity ratio as a function of 
the oxygen pressure in which a number of Fansteel speci- 
mens were heated at a given temperature for a given time 
prior to being degassed. 


in the presence of oxygen always produced a notice- 
able increase in the rate of evaporation from the 
wire. It was thus difficult to hold the temperature 
in the vicinity of the melting temperature for an 
appreciable length of time, and systematic experi- 
ments in the oxidation treatment could only be car- 
ried out with difficulty. Nevertheless, resistivity 
ratios greater than 10° were obtained with wires 
which had been heated in an oxygen atmosphere 
where, without this treatment, the highest resis- 
tivity ratio obtained was less than 750. 

All the results reported represent data on speci- 
mens of 0.010 in diam. Extensive experiments on 


wires of larger sizes 0.020 to 0.040 in. always 
yielded appreciably lower values of IT. The time 
constants calculated for removal of the gaseous 
contaminants were reasonably short in all cases 
and furthermore the behavior of the pressure in 
the vacuum system during outgassing seemed to 
confirm this. From these observations we infer 
that the substitutional contaminants and possibly 
carbon are responsible for the low values of T 
we have obtained in the larger size specimens. 


Recently we have begun purifying wire obtained 
from the National Research Corp. The measured 
values of I have, in a number of cases, been 
greater than 10*. Table II contains the measured 
resistivity ratios for some typical specimens, some 
of which were heated in an oxygen atmosphere. Here 
it is fairly apparent that the oxidation treatment 
produces wires of greater purity than are obtained 
with vacuum heating alone. 

Finally, it might be mentioned that the purified 
material is considerably more ductile than the 
commercially available material and has, for ex- 
ample, what appears to be an unusually low critical 
shear stress at liquid helium temperature. The 
measured Debye temperature of the purified ma- 
terial, as determined by fitting the temperature- 
dependent resistance at room temperature and at 
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liquid nitrogen temperature to the Bloch-Gruneisen 
formula, was found to be 218 + 2°K. The average 
room-temperature resistivity of this material was 
measured as 13.6 + .2 microhm-cm. Comprehen- 
Sive data on the superconducting properties of this 


material are being collected and will be described 
elsewhere. 17-19 
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Thermodynamic Interaction Parameters of Elements in 


Liquid lron 


Thermodynamic interaction parameters of elements en for 
dilute binary solutions of a component ‘‘2’’ in liquid iron, i.e., 
és = 0 Inf,/AN, where f, is the activity coefficient and N, the 


mole fraction, and = 
3 


for dilute ternary solutions of 


“2” and ‘‘3,’’ and the carbon saturation parameter ¢ = (2 in =<) 
N 


for N, ~ 0, are critically examined and correlated. It has been 


Nr. 


M. Ohtani 


found that the interaction parameters and the atomic numbers of 


alloying elements follow regular periodic patterns. 


Puysico-chemical behavior of alloying elements 
in molten iron have become the subject of numerous 
investigations during the past 25 years. Conse- 
quently, the mutual effects of elements in the iron- 
rich solutions Fe-C-X, Fe-N-X, Fe-H-X, Fe-O-X, 
and Fe-S-X where X represents an alloying element, 
have gradually become better understood. These ef- 
fects for a given temperature and pressure may be 
expressed by the interaction parameter of Wagner’’* 
derived briefly in the following manner. The com- 
plete differential of the Gibbs free-energy equation 
at constant temperature and pressure is 


dF = F,dn,+F,dn,+F,dn,+°-- [1] 


where F is the free energy; F,, the partial molar 
free energy of ‘‘1’’; and ,, the number of moles 
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of “‘i.’’ Cross-differentiation of this expression* 


*Cross-differentials are obtained as follows: 0F/dn, = F,, and 
F/dn,0dn, = (F,/Ans), OF /Ons = F,, and d’F/dn,dn, = (OF ,/dn,) 
Since the order of differentiation of F with n, and n, is immaterial, 
the left sides of the second differentials are equal, hence the derivation 
of Eq. [2] is obtained. 


yields 
2 


For a dilute solution of components 2 and 3 in sol- 
vent 1, with the substitution of RT Inf, =F, for 
F, where f, is the activity coefficient, and F7* is 
the excess partial molar free energy, Eq. [2] 
becomes 


OUN (No 0, N3 ) [3] 
where N, and N, are the mole fractions. The inter- 
action parameters are defined by 


In fe 


l 
(4) 


, and € 3 No 
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Table |. €X and eX in Fe-X Binary System at 1600°C 
Solute X At.No. References Method 
B 5 16 0.36 Estimated 
Cc 6 10.8 0.22 4 co, +¢=2C0 
6 10 0.20 5 +C CO 
N =0 0) Gas solubility 
(@) 8 0 to—4.3 0 to —0.05 6 H, + O=H,0 
-13.4 —0.20 10 H, + O=H,0 
Al 13 6 0.05 11 Distribution 
between Fe-Ag 
Si 14 3.4 0.03 12 Distribution 
_ between Fe-Ag 
P 15 —0.5 —0.004 Fig. 1 Estimated 
S 16 -3.7 —0.028 13,14, 15. = 
Ti 22 8 0.04 Fig. 1 Estimated 
Vv 23 4 0.02 Fig. 1 Estimated 
Cr 24 ~0 ~0 Fig. 1 Estimated 
Mn 25 ~0 0 Fig. 1 Estimated 
Co PA All ~0 Fig. 1 Estimated 
Ni 28 -0.01 ='0 16, 17 Vapor Press. 
measurement 
Cu 29 -5.5 -0.021 18 Distribution 
between Fe-Ag 
-6.9 0.026 19 Vapor Press. 
measurement 
hence 
= [5] 


In a purely formal manner, changing the scripts 3 
to 2 in Eq. [4], it is readily seen that for a binary 
system €,” is defined by 


(2) _ 0 

[6] 
Eqs. [3] and [6] have also been rederived by Wagner’ 
from the Taylor series expansion. It may be em- 
phasized that Eqs. [3] to [5] are valid only when the 
mole fractions of components 2 and 3 approach zero. 

If the concentration is expressed in weight per- 
centage, instead of mole fraction, the natural loga- 
rithm is replaced by the common logarithm, and the 
molecular weights of components are M,, M., and 
M,, the parameter becomes 


(3) @ log fe 
and therefore 

(3) _ M2 (2) 
e 

2 Vee 3 


For a binary system, the Scripts 3 in Eq. [7] are 
replaced by 2 to obtain e}? 

We may derive, in this paper, a general equa- 
tion valid for any concentration, similar to the 
methods outlined elsewhere in detail.* For this 
purpose on, and dn, in Eq. [2] are eliminated by 
means of the mole fractions N, and N,, é.g., 


Ni+N2+ 
N, +N, 


where for brevity we have limited the number of 
components to three; the result is 


dln fs [9] 
0 Ns N, + Ne No N, 


N, N, 
In Eq. [9] the restrictions outside the parentheses 


ON, = 
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Fig. 1—Interaction parameter ey at 1600°C. Broken line 
is uncertain. See text for numbered points. 


for Eq. [2] are replaced by the molar ratios because 
f and N are intensive properties, or simply, the func- 
tions dependent on mole ratios. We may define here 
a set of new parameters by means of 


-( Nz N and oN, N, [ ] 
N, 

hence 
Ni+N 
& (2) [11] 


In the limiting case when N, - 0, and N, = 0, Eqs. 
[9], [10], and [11] reduce to °3, 4, and 5, “respectively. 
It will be seen later that Eqs. [10] and {11] are par- 
ticularly useful in the treatment of carbon sedge 
alloys. 

The numerical value of a parameter, é.g., read 
is obtained in the following manner. Log f, is 
plotted vs (%), for as low values of (%). as possible. 
The slope 2 log f2/0 (%), where the plot is assumed 
to be linear for as low value of (%), as the data 
justify, is the value of e$?). Evaluation of € will be 
outlined in a later section. 


BINARY SYSTEMS 


The available data for the dilute Fe-X systems at 
1600°C are meager. The values of e€ from the 
equilibrium in CO, + C* = 2CO by Richardson and 


*Underlined symbols are dissolved elements in iron. 


Dennis,* and Rist and Chipman? agree well as shown 
in Table I, and represented as points 1 and 2, re- 
spectively, in Fig. 1. Nitrogen dissolves to the ex- 
tent of 0.04 pct at 1600°C, hence it is difficult to 
evaluate ey witha significant degree of accuracy. 
Solubility data indicate that ex is probably zero. 


. Likewise the solubility of oxygen® at 1600°C is 


limited to 0.23, and the analytical method for Oxy- 
gen is subject to errors when adequate precautions 
are not taken. Consequently scattering in the re- 
sults obtained from equilibrium in CO +O = CO, 
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ALLOYING ELEMENT, (%) 


Fig. 2—Effect of alloying elements on the solubility of 
carbon in liquid iron. 


by Matoba’ and H, + O = H,O by Averin, Polyakov, 
and Samarin,*® and Fontana and Chipman, ° is too 
large to permit a reliable estimation of es The 
value from Floridis and Chipman” is — 0. 2, and 
from Gokcen® 0 to —0. 05, shown by 3 and 4, re- 
spectively, in Fig. 1. In view of the uncertainties, 
and the lack of data for other elements in this pe- 
riod, no line is drawn to correlate ex with the 
atomic number. 

For aluminum and silicon e% has been obtained 
from the distribution of these elements between 
silver and iron.’”’? The corresponding value for 
sulfur is from equilibrium data on H2 + S = H2S by 
Morris with Williams* and Buehl,™“ and Sherman 
etal.*> For phosphorus eis estimated to be zero 
from the line. It would be interesting to determine 
én experimentally and compare it with that pre- 
dicted from Fig. 1. 

For the elements in the fourth period, with the 
exception of Ni and Cu, there are no available data. 
The parameter o is a very small negative quan- 
tity as calculated from the vapor pressure of fron 
and nickel measured by Zellars,” and Speiser’” 
with their associates. For copper e¢" at 1600°C is 
from the distribution of copper between iron and 
silver as investigated by Koros and Chipman*®, the 
value from the vapor pressure measurements of 
Morris and Zellars’® at 1550°C is nearly identical. 
The broken line in Fig. 1 for these elements is a 
very rough estimate based on the expectation that, 
like silicon and aluminum, e* for V and Ti should 
be positive. 


TERNARY SYSTEMS 


Fe-C-X Systems—In a carbon saturated iron so- 
lution, let 1, 2, and 3 represent the components 
iron, carbon, and a vanishingly small amount of X. 
When the solution is saturated with carbon, @, = 1, 
and na, =0=InN, +Inyc where a, andy. are 
the activity and activity coefficient of carbon for 
which the standard state is pure graphite. Differen- 
tation of this expression and division by, dNy gives, 
as for example pointed out by Chipman,” 
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Fig. 3—Relationship between the difference of carbon con- 
tents of Fe-C-X and Fe-C, %AC/%X, and the atomic num- 
ber of elements; Ref. 36, (*); Ref. 18, (@). 


*The reference states for f and y are dilute solution and the pure 
component respectively, but dlnf and dlny-are equal. 


where re is used for brevity to express either de- 
rivative at constant, unit carbon activity. To evalu- 
ate this equation, the experimental data for the 
variation of saturation carbon content with Ny is 
plotted as In Nc vs. Ny. In view of the scattering 
in the available data for small concentrations of Ny, 
it is assumed that the relationship between In Nc 
and Ny is linear at as low concentration range of X, 
as possible. The negative slope of the He ee 

—(A In N,/ANy) is then the value of a Evalua- 
tion of AX thus requires the data on the effect of X 
on carbon solubility. 

Published data for the solubility of carbon in 
molten iron’? are represented in Fig. 2. 
Sanbongi and Ohtani®® and later independently, 
Turkdogan et al.”° showed that the difference be- 
tween the solubility of carbon in a Fe-C-X ternary 
melt with a small but fixed concentration of X, and 
that in the Fe-C binary melt is independent of tem- 
perature within experimental errors, 7.e., 


where %AC is the change in solubility of carbon, and 
%c™ and %C™ are the percentages of carbon solu- 
bility in the ternary Fe-C-X and the binary Fe-C 
melts respectively. Fig. 2 shows that for each al- 
loying element X, the slope is independent of %X 
within experimental errors in the range of the in- 
dicated concentrations, and Fig. 3 shows the rela- 
tionship between the atomic number of X, and 
%AC/%X, either calculated from Eq. 13 or readily 
obtained from Fig. 2. It is evident that %AC/%X 
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Fig. of and the carbon saturation param- 
eter, as with the atomic SUS at 1600°C; © represents 
from Eq. 16; +, obtained from available 
data by extrapolation. 


varies in a regular manner with the atomic number. 

There are limited data on the effects of B, N, and 
O on the solubility of carbon; hence the values of ra 
for these elements are not known with a sufficient 
degree of accuracy. For aluminum, an was pre- 
dicted by Sanbongi and Ohtani*® as 2, 7 from a simi- 
lar plot. This value is in very good agreement with 
that calculated from the experimental results of 
Chipman and Floridis.” 

For sulfur, %AC/%X and *, calculated from the 
investigation of Kitchener, Bockris, and Spratt,*® are 
—1.33 and 8.3, respectively, and fall outside of 
Figs. 3 and 4, but those calculated from the results 
of Turkdogan and Hancock” ride exactly on the 
lines in Figs. 3 and 4. The results of Ohtani and 
Gokcen*® corroborate those of Turkdogan and Han- 
cock. The values corresponding to V are from 
Piwowarsky”®; Cr from Ohtani,” and Esin and 
Vatolin;*° Mn, from Chipman et al.,”° Ni and Co, 
from Turkdogan et al.;” and Ni, also from Hane- 
mann,” and Schichtel and Piwowarsky,2” Cu, from 
Koros and Chipman.”® The values for copper dis- 
agree with those estimated from Figs. 3 and 4. For 
Ti, SAC/%X and ee are predicted from Figs. 3 
and 4. It would be interesting to verify these values 
experimentally. 

Computed and estimated values of %AC/%X and 
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Table Il. Values of and 
for Carbon-Saturated Fe-C-X Melts at 1600°C 


Solute _%AC 


Al -0.25 5.9 4.6 5.8 11 

Si —0.30 Sei 8.7 6.9 8.7 22, 23, 24, 29 

Pp -0.35 4.6 1153 9.1 23527, 28 

S —0.40 Se 13.0 10.0 12.8 37, 40 
-1.33 8.3 = = = 36 

—3.3 -11.3 —8.3 -10.5 Estimated 

0.13 -2.3 -8.4 -5.5 -7.0 33 

Cr 0.09 -1.3 —5.6 -3.5 -4.4 34 

Mn 0.04 —3.3 -2.3 -2.9 29, 30 

Co -—0.03 +0.4 —0.7 -0.1 -0.1 25 

Ni —0.07 0.5 -0.4 +0.9 $1.1 25, 26, 27 

Cu —0.10 +1.3 2.8 Estimated 
—0.20 4.2 = = = 18 


*For the atomic numbers see Table I. 
**Computed from Eq.[16]. 
**+Computed from extrapolation of y, at carbon saturation to N,, [Nee 
= 0.796 where 


Fe 


= 0.79, and oF is from the fifth column. 


»*X are listed in Table II. It is interesting to note 
that the values of x increase with decreasing sol- 
ubility of carbon and that they are positive for Al, 
Si, P, and S, as well as Co, Ni, and Cu, and negative 
Ve Cr, and Mn. 

Variation of the solubility of carbon and of »* 
cannot be explained satisfactorily by the electron 
contribution of solutes, particularly for the inter- 
stitial elements such as carbon, and the negatively 
charged ions, as pointed out by Wagner.” It. is note- 
worthy that the variation of %AC/% X and a is in 
the same direction as the carbide forming tendency 
of elements.** 

An alternative explanation for the periodic cor- 
relation in Figs. 3 and 4 may be presented by means 
of the interaction energies and for Fe-C 
and X-C atom pairs respectively, and by the related 
equations of Iwase and Kachi.** The conclusion de- 
rived from their equations may be summarized as 
follows: If the interaction energy between iron and 
carbon, Wp. is greater than that between X and C, 
Wx-c, the addition of X decreases the bond between 
the carbon and iron and the solubility of carbon de- 
creases. Thus when Co, Ni, Cu, Al, Si, P, and S 
are added in iron, the solubility of carbon decreases. 
If Wrec is equal to yy then the solubility remains 
the same, but if Wp... is smaller than Wy _¢, the sol- 
ubility increases since the bond between carbon and 
X atoms increases. Consequently the activity co- 
efficient of carbon decreases with increasing yy ¢. 
This picture regarding the activity coefficient is 
quite general, and applicable to the other solutes 
which will be considered in this paper. 

The relationships represented by Figs. 3 and 4 
have been first published in a limited form by 
Sanbongi and Ohtani,” ° and later independently by 
Turkdogan et al.;° and recently extended by Neu- 
mann, Schenck, and Patterson.?** It is also ex- 


*Ref. 43, and the data for the effects of Sb, Sn, and Cu, Mo and Al 
from the theses by G. Perbix and by U. Feldmann, quoted therein, were 
not available to the authors at the time this paper was presented. 


pected that for each group or subgroup of elements, 
a similar pee must exist, but the absence of 
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experimental data does not permit an adequately 
complete correlation. 

An important relationship for the Fe-C-X system 
will now be developed. For this purpose let In Yc 
be some function of In ac and Nx, 7.e., In Yo = 
F (Inac, Nx). Complete differential of In Yc is 


€ 


Imposing the restriction that N./N,, be constant 
and equal to 0.21/0.79 at 1600°C, and Ny ~ 0, and 
dividing by (ON x)y Yields 


Cc ONx Ne dln \ONx /y 


x 


Nie Nee 


dln Me 
The left-hand side derivative in Eq. [15] is denoted 
by €¢, which we shall call the carbon saturation 
parameter. The value of (Qn y¢/a@lna,) for 

Nx 
Nx — 0, is 0.65 as estimated from Rist and Chip- 
man° whose long interpolation is based on the as- 
sumption that In y, varies linearly with 1— Nf... 
{ 


=2r*, Eq. [15] becomes 
x 
(1 — 0.65) ¢X =—0.65 + Ne [16] 


The parameter os computed from this equation is 
listed in the fourth column of Table II, and repre- 
sented by ‘‘m’’ in Fig. 4. 

The parameter ¢* is also determined as follows: 
i) on triangular coordinates the variation of satura- 
tion carbon content with N,, as obtained from Fig. 2, 
is plotted, ii) the line representing N;/N»p, = 
0.21/0.79 is drawn, iii) ny. = —In N¢ from part i) 
for each alloying element is extrapolated a short 
distance to Nc/Ng, = 0.21/0.79 line at constant Nx 
by means of In y, = 0(1— where is computed 
from a value of yc at carbon saturation for a cho- 
sen small value of Nx, and iv) on cartesian co- 
ordinates, In yc is plotted vs Ny at constant 
Nc/N ge; the slope is es . The results are also 
listed in Table II, column 5, and shown by ‘‘+’’ in 
Fig. 4. The broken line passes through these points 
and probably represents the more reliable values 
than those obtained from Eq. [16] which is quite 
sensitive to uncertainties in 0.65. When more re- 
liable data will be available so that ¢* can be ac- 
curately calculated, a better value than 0.65 can be 
obtained by means of Eq. [16]. 

The parameter Ge is related to ie , in accord- 
ance with Eqs. [10] and [11], by 


The values of Cy , calculated from ce in the fifth 
column substituted in Eq. [17], are given in the 


sixth column of Table II. The usefulness of Eqs. 
[16] and [17] is that when yy in Fe-C-X is ex- 
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Table Ill. Values of eX and e) at 1600°C 


en References 
Al -11.2 -0.10 Estimated 
Si —4.4 — 0.038 48 
5.6 0.048 49 
P 6.4 0.05 50 
S 7.9 0.06 Estimated from Fig. 6 
0.026 From = and 
from Table VI 
Ti -3 to -4 -0.15 to —0.2 Estimated 
-—19 —0.09 45 
—27 —0.13 56 
Cr -9.9 — 0.046 44,45 
Mn —3.4 -0.015 44, 46 
0 0 47 
Co 0.5 0.002 Estimated 
Ni 122 0.005 46, 56 


*For the atomic numbers see Table I. 


perimentally measurable so that oe = 
(dln yy Ne)y., can be directly obtained, 


the values of €X can be computed, and the con- 
sistency of the related data can be checked. Thus 
from the equilibrium data of Morris and Buehl™ on 
H, + S = H.S for small concentrations of S, and from 
a replot of their data in the form of In y, vs Ng, it 
is found that ee = 13, from which ee = 10.3; the 
respective values from Table II are 12.8 and 10. 
Similar calculations from Ohtani’s data” for silicon 
yields Ge ~ 10 and cn = 7.9 as compared with 8.7 


_ and 6.9 from Table II. The agreement is rather 


good in spite of expected errors. 

Fe-N-X Systems—The effect of various elements 
on the solubility of nitrogen** ** in liquid iron at 
1 atm and 1600°C is shown in Fig. 5. The results 
are obtained from the gas solubility data, by means 
of a Sieverts apparatus, or by sampling the melts 
saturated with N, and analyzing for nitrogen. Com- 
parison of Fig. 5 with Fig. 2 shows that the effects 
of elements on the solubility of carbon and nitrogen 
are quite similar. This may probably be attributed 
to the fact that the atomic radii of C and N are 
fairly close. The values of en computed from pub- 
lished data are in Table III, and the relationship with 
the atomic number is in Fig. 6. 

Available data for silicon are discordant. Ac- 
cording to Vaughan and Chipman,*® silicon first in- 
creases and then decreases the solubility of nitro- 
gen. A possible explanation for this change in 
solubility by the formation of silicon nitride is 
unlikely on the basis of available thermodynamic 
data™>°® since Si,;N, is unstable under 1 atm of N, 
and at 1600°C in the presence of 2 pct Si in iron. 
The value of ex calculated from their results and 
represented by point 1 in Fig. 6 is—0.038. The 
corresponding value from Karnaukhov and Morozov* 
is approximately + 0.048 and represented by point 2. 
The value for P is calculated from Kootz,” and that 
for S is estimated from Fig. 6 as 0.06, and 0.026 
from Eq. [8] and from (eg e,)/2 = 0.06 in 
Table VI. The latter is represented by 3 in Fig. 6. 

For aluminum, the parameter is estimated to be 


9 
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Table IV. Values of en and ey, at 1600°C 


Solute 
x* ey References 
Al ie 0.01 Estimated 
Si Sal 0.027 57 
P Sel 0.04 Estimated 
S 7.9 0.06 Estimated 
Ti —39.5 -—0.2 58 
V —21.0 -0.1 Estimated 
Cr -—10.7 -0.05 Estimated 
Mn -—0.02 Estimated 
Co 0 0 59 
Ni 0 (Vas 59 


*For the atomic numbers see Table I. 


roughly —0.10 from the extrapolation of the line 
which can be drawn through the points, and con- 
sidering that the stability of AIN is between VN and 
TiN. 

Since the ordinate represents a fairly small scale 
of 0.02 for each division, scattering of the points is 
somewhat exaggerated. 

The parameter e, for vanadium is obtained from 
Brick and Creevy*® (point 4), and Kashyap and 
Parlee™ (point 5). For manganese, point 6 from 
Dodd and Gokcen,*” and point 7 from Wentrup and 
Reif,** and Saito*® are in fairly good agreement. For 
Ni, the plotted value is calculated from Saito*® and 
Kashyap and Parlee.* Scattering in the data of 
Wentrup and Reif** on nickel is too large to yield a 
reliable value of elt, The results for Ti and Co are 
estimated from the curve. 

Fe-H-X Systems— Experimental data for the ef- 
fects of alloying elements on the solubility of hydro- 


0.10 


0.08 


0,06 


“fo N 


0,04 


Table V. Values of x and ex at 1600°C 
B —27 —0.6 Fig. 8 Estimated 
—20 -—0.41 20, 60 Cc + CO, = 2CO 
(C; 15 0.36 62 Calculation 
~—24 —0.49 61 1 atm. CO equil. 
N -11.5 -0.2 Fig. 8 Estimated 
Al ~-890to-1340 ~-8 to -12 63 H, +0 =H,O 
Si —23 —0.2 64 H; HOH 
-—102 -—0.8 65 2P + 5H,0+ 4CaO(S) = 
ie | Ca,P,0,(S) + 5H, 
—0.032 66 H,/H,O 
132 1 69 Solubility of oxygen 
Ss 0 0 67 H, 
iz --157 -0.8 Fig. 8 Estimated 
Vv —0.27 70 H, + 
{ —0.041 71 H, +O =H,0 
~0.064 72 H, +O =H,O 
Mn 0 0 73 H, +0 =H,0 
Co 0.007 10 
Ni 1.4 0.006 74 =H,O 
Cu —0.0095 10 
Mo* 10 H, +0 
we 10 H, + O=H,O 
Pt* 10 H, + 0 =H,0 


*For the atomic numbers see Table I; the atomic numbers of Mo, W, 
and Pt are 42, 74, and 78, respectively. 


gen are scarce. There are only the measurements 
by Liang, Bever, and Floe®” for Fe-H-Si; Karnaukhov 
and Morozov’ for Fe-H-Ti; and Busch and Dodd®® 
for Fe-H-Co and Fe-H-Ni. The results are listed 
in Table IV and represented in Fig. 7. The lines in 
Fig. 7 are drawn to have the same shape as those in 
Fig. 6, since the few values of ex seem to be fairly 
close to eX. 

Experimental methods for solubilities of gases 
are usually simple, and the results are valuable in 
thermodynamics of alloys. It is therefore unfortu- 
nate that the solubilities of nitrogen and hydrogen, 
which are fruitful fields of investigation, have been 
neglected. 

Fe-O-X Systems—Interaction parameters of oxy- 
gen are presented in Table V and Fig. 8. The values 
of e6 for carbon, are from the equilibrium data for 


Table VI. Values of eX and et at 1600° C 


% ALLOYING ELEMENT 


Fig. 5—Effect of alloying elements on the solubility of 
nitrogen at 1600°C. 
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Xx €5 e References Method 
Cc 5.4 0.11 14 H, +S=H,S 
N 7.9 0.14 Estimated from 
es in Fig. 6 
3.5 0.06 Average of e* 
for C and O 
0 0 67 
0 0 68 Effect of S on 
132 2.0 69 solubility of O 
Al 6.1 0.055 75 H,+S=H,S 
Si 7.5 0.065 13, 75 H, +S=H,S 
5.4 0.042 75, 80 Ho 
Mn —5.7 —0.025 H, +S 
Ni 0 0 78 H, +S=H,S 
Cu —3.1 —0.012 79 H, + S=H,S 


*For the atomic numbers see Table I. 
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Fig. 6—Variation of ex with the atomic number of elements 
at 1600°C. Broken line is uncertain. See text for num- 
bered points. 


CO + O = CO, and COz + C = 2CO by Marshall and 
Chipman® (point 1 in Fig. 8) and Turkdogan et al. 
(Point 2). The value computed from Herasymenko*” 
(Point 3) falls outside Fig. 8. The result for eo is 
either zero or a negative quantity as mentioned 
earlier. For boron, es is estimated from the 
figure. 

The values of as for Al and Si are calculated from 
Gokcen and Chipman,°*’** P from Bookey et al.®° 
(Point 4), and Pearson and Turkdogan®® (Point 7), 
all from Hz + O = H,O; for S, from H, + S = H2S, by 
Matoba and Uno®’ (Point 5), and from the effect of 
sulfur on the solubility of oxygen, by Buzhek and 
Samarin®® (also Point 5) and by Hilty and Crafts°® 
(Point 6). It is evident that e? from Bookey et al., 
and e° from Hilty and Crafts do not fit the pattern 
represented in Fig. 8. 

For V, the parameter ey is from Dastur and 
Chipman’; Cr, from Chen and Chipman,” and 
Turkdogan;” Mn, Co, and Ni, from Thiery,” Flori- 
dis,’° and Wriedt™ with Chipman; all from H, + O = 
H,O. The value for Ti is a very rough estimate 
from the curve. 

Fe-S-X Systems--The interaction parameters of 
sulfur, obtained from the investigations on Hz + S = 
H,S, are shown in Table VI. The results are ob- 
tained as follows: C is from Morris and Buehl;* 
O, from Matoba and Uno;*” Al, P, Si, and Mn, from 
Sherman and Chipman;” Si and Mn, also from 
Morris and Williams,” and Morris,” respectively; 
Ni from Cordier and Chipman; Cu, from Rosen- 
qvist and Cox.” 
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Fig. 7—Variation of ea with the atomic number of elements 
at 1600°C. Broken lines represent uncertainty. 


Buzhek and Samarin®® found that sulfur has no ef- 
fect on the solubility of oxygen, hence e¢ = €5 = 0, 


0,2 


L 
5 10 15 20 25 30 


ATOMIC NUMBER 


Fig. 8—Relationship between ee and the atomic number of 
elements at 1600°C. Broken lines represent uncertainty. 
See text for numbered points. For e®, the plotted value 
is arbitrarily chosen from Ref. 6, for the other point see 
Fig. 1. 


VOLUME 218, JUNE 1960-539 


S .08 
si) 
| 
| 
| O<—| Cr, 
| 
ig Wg - 
Al 
\ 
lO 15 20 25 30 16 | 
| 
= 
| 
| 
| 


though they admitted that sulfur might have caused 
a small error in their oxygen analysis. This value 
is in marked disagreement with that computed from 
Hilty and Crafts.°’ The value for nitrogen is a rough 
estimate. Available values of the interaction pa- 
rameters of sulfur are not adequate, and in some 
cases subject to errors;” hence it is difficult to 
establish a graphical relationship with the atomic 
number of elements. For this purpose, additional 
investigations on Be, B, O, Al, P, Ti, V, and Cr 
are necessary. 


CONCLUDING REMARKS 


It has been shown that in the binary and ternary 
systems in which iron is the solvent, the interaction 
and carbon saturation parameters vary in a peri- 
odically regular manner. Further, these param- 
eters for the ternary systems decrease with in- 
creasing stability of compounds between the solute 
atoms. Thus ¢%, €y, and en decrease with 
increasing tendencies of elements, X, to form stable 
carbides, nitrides, hydrides and oxides. The same 
conclusion is undoubtedly applicable to ee. 

The set of patterns elucidated in this paper isa 
consequence of the periodic Law of Mendeleef, 7.e., 
all physical and chemical properties of elements 
exhibit periodicities which are related to the 
atomic number. Among many such properties are 
ionization potentials, valencies, atomic diameters, 
densities, melting points, and heats of phase 
changes. 

By means of foregoing correlations it is possible 
to discard certain sets of data for an element if 
they are completely discordant and thus select the 
better fitting data, provided that the periodic cor- 
relations are based on adequate and reliable data. 
In addition, either by extrapolation or interpolation, 
it is possible to make approximate predictions of 
the parameters of elements for which there are no 
experimental results. 
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A Liquid Phase Coating for Molybdenum 


The concept of using a phase that is liquid at service 
temperatures as a component of coatings for refractory 
metals has been described. The liquid, an alloy of gold 
and silicon, is retained ona molybdenum surface by a 


capillary system made of molybdenum disilicide. The 
coating has the advantage of good thermal shock and has 


a self-healing characteristic. 


In order for highly stressed structures to exceed 
a service temperature of 2000°F, it has become 
apparent that a development that does not depend 
on the traditional iron, cobalt, or nickel-base alloy 
is needed. Alloys of the refractory metals, i.e., 
molybdenum, tungsten, tantalum, niobium (colum- 
bium), and rhenium are potentially useful at ex- 
tremely high temperatures that more conventional 
alloys would never be expected to achieve. A new 
alloy of molybdenum has become available that has 
a 100-hr rupture strength of 35,000 psi at 2200°F.? 
As a result of this work, it may be assumed that a 
material with adequate mechanical properties at 
2200°F is now available. Unfortunately, this alloy 
and_all other known alloys of the refractory metals 
suffer from not being serviceable in an oxidizing 
atmosphere for a very long time. 

In order to permit general use of refractory 
metals at high temperatures, it is necessary to 
prevent destructive oxidation by appropriate alloy- 
ing or by protective coatings. The liquid phase 
coating reported here is representative of a concept 
for the protection of metals that permits higher 
service temperatures and introduces a new group 
of materials for selection as coatings. 

Coating Requirements—Service conditions that 
represent potential applications for refractory 
metals vary considerably; however, it is possible 
to consider two conditions that are usually present. 
The refractory metal component must be heated to 
the service temperature at least once and usually 
frequently. When a solid coating is used, usually 
the coating and basis metal do not have the same 
coefficient of expansion. This difference causes 
thermal stress in the coating that is aggravated by 
rapid heating and cooling and eventually causes 
coating failure. The second consideration is the 


probability that there will be damage to the coating » 


by some environmental condition. In jet engines, 
for example, it is expected that large particles, 
stones, metal parts, and so forth, will strike a 
bucket at high speed and cut a hole in the coating. 
In addition to the above considerations, the coat- 
ing must also have other fundamental properties. 
Obviously, it must be oxidation resistant. In addi- 
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tion, it must prevent permeation of oxygen and sub- 
sequent oxidation of the basis metal at the interface. 
Also, diffusion of the basis metal to the outside sur- 
face and subsequent oxidation there must be pre- 
vented. Finally, the coating must not react with the 
basis metal to form a weak bond at the interface. It 
should be noted that the coating need not support a 
load; it must only remain intact. 

Liquid Phase Coating Design Factors—In the use 
of a liquid as a principal coating constituent, it would 
de expected that the two service conditions men- 
tioned above would be satisfied. A liquid would flow 
under the influence of the thermal strain developed 
by coating-basis metal expansion mismatch such 
that failure from this source would not be expected 
to occur. It is also probable that the ability of a 
liquid to flow would provide a self-healing effect. 
Thus, damage caused by particles in the atmosphere 
would be repaired. A third advantage is evident in 
that vapor pressure rather than melting point limits 
the service temperature. This latter advantage per- 
mits use of low melting but oxidation resistant met- 
als such as gold or copper that would be quite use- 
less if the solid state was required. 

A low viscosity liquid alone, however, is a totally 
unsuitable coating because it will simply flow off a 
component, particularly under the influence of a high 
acceleration field. A method of preventing liquid 
loss must be devised. In this case, it is desired 
that the liquid have a low viscosity so that it may 
easily flow into flaws; thus, raising the viscosity 
is not a satisfactory solution. 

One other inherent difficulty is caused by the 
high mobility of atoms in the liquid state as com- 
pared to the solid state. Because of this mobility, 
it would be expected that gases would diffuse more 
rapidly through a liquid. It is also probable that the 
solubility of oxygen in the liquid would be compara- 
tively high. These factors would tend toward rapid 
permeation of oxygen and oxidation of the substrate. 
It is most reasonable that this problem could be 
solved by incorporating a solid phase, which is im- 
permeable to gases, as a component of the coating. 

To overcome the tendency of a liquid to flow 
easily, it is possible to use surface tension to ad- 
vantage. If the surface were made up of a large 
number of capillary tubes of sufficiently small di- 
ameter, then surface tension would hold the liquid 
even against the acceleration of a centrifugal field. 
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The size of the capillary that is required to accom- 
plish this has been calculated using the following 
assumptions: 

a) The liquid has the same surface tension as 
gold at 1960°F (600 dynes per cm)* and wets the 
capillary tube with a zero contact angle. 

b) An acceleration of 5.52 x 10° ft per sq sec 
has been assumed. This is equivalent to the ac- 
celeration at the tip of a turbine bucket on a 40-in. 
diam turbine rotating at 5500 rpm. The required 
capillary size can be expressed by: 


ahp 
where 
y = capillary radius 
y = surface tension 
a = acceleration 
h = height of capillary 
p = density of liquid 


From the above, it can be concluded that a cap- 
illary radius of about 1 yu will sustain a height of 
0.38 mm (0.015 in.). This capillary height is not 
smaller than a reasonable thickness for a coating. 

A diameter of 1 yw is also a feasible goal for the 
pore size in a powder metallurgy product. Thus, it 
is apparent that a reasonable thickness of liquid can 
be maintained on a metal surface by capillary action 
if a pore size of the order of 1 uw can be achieved. 

In the selection of a liquid phase to fill capillaries, 
earlier experience had indicated that a silicon-bear- 
ing alloy might be of interest. In this early work 
experiments had been performed on synthesizing the 
silicides of molybdenum, Mo,Si, and Mo,Si,, and 
MoSi, by immersion of a molybdenum sample in a 
molten copper-silicon bath. It was noted that coat- 
ings of Mo;Si and Mo,Si, prepared in this way were 
not oxidation-resistant at 2200°F, but that adherent 
oxidation resistant coatings of MoSi, could be pre- 
pared. It was concluded that a copper-silicon bath, 
with enough silicon to form MoSi,, when in contact 
with molybdenum, might be a good liquid phase for 
the coating. 

Molybdenum disilicide is known to have good 
oxidation resistance at very high temperatures, but 
its poor resistance to mechanical and thermal shock 
has limited its usefulness.* In this case, however, 
it offered interesting possibilities. It would pro- 
vide a good oxygen barrier layer that would be 
oxidation resistant itself, a convenient liquid was 
available from which it would form, and it would be 
possible to construct the capillary layer of molyb- 
denum. 

It was soon discovered, however, that a sample 
of the copper-silicon alloy was not oxidation re- 
sistant at high temperatures. This meant that 
even though an oxidation resistant solid material 
was available, the liquid copper-silicon alloy would 
be lost by oxidation of the copper. As a result of 
this experiment, it was decided to try an alloy of 
Silicon that was intrinsically oxidation resistant, 
gold. It was found that a gold-silicon alloy worked. 

Preparation—In order to construct a coating that 
will meet the above requirements, it is necessary 
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to obtain two configurations. A layer of material _ 
containing a largenumber of small capillaries coated 
over the molybdenum basis metal, and a liquid phase 
must be placed within these capillaries. 

The processing procedure used to fabricate the 
capillary system is relatively simple. Powdered 
molybdenum is used to obtain the desired structure. 
A slurry consisting of molybdenum powder with an 
average particle size of 2 to 4 » suspended in water 
is prepared, and the molybdenum part to be coated 
is dipped in this slurry. After drying, it is possible 
to apply additional layers of powder so that any de- 
sired thickness can be obtained. This powder layer 
is subsequently sintered at 2550°F to provide 
strength in the surface layer and to obtain a good 
bond between the molybdenum basis metal and the 
coating. The resulting structure consists of about 
60 vol-pct Mo and 40 vol-pct porosity. 

The liquid phase is a gold-base alloy containing 
an addition of about 2.5 wt pct Si. This alloy begins 
to melt at 700° F and is completely molten at 1650°F. 
The gold alloy is impregnated into the molybdenum 
by dipping the coated specimen into the melt at 
2550°F. The gold-silicon alloy wets the molyb- 
denum well so that all pores are filled immediately. 
Because of the tendency of uncoated molybdenum 
to oxidize, it is necessary to perform this im- 
pregnation in an inert atmosphere or vacuum. The 
specimen is held in the Au-Si bath for about 1 min 
so that all of the molybdenum powder reacts to form 
MoSi,. There is also a layer of MoSi, at the coating- 
basis metal boundary. Because there is a large 
volume of Au-Si alloy in the crucible, the composi- 
tion of the liquid in the pores can be maintained at 
about the 2 pct Si livel. This represents a high 
enough silicon activity so that MoSi, will form if 
the alloy comes in contact with freshly exposed 
molybdenum. 

The structure of the coating is shown in Fig. 1. 
The dark phase which has patches of black in it is 
the gold-silicon alloy, while the lighter phase is the 
matrix of MoSi,. The top of the photograph is near 
the outer surface of the coating, and most of the 
coating cross section is shown. It is interesting to 
note that near the outer surface the capillaries are 
significantly smaller and there appears to be less 
liquid there. A satisfactory explanation of this 
circumstance has not been developed, but it is a 
general observation. It is of interest because the 
effective capillary size is that at or near the sur- 
face, 7.€., the holes must be small enough to pre- 
vent the liquid from getting out. 

Test Results on Liquid-Phase Coating—Four kinds 
of tests have been performed on this Coating. They 
are continuous exposure to oxidizing atmospheres, 
thermal shock, impact, and tensile tests. 

a) Oxidation Resistance—A specimen with a coat- 
ing thickness of about 0.010 in. was placed in a 
platinum-wound furnace in flowing air at a temper- 
ature of 2500°F. After 1000 hr there was a negli- 
gible change in weight, and the test was stopped 
without the specimen having failed. It should be 
noted that during the test this specimen was cooled 
to room temperature in order to weigh and measure 
the thickness, simply by removing from the furnace 
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and air cooling. It was reheated to 2500°F by plac- 
ing directly in the hot zone of the furnace. This 
thermal cycle was performed about 20 times during 
the test. The specimen was used later for thermal 
shock tests. 

Oxidation tests were also run in the temperature 
range of 1000°F. This was done because it was 
known that MoSi, tended to have poor oxidation re- 
sistance at these temperatures.’ 

The behavior of molybdenum disilicide on heating 
in air is curious. There appears to be two kinds of 
failure that can occur. At 900°F the compound de- 
composes to a powder that is the same composition 
as the original compound and is not appreciably oxi- 
dized. This behavior has been called the ‘‘pest.’’* 
Between 1000° and 1800°F the compound oxidizes 
rapidly so that it would not be a good protective 
coating. Above 1800°F its oxidation resistance is 
very good. 


The behavior of the liquid phase coating in this 
temperature range is shown in Fig. 2. Specimens 
for these tests were initially heated to 2200°F in 
air for 1 hr, cooled to room temperature, and then 
heated to the test temperature. Failure was de- 
tected by reheating to 2200°F and noting the oc- 
currence of smoke. 

The results indicate that the coating does suffer 

the same disadvantage as MoSi, although it does not 
' seem to be as severe. At 1300°F the coating has 
virtually no life. The upper and lower limit of this 
behavior is 1550° and 1150°F, which is a smaller 
range than observed by Fitzer.* 

Although this behavior does prohibit use of the 
coating between 1150° and 1550°F, it does not seem 
to affect operation above these temperatures. Also 
it does not prevent heating and cooling through this 
range as evidenced by the fact that the specimen 
tested at 2500°F was repeatedly heated and cooled 
to room temperature without failure. 

b) Ballistic Impact Resistance—Impact tests were 
performed by heating a coated specimen with a gas- 
oxygen torch to the desired test temperature and 
impelling particles at it with a 22-caliber pistol. 
This pistol was powered by compressed gas so that 
it was possible to vary the velocity of the projectile 
over a considerable range. The projectile used was 
a 22-caliber lead slug that was capped with a hard- 
ened steel tip, ground to a radius of 7/2 in. at the 
front end. Because the pistol barrel was rifled, the 
projectile always struck the specimen with the steel 
tip and with the projectile axis perpendicular to the 
specimen surface. The total weight of the projectile 
was 1.268 g. Coatings of three different thicknesses 
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Fig. 2—Oxidation resistance of the liquid phase coating at 
1000° to 1600°F. 


were tested: 0.005, 0.015, and 0.020 in.; and at 
three temperatures, 1800°, 2000°, and 2450°F. The 
highest projectile velocity which did not cause pen- 
etration through the coating (and oxidation of the 
molybdenum) was recorded. These results are 
presented in Fig. 3. 

Similar tests have been run by Blanchard.° Here 
a spherical projectile of lower mass and higher 
velocity was used. However, without a satisfactory 
damage criteria for impacting particles upon a pro- 
tective coating, direct comparison of the results 
may be misleading. For example, the relative im- 
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Fig. 3—Impact resistance of liquid phase coating. 
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Fig. 4—Tensile bar of molybdenum coated with liquid 
phase coating. Strained 1 pct at 2000°F. 


portance of the kinetic energy, the energy exchange 
of the impacting particle, the geometry of the par- 
ticle, and the angle of impact are not known. In the 
present tests, the direction of the particle was nor- 
mal to the surface, and the rebound energy was so 
slight as to be neglected. 

If energy is used as a basis for comparison, dis- 
regarding rebound energy, then the results of Blan- 
chard fall between the data for the 0.015- and 0.020- 
in. coatings at 1800°F. (Blanchard’s tests were run 
at 1800°F.) The respective energies are 2.25 x 10” 
ergs for the 0.020-in. coating, 1.72 x 10’ ergs for 
Blanchard’s test, and 0.995 x 10” ergs for the 0.015- 
in. coating. 

c) Thermal Shock—In this test a panel */s in. sq 
and 0.100 in. thick with slightly rounded corners 
was coated with about 0.010 in. of coating. The 
panel was heated near one end with a gas-oxygen 
torch to 2500°F, The specimen was held at 2500°F 
for 5 sec and then quenched in a stream of water to 
room temperature. The average heating rate was 
estimated as 120°F per sec and the cooling rate as 
140°F per sec. Under these circumstances, a 
freshly prepared specimen failed after 88 cycles. 
The specimen which had been subjected to 1000 hr 
in air at 2500°F was also tested under these condi- 
tions. This specimen withstood 55 of these cycles 
before failure was observed. It should be noted that 
this specimen also received 20 relatively slow 
cycles from room temperature to 2500°F during 
the oxidation test. 

d) Tensile Tests and Self Healing—It was recog- 
nized that in some applications, the refractory metal 
substrate would be subjected to considerable plastic 
deformation during service. It is also known that 
MoSi, is brittle at relatively high temperatures. 
Tensile tests were run to determine how much the 
liquid phase would compensate for the lack of 
ductility of MoSig. 

Tensile bars were prepared from a hot, cold- 
worked bar of an alloy of molybdenum of the fol- 
lowing composition: 


C Mo 


1.25 0.20 0.15 Bal. 


This alloy has a recrystallization temperature above 
2550°F so that application of the coating would not 
cause recrystallization and embrittlement. These 
bars were coated with 10 mils of the liquid phase 
coating and tensile tested at various temperatures. 
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Samples were strained 1, 3, and 6 pet at 1600° and 
2000°F in vacuum at a rate of 0.01 in. per in. per 
min. A strain of 6 pet is about the limit for uniform 
strain prior to necking for this alloy. After plastic 
straining, the samples were held at 2200°F in flow- 
ing air. The samples all survived more than 60 hr 
and were not observed to have failed. In order to 
compare with the deformation of the specimen in 
vacuum, one of the samples was bent in air at 
1600° F to about 3 pct strain in the outer fiber. 

This sample was then subject to 63 hr in air at 
2200°F without failure. 

One of these samples was tensile tested at room 
temperature. Under this circumstance, the coating 
and alloy were brittle even though the alloy was 
cold worked. This was not unexpected because of 
the notch sensitivity of molybdenum. 

Despite the ductility of the molybdenum at 1600° 
and 2000°F, the coating was not ductile at either 
temperature. Cracks formed in the coating and be- 
came broader with increasing amounts of strain. A 
photograph of one of the samples, Fig. 4, shows the 
effect of 1 pet strain at 2000°F. Notice that a crack 
has formed near the lower end of the gage section. 
(The irregularity of the surface of this specimen is 
caused by an excees amount of gold.) These cracks 
broadened to the extent that cracks as much as 
0.040 in. wide formed at 6 pct strain. The speci- 
mens did not oxidize at these cracks however. 

The above result suggested that a self-healing 
quality was actually present. To check this further, 
an attempt was made to drill a hole through the 
coating and cause failure. The hole was cut with 
a power drill with a conical emery stone tip on a 
rectangular sample held in a vise and heated with 
a gas-oxygen torch. It was found that a hole as 
much as ¥, in. in diam could be drilled through the 
coating without failure, if this was done above 
1500°F. If a hole was drilled at room tempera- 
ture, continued oxidation at that point occurred. 
Apparently, immediate influx of the liquid to the 
damaged area is needed. 


CONCLUSIONS 


The objective of this work was to demonstrate 
that a liquid phase coating would have significant 
self-healing and good thermal-shock resistance. 
Evidence has been given to support the achievement 
of this objective. In addition, it has been shown that 
the use of a liquid coating permits higher service 
temperature in metals than heretofore. 

The coating does have two disadvantages that 
would prohibit its use for certain applications. It 
makes molybdenum brittle at room temperature and 
has poor oxidation resistance between 1150° and 
1550°F. The room temperature brittleness problem 
is one that is present in most other coatings for re- 
fractory metals that have had some success and so 
may be tolerable in this case. Although the poor 
oxidation resistance does prohibit prolonged ser- 
vice between 1150° and 1550°F, it should be noted 
that heating and cooling at relatively slow rates 
through this range is possible. 
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Kinetics of Hydrogen Reduction of Magnetite 


Samples of snythetic magnetite were veduced in hydrogen at 
various partial pressures and temperatures. The reaction was 
found to be surface controlled and directly proportional to hydro- 
gen partial pressure over the temperature range studied (400° to 
1000°C). A transition in the mechanism occurred at approxi- 


mately 590°C. This has been attributed to a change in the slow 
step of the reduction reaction resulting from the presence of 
stable wistite at higher temperatures. Below 590°C the heat of 


J. M. Quets 
M. E. Wadsworth 


activation for the reduction was found to be 14,700 cal per mole 


and it was 3,200 cal per mole above 590°C. 


Tue reduction of the oxides of iron has been a sub- 
ject of study and interest for many years. Edstrom’ 
has reviewed the work up to 1953 and his findings 
provide much basic information concerning details 
of the reduction of hematite (Fe,0,) and magnetite 
(Fe,0,) with both H, and CO. He concluded that be- 
low 600°C the reduction of both hematite and mag- 
netite was essentially identical, since the rate was 
controlled by a surface reaction at a magnetite gas 
interface and the iron formed was very porous. The 
decrease in the reduction rate for both hematite and 
magnetite immediately above 600°C was attributed 
to the formation of a stable wiistite phase across 
which diffusion was very slow. The wide difference 
in reduction kinetics for hematite and magnetite 
above 600°C was explained in terms of the char- 
acter of the wtistite formed. The rate of magnetite 
reduction increased slowly with temperature beyond 
the minimum immediately above 600°C and rates 
equivalent to those observed at 550°C were not ob- 
tained until the temperature was increased beyond 
850 °C. 

Edstrom and Bitsianes” studied the solid-state 
reduction of magnetite, the reaction of which can be 
written 


(4x -3) Fe + Fe,O0,—4 Fe,O [1] 
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where is between 0.83 and 0.95. The rate was 
found to be controlled by the kinetics of transport 
of iron ions through the wiistite phase. 

| Bogdandy and Riecke® studied the kinetics of 
reduction of small grains of iron oxide in hydrogen 
and qualitatively attributed the slow step in the re- 
duction process to the diffusion of hydrogen and 
water vapor through pores. 

McKewan* has analysed the data of Joseph,” 
Stalhane and Malmburg,° and Lewis’ and has demon- 
strated that the kinetics of reduction of both hema- , 
tite and magnetite are controlled by surface reac- 
tions and also that the variation in surface area 
during reduction must be accounted for. McKewan 
was able to correlate the reduction data by the equa- 
tion 
do{1=(1= = Kt [2] 


where 7, is the initial particle radius, d, is the den- 
sity of the iron oxide, R is the fraction reduced at 
time t, and K is a rate constant. The applicability of 
Eq. [2] for temperatures above 600°C where a stable 
wiistite phase is present, indicates the slow step in 
the over-all kinetics does not result from diffusion 
unless diffusion occurs laterally along the oxide 
metal interface or through a wistite layer of con- 
stant thickness. Diffusional control through a layer 
of wustite is unlikely, however, in view of the pres- 
sure effects demonstrated by Tenenbaum and Joseph, ® 
Diepschlag,° McKewan,’*° and the results of the pres- 
ent study. McKewan has demonstrated a linear rate 
dependence on the hydrogen partial pressure over 
the temperature range 400° to 1050°C for the reduc- 
tion of hematite. 
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Fig. 1—Weight change per unit area vs time for the reduc- 
tion of magnetite sheet samples at several temperatures. 


SAMPLE PREPARATION 


Dense samples of magnetite were prepared from 
spectrographically pure iron sheet and reagent grade 
hematite. * The samples were suspended by platinum 


*Supplied by General Chemical Division, Allied Chemical and Dye 
Corp. 


wires or placed in platinum boats and were converted 
to magnetite in a flowing atmosphere containing 95 
pet water vapor and 5 pct H, at 750°C for 2 hr. The 
samples prepared from the sheet iron were approxi- 
mately 2 cm by 1.5 cm by 0.01 cm in dimension. 
Disk samples were prepared by pressing approxi- 
mately 1.5 g of finely divided hematite in a 1.56-cm 
diam press at a pressure of 1 ton per Sq cm. One 
percent of a polyvinyl alcohol was added as a binder 
along with 5 pct moisture. The binder decomposed 
and volatilized at the time the sample was converted 
into magnetite. After conversion to magnetite the 
samples were very porous. The atmosphere within 
the furnace was changed to purified nitrogen and the 
temperature was increased gradually over a 2-hr 


period to 1100°C. After 3 1/2 hr sintering time at 
1100°C the density had reached 95 to 96 pet of 
theoretical. Any pores remaining in the sample at 
these densities were not interconnected as evidenced 
by the fact there was no penetration porosity meas- 
ured by immersing the disks in boiling water for one 
hour. During sintering, sample shrinkage was ap- 
proximately 23 pct resulting in final disk dimensions 
of 1.2 cm diam by 0.25 cm thick. The grain size of 
the magnetite after sintering was relatively course, 
averaging between 200 and 300 y in diam. 

The sheet samples were very fine grained, having 


an average grain diameter of approximately 40 to 50 yp. 


X-ray examination of both sheet and disk samples 
showed peaks for magnetite only. The original hema- 
tite used in the disk samples contained in percent: 
insol. <0.2, SO; <0.2, NH,OH precipitated impur- 
ities <0.1, Cu < .005 and Zn <.005. Spectrographic 
analysis of the final magnetite samples indicated 

the following upper limits of impurities measured 
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Fig 2—Weight change per unit area vs time for the reduc- 
tions of magnetite disk samples at several temperatures. 


in percent: 1) sheet sample, Cr <0.0005, Cu <0.0001, 
Mg <0.0005, Mn <0.0001, Mo <0.005, Ni < 0.0005, 
Si < 0.005, Sn < 0.005, Ti < 0.0005, V< 0.0005; 

2) disk sample, Cu < 0.0001, Cr < 0.0005, major 
impurity Si with traces of Mn, Ti and V. 


EQUIPMENT 


The furnace used for reduction measurements was 
a vertical tube furnace with Kanthal windings. The 
temperature was controlled by means of a Leeds and 
Northrup Model H. Indicator and a Type P. A. T. con- 
trol unit. The furnace core was a ‘‘Zircum’’ tube 
(2.5 cm diam) which had pyrex extension tubes fused 
to each end. Pyrex stop-cocks were attached to the 
upper and lower extensions permitting a controlled 
flow of gases to pass over the samples from the 
bottom to the top. Thermocouple leads for sample 
temperature measurement passed through metal 
seals in the bottom pyrex extension. Temperature 
measurements were made with a Leeds and Northrup 
Model 8667 Potentiometer. Weight changes were 
measured by means of a McBain balance which con- 
sisted of two 5-g capacity quartz springs mounted in 
series in the upper glass extension. The spring 
could be raised and lowered by means of a glass 
winch. The spring was attached to the winch with a 
fine gold chain and the samples were suspended from 
the spring by links of Kanthal wire. Spring extension 
was measured with a Gaertner cathetometer per- 
mitting determination of weight changes as small as 
0.02 mg. 

Partial pressures of hydrogen were controlled by 
mixing with nitrogen. Purified hydrogen and nitrogen 
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were metered separately through calibrated capillary 
flow meters with a total flow rate of approximately 
0.5 liter per min. 


RESULTS AND DISCUSSION 


The rate of reduction of magnetite over the tem- 
perature range 400° to 1000°C was directly propor- 
tional to the surface area of the metal-oxide inter- 
face. The thin sheet samples were not corrected for 
variation in surface area during the course of the 
reaction since the variation was slight and within the 
experimental error of the method used. Fig. 1 il- 
lustrates a few typical runs obtained for the sheet 
samples reduced in pure hydrogen. Because of the 
thin sheets, the reaction time was very short making 
it difficult to obtain data at the higher temperatures. 
For this reason the disk samples were prepared. 
The variation in area in the case of the disk samples, 
however, was appreciable, making it necessary to 
correct reaction area as a function of the amount 
reacted. The linear and uniform ingress of the 
metal-oxide interface made it a simple matter to 
correct for area variation. Since all disk samples 
were of the same size an area calibration curve was 
prepared. Fig. 2 illustrates several runs obtained 
for disk samples reduced in pure hydrogen. The 
linear dependence was observed for all samples 
reduced in the temperature range 400° to 1000°C. 

It is evident from the linear dependence observed 
that diffusion through an oxide or metal layer of 
increasing thickness is not rate controlling in the 
reduction of magnetite. A cube, a sphere, and a disk 
were reduced at 700°C. The data for each of these 
followed Eq. [2] very closely. 

It might be expected that sintering of the iron 
product at higher temperatures would eventually 
prevent gaseous hydrogen from reaching the metal- 
oxide interface. However, even at 950°C no such 
inhibition was observed. Up to 600°C the reduced 
iron had not changed dimensions from those of the 
original disk in the time required for complete re- 
duction. The final porosity of the iron reduced at 


temperatures up to 600°C was approximately 54 pct. 
At 950°C the porosity of the iron had diminished 
slightly to 52.8 pct during the time required for 
complete reduction and at 1000°C the iron still had 
51.4 pet porosity after reduction. Sintering by bulk 
diffusion may begin at approximately one-half of 

the melting point of iron” on the absolute tempera- 
ture scale which is approximately 630°C. The 
strength of the reduced iron disks increased mark- 
edly above 500°C although no change in porosity was 
observable up to 600°C. 

A sharp change in the rate of reduction occurred 
between 585° and 592°C. As has been noted by 
others,’ the change in kinetics is invariably associ- 
ated with the presence of a stable wiistite phase. 
Actually wustite is thermodynamically stable above 
570°C, however, the FeO layer is either nonprotec- 
tive or is not present between 570° and 585°C. 
Edstrom and Bitsianes* have demonstrated that 
above 600°C iron diffusion through wiistite is fast 
enough to maintain bulk wiistite during magnetite 
reduction. This, however, may not be true at 
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Fig. 3—Partial pressure effects on the reduction of mag- 
netite in hydrogen at several temperatures showing linear 
dependence. 


higher partial pressures of hydrogen. The decrease 
in rate above 585°C is illustrated by the 592° and 
600°C curves of Fig. 2. At temperatures above 
600°C, the rate of reduction increased with tem- 
perature and at 900°C the rate was again as fast 

as that observed at 585°C. 

The effect of hydrogen partial pressure is il- 
lustrated in Fig. 3. The rate was found to increase 
linearly with hydrogen partial pressure over the 
entire temperature range studied (400° to 1000°C). 
A linear increase in rate with hydrogen partial 
pressure would not occur if bulk diffusion were © 
rate controlling. The change in weight (Aw) with 
time may be expressed by the equation 


d Aw 
where Aw refers to a negative weight change, A is 
the surface area, Py, the hydrogen partial pressure, 
and K the rate constant. If Aw is measured in 
grams, in seconds, A in sq cm, and F, in at- 
mospheres, K has theunits g cm “sec atm™’. 
Values of K may be determined from the slopes of 
curves plotted in Figs. 1 and 2. 

The reduction of the iron oxide may be repre- 
sented by the reaction 


loxide + H, = \|" — Fe + H,O [4] 


where ioxide refers to the oxide surface and ||" 
represents an activated complex, the concentration 
of which limits the rate of reaction. According to 
absolute rate theory ** the number of species which 
react per second per sq cm according to Eq. [4] may 
be represented by 
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Fig. 4—Logarithmic plot of rate constant K vs reciprocal 
temperature showing variations in the kinetics of magne- 
tite reduction with temperature. 


RT 
[5] 


where C’° is the concentration of activated complexes 
( ||?) per sq cm of the surface, k and /# are the 
Boltzmann and Planck constants, tespectively,-a and T 
is the absolute temperature. If Kt is the equilibrium 
constant for the reactants and activated complex of 


Eq. [4] 


where ¢ is the concentration (| oxide) of reactive 
sites on the oxide surface in no. per sq cm, [H,] is 
the concentration of hydrogen in the gas phase, and 
AF* is the free energy of activation. Eq. [5] becomes 


= [He] [7] 


where k’ is the specific rate constant and is equal to 
kT K*/h. Converting Eq. [7] to the rate of weight loss 
and assuming the perfect gas law to apply, 


d Aw _ adn 
N [8] 
where RA is measured in liter atmospheres per de- 
gree, M is the atomic weight of oxygen and N is 
Avogadro’s number. From Eqs. [3], [6], and [8] 


e-AFt/RT = eASt/R 


[9] 
where AH? and AS? are the enthalpy and entropy of 
activation, respectively. 

Fig. 4 is a plot of the logarithm of K ing cm 
sec ‘atm~'vs reciprocal temperature. Below 585°C 
the lower curve corresponds to rates observed for 
sheet samples and the upper curve to disk samples. 
Where a sample was run at several partial pres- 


-2 
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sures at one temperature, the slope of the rate-pres- 
sure plot, Fig. 3 is plotted in Fig. 4. The slightly 
greater rates observed for disk samples probably 
results from the greater concentration of impur- 
ities, The maximum in the rate between 585° and 
592°C represents a temperature just below the 
temperature at which the Fe,0, interface is pro- 
tected by a layer of wustite while forms according 
to Eq. [1]. Therefore below the maximum and in 
agreement with Edstrom? the slow step in the re- 
duction process represents the surface reaction of 
magnetite with hydrogen. Above the maximum, the 
over-all slow step in reduction is controlled by the 
surface reaction of wistite with hydrogen. The 
enthalpy (AH*) of activation for magnetite reduction 
(below 590°C) is 14,700 cal per mole and the en- 
thalpy of activation for wustite reduction (above 
590°C) in the a-iron region is 3200 cal per mole. 
McKewan”’ observed a similar shift in kinetics for 
the reduction of hematite in hydrogen between 550° 
and 600°C. In the lower temperature region his 
value of heat of activation was 14,900 cal per mole. 
The close correlation with the 14,700 cal per mole 
measured for magnetite indicates the reaction in- 
volves the direct surface reduction of magnetite 
in both cases. 

A separate experiment was carried out on the 
reduction of a wistite disk at 800°C to demonstrate 
that the kinetics of reduction of dense magnetite 
above 585°C involves the slow process of wiistite 
reduction formed as an intermediate phase. The 
wustite was prepared by partially reducing a magne- 
tite disk below 585°C and then raising the tempera- 
ture to 800°C with the disk under nitrogen to prevent 
further reduction. The solid-state reaction between 


the magnetite and the metallic iron produced wustite 
according to Eq. [1]. The wustite prepared in this 
way was then reduced in pure hydrogen at 800°C to 
see if the rate checked that obtained for the reduc- 
tion of the dense magnetite at 800°C. The rate of re- 
duction of the magnetite at 800°C was 5.90 x 10°°g 


cm” sec * atm™* and the reduction of the wustite was 
5.43 x em’ * sec * atm™* providing a close 
check. 


Deviation from the normal temperature coefficient 
occurs above the temperature for the a-iron to y- 
iron transition. The fact that the rate is sensitive to 
the crystal structure of iron produced is interesting, 
particularly in view of the fact that wustite reduction 
is surface controlled. These results strongly suggest 
that diffusion of iron away from and to the oxide sur- 
face is included in the rate controlling process. This 
view is further supported by the low enthalpy of acti- 
vation in the wustite region. The 3200 cal per mole 
probably represents the sum of several enthalpies 
and may include the enthalpy of hydrogen adsorption 
which would be negative. Similarly the apparent 
14,700 cal per mole measured for magnetite re- 
duction may include several enthalpies from associ- 
ated equilibria or steady-state processes. 

The value of AS* and ¢ cannot be determined 
separately by means of Eq. [9]. without certain as- 
sumptions. The product ¢¢45*/R, however, may be. 
Using 500°C as a basis for computation with a cor- 
responding rate of 2.95 x 10°°¢ sec! atm7?! 
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and referring to a standard state of 1-atm pressure 
the product geAS'/® has the numerical value 9.28 

x 10°. This is accomplished by multiplying the right- 
hand side of Eq. [9] by RT and solving for the 

¢ eAS'/R product. If the reaction site is considered 
to be an oxygen atom having a diameter (A) of 2.8 

x 10 ° cm and assuming each surface atom to be re- 
active ¢ = 1/X = 1.29x 10" sites per sq cm. The 
calculated value of AS* is then-28.3 entropy units 
(e.u.). The major entropy change may be attributed 
to the loss of three translational degrees of free- 
dom of the hydrogen molecule in the gas phase since 
the loss of the rotational degrees of freedom would 
be balanced in measured by the additional vibrational 
modes in the adsorbed or activated states. Using the 
Sackur-Tetrode equation,** the AS? change resulting 
from the loss of the three translational degrees of 
freedom would be —32.6 e.u. which compares favor- 
ably with the —28.3 e.u. calculated above. Actually 
it is doubtful if every surface site is reactive. The 
interfacial porosity or surface roughness may be 
sufficient to reduce the true number of active sites 
to one in ten or even one in 100. 

A similar calculation in the wistite reduction re- 
-~ gion gives an abnormally large entropy change if 
every surface oxygen atom is considered to be re- 
active. Using the rate at 750°C (5.13 x 10°°g cm™? 
sec” atm™*) the calculated entropy is —42.6 e.u. 
which is unusually large. It is more likely that 
only avery few of the surface oxygen atoms are 
reactive at any given instant for wtistite reduction. 
If the —28.3 e.u. calculated from magnetite re- 
duction is used for AS‘, the number of reactive 
sites per sq cm would be 9.67 x 10" which cor- 
responds to approximately one reactive surface site 
in every 1000. 

It is interesting to compare the rate of movement 
of the Fe,0,- FeO interface with that of the FeO- Fe 
interface at 585°C, the approximate temperature 
corresponding to the maximum of the curve of Fig. 4. 
This may be done by extrapolating the data of 
Edstrom and Bitsianes’ and the FeO reduction data 
of the present study to 585°C. Converting the rate 
equations for the movement of each interface to rate 
of linear movement in cm per sec 


dx _ d(aw) 1 _ 


[10] 


where p is the density of wiistite (5.73 g/cm*) AX is 
the thickness of the wtistite layer in cm, and Rp is 
is the parabolic rate constant in Sq cm per sec. 
From the value of K at 585°C, Fig. 4, d/dt = 17.62 
x 10°°cm per sec and from the data of Edstrom and 
Bitsianes kp = 7.3010 *°sq cm per sec. The thick- 
ness of the wiistite (AX) by the calculation would be 
9.58 X 10°°cm or 445 atomic layers of the wiistite 
lattice. Actually no wiistite could be detected by 
X-ray or microscopic analysis at 585°C but the con- 
centration corresponding to this thickness would be 
negligibly small. The presence of wustite was just 
barely discernable at 600°C by X-ray diffraction. 
This suggests that the wistite must be at least 450 
atomic diameters thick before it becomes continuous 
and protective on the magnetite surface. 
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The important difference between the kinetics ob- 
served for hematite reduction and magnetite reduc- 
tion lies in the temperature range above 585°C. The 
heat of activation between 600° and 900°C is 15,130 
cal per mole for hematite*® and only 3200 cal per 
mole for magnetite. The larger value for hematite 
reduction indicates the kinetics in the higher tem- 
perature range still involves essentially the surface 
reduction of magnetite 7. e. the witistite formed is 
nonprotective. In the case of magnetite reduction the 
wustite formed becomes protective and the kinetics 
above 585°C (at 1 atm H, pressure) represent the 
surface reduction of wiistite. This view is strongly 
supported by the microscopic study of Edstrom?’ who 
showed clearly that the wiistite formed during hema- 
tite reduction was extremely porous and that the 
pores extended into the grain boundaries of the 
magnetite phase. On the other hand, the wiistite 
layer formed from a magnetite Sample is dense and 
nonporous. The decrease in rate near 600°C for 
hematite probably results from the wiistite which 
would decrease the effective magnetite area for 
reduction even though it does not form a completely 
protective layer. 


SUMMARY 


1) Synthetic samples of magnetite prepared from 
high-purity iron sheet and also from hematite were 
reduced in hydrogen at various partial pressures 
over the temperature range 400° to 1000°C. 

2) A sharp transition in the kinetics was observed 
in the temperature range 585° to 592°C. This has 
been attributed to the formation of a stable and pro- 
tective wustite layer over the magnetite surface. 

3) The rate increased linearly with hydrogen 
partial pressure over the entire temperature range 
studied. Below 590°C the rate of reduction is limited 
by the surface reaction at the Fe,O,- Fe interface. 
Above 590°C the rate is limited by a surface reaction 
at the FeO- Fe interface. 

4) In the magnetite reduction region below 590°C 
the enthalpy of activation was found to be 14,700 cal 
per mole and in the wiistite reduction region, above 
590°C, 3200-cal per mole. The low enthalpy for 
wiistite reduction and the abnormal increase in rate 
which occurs in the y-iron region (above 910°C) 
indicates the surface reaction is very complex, 
probably involving surface diffusion of iron away 
from and to the oxide-iron interface. 

5) From kinetic considerations it appears that es- 
sentially nearly every surface site on the magnetite 
surface is reactive with a corresponding entropy of 
activation of —28.3e.u. In the case of wtistite reduc- 
tion, approximately one site in every 1000 is reactive 
assuming the entropy to be the same as in the mag- 
netite reduction. 
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Use of Axis Distribution Charts to Represent 


Sheet Textures 


The use of axis charts for representing the texture of cold- 
rolled thorium sheet was compared with conventional pole figures. 
Four texture components were deduced from the axis charts and 
shown to be consistent with the pole figures. It was shown that 
consideration of the pole figures alone could lead to an apparent 
component which is the average of two actually present. It was 


also shown that the spread about the ‘‘ideal’’ textures and the 


C. J. McHargue 


amount of material associated with each could be veadily obtained 


from the axis chart method. 


Becausr of the crystallographic nature of the 
deformation mechanisms in metals, plastic flow 
results in the alignment of certain crystallographic 
directions with the primary flow directions. In the 
study of the ‘‘preferred orientation’’ thus developed, 
one wishes to discern the distribution of the crys- 
tallographic directions with respect to some refer- 
ence direction, usually a direction related to the 
fabrication procedure, such as the rolling direction. 

The pole-figure method, introduced by Wever,’* 
involves the plotting of the distribution of the poles 
of some family of planes on a stereographic pro- 
jection which places the reference direction(s) at 
the north pole and/or in the center. By noting the 
angles between the reference directions and con- 
centrations of poles on several such pole figures, 
one can deduce the crystallographic directions which 
are aligned with the reference directions. If the 
preferred orientation is relatively simple and well- 
developed, one to three pole figures may be suffi- 
cient for obtaining the desired information; if there 
are several texture components, more pole figures 
may be needed. 

A significant improvement in the method of 
representing the textures in wires and rods re- 
sulted from the introduction of the ‘‘inverse pole 
figure’’ or axis-distribution chart by Harris.” Such 
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a chart gives directly the distribution of the ref- 
erence axis relative to the standard stereographic 
projection. There has been widespread acceptance 
of this method for the representation of fiber tex- 
tures, and methods have been proposed for con- 
verting observed diffraction intensities into axis 
densities.”° 

The suggestion by Mitchell and Rowland® and 
Jetter, McHargue, and Williams’ that sheet textures 
could be represented as distributions of rolling, 
normal, and transverse directions have been crit- 
icized on the basis that they offer no significant ad- 
vantage over a combination of two ordinary pole 
figures and that it has not been proved that sheet 
textures can be treated as quasi fiber textures.® 

If the purpose of a texture determination is to 
study some property which is related to the ori- 
entation of a particular crystallographic plane or 
direction, then conventional pole figures certainly 
are sufficient. For example, the distribution of the 
slip planes in face-centered cubic metals (the {111} 
pole figure) serves to indicate the variation in me- 
chanical properties of sheet. On the other hand if 
the study is directed at an understanding of the 
factors influencing texture formation, it is desir- 
able to know not only the preferred orientation but 
the kind and degree of spread from it and the rela- 
tive amounts of material in each component, if there 
are more than one. Axis charts give this informa- 
tion as well as the orientation distributions. 


Consider the procedure for deducing a texture 
component from a pole figure for the {111} planes 
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of a face-centered cubic metal. If there is a 
concentration of poles at ¢,, a1 where ¢ is the 
angle between the reference direction and dif- 
fracting plane pole and a is the azimuthal angle, 
it is obvious that any crystallographic direction 
that lies ¢, deg from {111} could be aligned with 
the rolling direction. By consideration of several 
concentrations a direction can be found that lies 
b2, 3, and deg from the rolling direction. The 
crystallographic direction having these angular re- 
lationships to the {111} poles is taken to be aligned 
with the rolling direction. In a similar manner the 
plane that lies parallel to the rolling plane is de- 
duced. If there are several components present, 
the problem becomes more complicated. It is to be 
emphasized that the so-called ‘‘ideal’’ texture is 
deduced from the distribution of the poles of a few 
planes with respect to the reference directions. 

The use of the axis-distribution method for the 
determination of the distribution of the rolling, 
normal or transverse direction in sheet material 
is no different in principle from its application for 
a fiber axis distribution.*® Each reference direction 
is considered in turn as a separate problem. In 
order to be used most effectively, the data from all 
three distributions can be combined. As long as the 
orientation distributions are relatively sharp, the 
requirement that the rolling, normal, and trans- 
verse directions be mutually perpendicular allows 
one to deduce an ‘‘ideal’’ texture from the three 
charts. 

In the present paper, results on a thorium speci- 
men obtained by the pole-figure and axis-distribu- 
tion method are compared. 


PROCEDURE 


The material studied was thorium of the following 
composition: 0.009 pct C, 0.14 pct O,, 0.006 pct Nz, 
0.01 pct Fe, and 0.005 pct Si. A 3.125-in. diam billet 
was extruded to a 1 by 2-in. bar at 850°C and a por- 
tion of the bar was reduced 95 pct in thickness by ~ 
straight-rolling parallel to the extrusion direction 
at room temperature. This extrusion operation re- 
sulted in a texture which influenced the final orien- 
tation in the cold-rolled sheet. 

A 0.200-in. diam spherical X-ray diffraction 
specimen was prepared from a laminate of 0.050-in. 
thick sheet which had been bonded with an adhesive. 
In order to remove metal disturbed by the machin- 
ing operation, 0.010 in. of material was electro- 
polished from the diameter. This specimen was 
used to obtain X-ray data for the pole figures and 
the axis-distribution charts. 

Conventional pole figures were prepared for the 
{222} and {400} planes using the method described 
by Jetter and Borie’ whereby the specimen is ro- 
tated simultaneously through the angles ¢ and a 
thus producing a spiral path on the stereographic 
projection. These pole figures are shown in Fig. 1 
where the intensity contours are in arbitrary units. 

Axis-distribution charts for the rolling, normal, 
and transverse directions were deduced from pole 
charts (Ivs ¢). These pole charts were experi- 
mentally obtained for the following planes: {111}, 
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Fig. 1—Conventional pole figures for thorium sheet re- 
duced 95 pct in thickness by cold rolling. Texture com- 
ponents are noted by: A, M{001} <100>; A, {011} <100>; 
A, Cnear — {011} <211>; A, M@near — {113} <211>; @ near 
— {7, 12, 22} <845>. 


{200}, {220}, {113}, {222}, {400}, {133}, {420}, {422}, 
and {135}. The specimen was rotated rapidly around 
the reference axis (in turn the rolling, normal, or 
transverse direction), while the specimen was 
scanned slowly through ¢, the angle between the 
reference axis and the diffracting plane pole. The 
data from ¢ = 0 deg to ¢ = 90 deg for each of the 
ten pole charts were used in constructing the axis 
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Fig. 2—Axis distribution charts for rolling and normal 
directions. 


chart; thus each axis chart contains the informa- 
tion contained in eight conventional pole figures. 
The axis charts for the rolling and normal direc- 
tions are shown in Fig. 2 and have previously been 
shown in Ref. 8. The units in this figure are times 
random, é€.g., the axis density for a random texture 
is unity. 


DISCUSSION 


The procedure of rotating the specimen rapidly 
through the angle a when obtaining pole charts is 
equivalent to averaging the intensities in a pole 
figure for a = 0 deg to a = 360 deg at constant 
values of ¢. Thus one check of the data is the 
correspondence of pole charts experimentally ob- 
tained and those averaged from Fig. 1. Typical 
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Fig. 3—Normalized pole charts for {400} reflections. 
from observed data used in constructing Fig. 2. 
——-—- calculated from Fig. 1. ---- calculated from 
axis charts of Fig. 2. 


results are shown in Fig. 3 for the {200} reflection. 
Agreement of this nature between the observed 
X-ray data (solid line) and that calculated from 
pole figures (dashed line) was found for several 
planes. 

These data show that pole charts (I vs ¢) can be 
obtained directly from pole figures. It has been 
shown also that pole charts can be obtained directly 
from axis-distribution charts.° The reverse pro- 
cedure, é.g., to obtain axis charts or pole figures 
from pole charts, can only be accomplished at the 
present time by trial-and-error solutions. In each 
case, a distribution is assumed and the pole chart 
calculated and compared with the observed data. 
An important point in the construction of the axis 
charts is the use of X-ray data for the range ¢ = 0 
to 90 deg for at least eight families of planes in the 
face-centered cubic case. An acceptable axis chart 
is one that leads to the reproduction of the pole 
chart for each plane for the whole range. The 
agreement for one such chart used in the present 
study is indicated in Fig. 3, where the solid line 
indicates the observed data and the dotted line 
indicates that calculated from the assumed axis 
chart. 


The axis distribution charts of Fig. 2 show the 
distribution of the normal directions to have max- 
ima at <011>, <001>, and at a direction 3 deg from 
<113>, and the rolling direction maxima to be at 
<001>, <111>, and 2 deg from <112>. Since each 
point on the normal direction chart would be con- 
sistent with rolling directions that lie at any posi- 
tion on the locus 90 deg away, there is introduced 
an element of uncertainty. However, if we wish to 
consider ‘‘ideal textures,’’ e.g., the center of each 
maximum, this can be accomplished by considering 
those mutually perpendicular on the axis charts for 
the three reference directions: rolling, normal, and 
transverse directions. Such considerations lead to 
the conclusion that there are orientations centered 
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about the four components {001} <100>, {011} <100>, 
near — {011} <211>, and near — {113} <311>. An 
examination of the axis charts shows that there is 

a continuous spread of orientations between the 
{001} <i00> and near — {113} <2115 components. 

One orientation of each of these four components 
is shown on the pole figures of Fig. 1. The orienta- 
tion near — (7, 12, 22} <845> which was used by 
Hu, Sperry, and Beck’ to describe the pole figures 
for cold-rolled aluminum and used by Smallman’® 
to roughly describe the texture of cold-rolled 
thorium (99.5 pet pure) is also indicated. These 
two pole figures could be described by either the 
four components deduced from the axis charts or 
the near — {7, 12, 22} <845> component plus {001} 
<100>. However, the spread of the high intensity 
regions of the pole figures is better described by 
the four components. 

Consideration was given to the possibility that 
the pole charts could give rise to axis charts con- 
taining only near — {7, 12, 22} <845> and {001} 
<100>. The observed value of the axis density 
for the normal direction at the orientation {135} 
is shown to be 1.27 in Fig. 2(0). Since data for the 
{135} planes were recorded, and since the axis 
density at ¢ = 0 deg is equal to the normalized 
X-ray diffraction intensity at ¢ = 0 deg, this value 
of 1.27 contains no assumptions as to the type of 
axis distribution. Since the orientation {135} is 
closer to {7, 12, 22} than either {113} or {011}, it 
is apparent that the high values of axis density 
observed at these latter positions (2.60 and 3.07, 
respectively) cannot be due to spread from an 
orientation peaked near {7, 12, 22}. 

To further check this point, the axis density value 
at {135} was ignored and an axis distribution was 
assumed which had a maximum at {7, 12, 22} and 
fell to the observed values shown in Fig. 2(0) for 
the points {011}, {113}, {112} and {133}. Pole charts 
calculated from such an axis distribution did not 
show reasonable agreement with the observed pole 
charts. 

It is concluded that the four components deduced 
from the axis-distribution charts were actually 
present in the specimen of cold-rolled thorium 
sheet studied. While these four components are 
consistent with the pole figures, three of them 
would not have been deduced without the axis charts. 
It should be pointed out that the near — {7, 12, 22} 
<845> component is an approximate average orien- 
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tation between the near — {113} <211> and near 

— {011} <211> orientations. It is not implied that 
{7, 12, 22} <845> -type textures reported for many 
face-centered cubic metals may not exist in some 
cases. In the present case, the presence of several 
components can be explained in terms of the tex- 
ture present in the extruded bar from which the 
sheet was celd-rolled. 

Using the plots of J sin @ vs ¢ which were ob- 
tained in normalizing the observed intensities, the 
amount of each texture component was calculated 
by the method previously described.*® The relative 
amount of material that contained each the <100> 
and <211> directions parallel to the rolling direc- 
tion was determined from the charts for the rolling 
direction and the amount associated with {001}, 
{113}, and {011} was determined from the normal 
direction data. The figures obtained were 10 pct 
{001} <100>, 13 pct {011} <100>, 20 pct near — {011} 
<211>, and 50 pct near — {113} <211>. These figures 
represent the amount of material oriented within 
15 deg of the ‘‘ideal’’ textures. The remaining 7 pct 
lies outside these limits. 


CONCLUSION 


An example has been cited whereby four texture 
components were deduced from axis-distribution 
charts for the normal, rolling, and transverse di- 
rections of cold-rolled thorium sheet. These com- 
ponents were shown to be consistent with the con- 
ventional pole figures for the {222} and {400} planes 
but that one component deduced from the pole figure 
was an average of two of these and was not consis- 
tent with the observed pole charts. In addition, it 
was shown that the symmetry and degree of spread 
about the ‘‘ideal’’ textures could be readily deduced 
from the axis charts as well as the relative amount 
of each component. 
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A Study of the {1011} and {1013} Twinning Modes 


in Magnesium 


The lattice reorientations in {1011} and {1013} twins of pure 
magnesium have been investigated using polarized light. Both 
forms are subject to almost complete second-order twinning on 
the {1012\ plane of the first-order twin. The observed deviations 
of composition planes by 6 and 3 deg, respectively, from coherent 
twinning planes are caused by second-order twinning. The ex- 


perimental data indicate that {1011} and {1013\ are reciprocal 


twins with a twinning shear 0.136. 


Ina previous paper’ it was shown that the primary 
fracture mechanism in single crystals of magnesium 
strained in tension parallel to the basal plane is part- 
ing or fracture inside twins. In the temperature in- 
terval 25°to 286°C, the observed twinning form, domi- 
nant in fracture, was a very small twin which formed 
in bands. Because these twins were very small and 
appeared in extensively deformed regions they did 
not lend themselves to X-ray analysis. Lacking Cou- 
ling and Pearsall’s* recently reported polarized light 
technique for magnesium, the twinning plane in- 
dices (K,) were originally determined by two sur- 
face composition plane measurements. This plane 
fell in a major zone (axis <1120>) at an angle of 
05.75 deg to the parent crystal basal plane. Because 
its habit deviated by 6 deg from {1011}, 61.9 deg, the 
experimental data per se were not consistent with 
simple {1011} twinning and, for expedience, the 

twin was designated with habit plane indices {3034}, 
54.5 deg, representing the lowest set of indices cor- 
responding to measured angles. 

Couling, Pashak, and Sturkey* have also found 
bands of reoriented lattice with a similar habit in 
polycrystalline specimens of magnesium and cer- 
tain dilute magnesium alloys. These bands are 
significant because their formation in large num- 
bers during plastic flow permit specific magnesium 
alloys to undergo very extensive deformation by 
cold rolling. Using polarized light* they showed 
that the basal plane in the reoriented material was 
nearly parallel to the band habit and, as a result, 
proposed a mechanism for band formation involving 
a double twinning process in which {1011} twins 
form and then retwin according to {1012}. 

Because of the obvious similarity between the 
twin bands observed in single crystals and in poly- 
crystalline specimens, it was decided to investi- 
gate if the two phenomena were not identical and, 
if possible, to verify the retwinning hypothesis. 

The present paper is a report of this investigation 
and shows that the twins with the {3034} habit cor- 
respond closely to retwinned {1011} twins. Evi- 
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dence is aiso given for an analogous retwinning 
process in {1013} twins. 


EXPERIMENTAL PROCEDURE 


Rectangular single-crystal specimen deformed 
in tension (stress axis in the basal plane parallel 
to [1010], as previously described,* were polished 
electrolytically by Jacquet’s method’ and etched in 
acetic picral.” All twins studied in this investiga- 
tion belong to a major zone, whose axis, [1210], was 
perpendicular to both stress axis and two sides of 
each specimen [(1210) surfaces]. These latter con- 
tain the plane of shear of the twins and measure- 
ments of the basal plane trace of twins on these 
surfaces determines the lattice orientations of the 
twins. The position of the basal plane in each case 
was determined with a polarizing microscope using 
a modification of the technique of Couling and 
Pearsall.” For each twin the four positions of 
maximum extinction were measured, the data 
averaged, and then the pair of extinctions corre- 
sponding to the basal plane was determined by 
rotating the microscope stage and observing the 
position at which the color changed from orange 
to blue with a gypsum red, first-order plate in- 
serted between the crossed Nicol prisms. 


EXPERIMENTAL RESULTS 


{1013} Twins—In general, especially in speci- 
mens deformed at 150°C, {1013} twins appear in 
greater numbers and larger sizes than {1011} 
twins, and the lattice reorientation inside these 
twins is therefore easier to study and measure. 

Fig. 1 shows an area of an unetched and un- 
polished (1210) crystal surface containing a number 
of (1013) twins sloping upward to the right at about 
29 deg with the basal plane of the original crystal 
(horizontal direction). Slip line segments may be 
seen in both the parent crystal (running horizontally) 
and in the twins (sloping downward to the right at 
approximately —22 deg with the horizontal). As may 
be seen in Fig. 2, the slip lines in the twin are not 
at the proper angle (64 deg from basal plane of the 
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Fig. 1—Slip lines in retwinned (1013) twins. Specimen sur- 
face (1210); twins + 29 deg; basal slip, parent crystal, 
horizontal; and slip in twins —22 deg. X260. Reduced ap- 
proximately 39 pct for reproduction. 


parent) where one would expect to find the basal 
plane of the twin, but rather are parallel to the 
basal plane of a (1012) second-order twinned lattice. 
Only a few very small elemental {1013} twins 
were observed. Otherwise the twins in bands were 
almost completely retwinned; the major exception 
being the extreme ends of some twins forming the 
bands. A good example of these latter is shown in 
Fig. 3, where the bright triangular area at the ex- 
treme right of the band is in the simple (1013) 
orientation. Two other first-order twinned areas 
may be observed along the top edge of the band; 
that lying furthest to the left is small and hard to 
see. In each case, these regions lie at the forward 
end of retwinned material and it is significant that 
the sharp boundaries separating the simple twins 
from the retwinned regions make a measured angle 


of +20 deg with the basal plane of the parent crystal. 


As may be seen in Fig. 2, these boundaries coincide 
almost exactly with the orientation 20 deg 51 min 

of the (1012) twinning plane in the reoriented lattice 
of a (1013) twin. Further, second-order twinning 

on this plane reorients the basal plane of the 
twinned volume into a position which falls on the 
slip line traces of Fig. 1. As far as could be de- 
termined, all {1013} twins retwinned on this same 
pyramidal plane. 

Measurements of the lattice orientation inside 
{1013} twin bands gives further confirmation of the 
double twinning process. Readings made on five 
retwinned areas gave an angle 23.5 + 1.5 deg 
between basal poles of parent and reoriented lattice; 
in good agreement with the theoretical value 22 deg 
18 min and the slip lines of Fig. 1. In the areas 
which had not been retwinned, the measured inclina- 
tion of the twinned basal plane to that of the parent 
crystal was 62 + 2 deg (average of 10 determina- 
tions). Considering the small size of the simple 
{1013} twinned areas available for measurement, the 
agreement with the expected angle, 64 deg, is good. 

{1011} Twins—A study of the twins with the {3034} 
habit in n Single- crystal specimens tested at both 25° 
and 150°C showed that under the given stress condi- 
tions second-order twinning occurs in these twins in 
almost the same fashion as in {1013} twins. In all 
cases, retwinning was observed to occur on only a 
single {1012} plane (whose inclination to the basal 
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Fig. 2—Angles pertinent to second-order (1012) twinning 
in (1013) twins. 


plane of the parent crystal was approximately 90 
deg; theoretically 80 deg 39 min). With very few 
exceptions, all twins were completely retwinned ex- 
cept for the extreme ends of those individuals which 
formed the advancing end of a twin band as it grew 
under the applied stress. Fig. 4 shows two examples 
of twin bands with second-order {1012} boundaries in 
the outermost twins separating simple twinned areas 
from retwinned regions. Note the nearly vertical 
position of the second-order boundaries. The meas- 
ured angles between the basal plane of the simple 
twin and that of the parent was 129.5 deg; an aver- 
age of six determinations on different twins ranging 
from 129 to 131 deg. The corresponding angle for 
the basal plane in the retwinned areas was 40.6 deg; 
an average of seventeen determinations varying 
from 36 to 45 deg, with a standard deviation of 2.6 
deg. These measurements are strong evidence that 
the twinning plane (K,) for this form is not {3034}. 
The basal plane in a {3034} twin should lie at ap- 
proximately 109 deg from that of the parent crys- 
tal; some 20 deg from the measured value. Simi- 
larly, it may be shown that the inclination of the 
basal plane in the second order twins is at least 

17 deg from the theoretical value for a {3034} twin. 


Fig. 3—A (1013) twin band showing both twinned (bright 
triangular areas) and retwinned regions (below and to the 
left of the simple twins). Note that a (1012) plane separates 
the first- and second-order twins. Specimen surface (1210). 
Photographed with polarized light. X500. Reduced approxi- 
mately 41 pet for reproduction. 
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Much better agreement is obtained if one assumes 
that this form of twin corresponds to the indices 
{1011}. In this case, as may be seen in Fig. 5, the 
measured values lie within 6 deg (129.5 —123.8 
deg) of the theoretical value for the simple twins, 
and within 3 deg (40.5-37.5 deg) for the retwinned 
areas. Correspondence is thus quite good, especi- 
ally for the retwinned areas which, in general, 
were of sufficient size (5 to 10 » in width) for 
reasonable accuracy in measurement. The first- 
order twinned areas were in all cases extremely 
small (1 p in width) and difficult to measure, 
which may account for the 6 deg divergence between 
measured and theoretical values. 


DISCUSSION 


The experimentally observable shear in both 
{1011} and {1013} twins is obviously the result of 
two deformations (first- and second-order twinning 
shears). Further, it is now evident that the indices 
of one twinning form conform better to {1011} than 
to their previous designation {3034}. ° In view of 
these facts, a reevaluation of the twinning indices 
K, (second undistorted plane) and 7, (the direction 
defined by the plane of shear and the second undis- 
torted plane) may now be made. Fig. 6 shows basal 
slip lines (parent crystal) passing through {1013} 
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Fig. 5—Angles pertinent to second-order (1012) twinning 
in (1011) twins. 
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Fig. 4—Second-order twinning in {1011} 
twin bands. Simple {1011} twins lie at 
the upper ends of both bands. Specimen 
surface (1210) with basal plane trace 
horizontal. Photographed with polar- 
ized light. X1000. Reduced approxi- 
mately 23 pet for reproduction. 


twins and a {1011} twin respectively. Since these 
photographs are of surfaces containing the plane 

of shear of the twins, the magnitude of the twinning 
shears® may be measured in terms of the deflec- 
tions of the slip lines where they cross the twins. 
The left photograph shows that there is a 3 to 4 deg 
deflection when basal slip lines are sheared ina 
retwinned {1013} twin, while the right shows that 

in a {1011} twin the deflection is of the order of 

10 deg. Both of these measurements agree with 
previous determinations of the surface tilt® where 
twins intersect a basal plane surface. Computations 
show that in {1013} twins, about 1 deg of this de- 
flection is due to the second-order {1012} com- 
ponent described above, while in {1011} twins the 
corresponding value is close to 7 deg. Previously,° 
it was indicated that the second undistorted plane 
for {1013} twinning could be either {3032} (corre- 
sponding to a slip line deflection of 5 deg 40 min) 
or {1011} (deflection of slip lines 2 deg). In view 

of the presence of second-order twinning, the ex- 
perimental data is in much better agreement with 
the Kz indices {1011}, and it is very probable that 
this is the actual second undistorted plane. Simi- 
larly, subtracting the {1012} component from the 
observed slip line deflection in {1011} twins, one 
finds that the plane conforming best to the ex- 
perimental data for Kz in {1011} twinning is {1013}. 
On this basis, the slip line deflection in a simple 


Fig. 6—Deflection of slip lines (basal) by the twinning 
shear in (2)—Second-order {1012} — {1013} twins. Ar- 
rows mark the passage of slip lines through twins. X500. 
(b)—Second-order {1012} —{1011} twin. X500. Reduced 
approximately 52 pct for reproduction. Both specimen 
surfaces (1210) with basal plane trace horizontal. 
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Table | 


Twinning Form K, Ny K, The 
{1011} {1011} <1012> {1013} <3032> 0.136 
{1013} {1013} <3032> {1011}. <1012> (0.136 


first order {1011} twin is 5 deg 40 min and ina 
second-order twin of the type presently observed 
should be 12 deg 41 min (5 deg 40 min + 7 deg 1 
min). This latter value agrees with the 10 deg 
Slip line deflection shown in Fig. 6. A complete 
evaluation of the twinning indices and the twinning 
shear for both forms of twins is given in Table I. 
The data of Table I indicate that {1011} and {1013} 
twins are reciprocal compound twins (A, and n, of 
one form equaling K, and n, of the other).’ The 
twinning shear in these twins is very small (0.136) 
and is only slightly larger than that in simple 
{1012} twins (0.129). This is interesting because 
it implies that the size and ease of twin formation 


do not vary simply with the magnitude of the twinning 


shear. Both {1011} and {1013} twins are much smal- 
ler in size and more difficult to form than {1012} 
twins. The above result is also in agreement with 
recent results reported for zirconium® where the 
narrowest twins were not observed to have the 
largest twinning shear. An important factor in twin 
formation may be the magnitude of the interfacial 
energy required to form the boundaries of a small 
lens-shaped twin nucleus whose surfaces cannot 

be strictly coherent. 

The Composition Planes of the Twin Bands—It is 
important to realize that the observed twin band 
habits are not those of elementary twins but of 
second-order twinned regions. In this respect, 
consider the schematic diagram of Fig. 7, drawn 
for the case of {1013} twins (see Fig. 3). The cen- 
tral part of the drawing represents the retwinned 
volume, while the areas inside the triangles at 
each end represent first order twins. The parallel 
boundaries C,B and B,C separating the retwinned 
metal from the original crystal make an angle of 
29 deg with the basal plane of the parent, and be- 
cause of second-order twinning they should be 
strongly incoherent (large angle of misfit). Their 
deviation from the position of a coherent {1013} 
twin boundary at 32 deg is 3 deg. In the corres- 
ponding {1011} twinning case, this deviation is 6 deg 
(62-56 deg). Each of the simple {1013} twinned 
areas terminates in a sharp apex whose sides A,B, 
and A,C,, orABand AC, are ordinary incoherent 
twin boundaries making angles of 29 deg and 35 deg, 
respectively, with the basal plane of the parent 
crystal. The position of the coherent boundary at 
32 deg is shown in the figure by dashed lines and 
it is important to note that it bisects the apex at 
either end. If one were to remove the retwinned 
material in the center and place the two end re- 
gions in juxtaposition, a small lenticular twin with 
a true {1013} habit would be formed. Similarly, 
measurements show that the simple twins at the 
ends of the {1011} twin bands in Fig. 4 are inclined 
in the proper direction to let coherent {1011} bound- 
aries (at 62 deg) pass through their central areas. 
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Fig. 7—Schematic representation showing the composi- 
tion planes involved in {1013} twinning. 


We may conclude, therefore, that where it has been 
possible to observe first-order twins, their habits 
have been consistent with {1013} and {1011} as 
twinning planes (K,). 

The causes for the shift in habit when a twin re- 
twins are not completely understood, but the follow- 
ing factors may well be involved. First, the ob-’ 
served boundaries separating the twice-twinned 
material from the parent crystal may represent 
surfaces of lower energy than surfaces parallel to 
coherent boundaries of simple twins. Second, the 
evidence indicates that the twin bands grow as a 
result of a movement of the boundaries of the ele- 
mentary twins at the ends of a band coupled with 
a simultaneous motion of the {1012} retwinning 
boundary. (Because of the highly incoherent nature 
of the boundaries C,B and B,C separating re- 
twinned areas from parent crystal, they should be 
essentially immobile and not contribute to the 
growth of the band). Unequal growth rates of the 
boundaries forming the apexes at each end, under 
the applied stress, could lead to a change in habit 
of the material left behind by the moving simple 
twins. Thus, in Fig. 7, if growth as acccmplished 
primarily through the movement of boundary A,C, 
(or AC) in the direction marked by the arrow X, 
the observed shift in habit would result. 


CONCLUSIONS 


1) Double twinning is an important deformation 
mechanism in magnesium crystals strained in ten- 
sion parallel to the basal plane. Two forms have 
been identified: one, twinning on {1011} coupled 
with second order twinning on {1012} [in the re- 
oriented {1011} lattice] confirms the conclusions of 
Couling, Pashak, and Sturkey”® based on polycrys- 
talline investigations, and two, twinning on {10 13} 
combined with second order twinning on {1012} [in 
the reoriented {1013} lattice]. 

2) Second-order twinning in twin bands is be- 
lieved to occur during the growth of twins; the 
{10121 retwinning plane following the forward mo- 
tion of the elementary {1011} or {1013} twinned 
regions lying at the extreme ends of the deforma- 
tions. 

3) The composition planes of twin bands which 
deviate by 6 and 3 deg, respectively from coherent 
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Room-Temperature Recovery of Internal Friction and 


Elastic Constants in Freshly Quenched Steels 


An experimental study has been made of the time dependence 
of internal friction and modulus of rigidity in freshly quenched 
steels at room temperature. The effects of frequency, composi- 
tion, and various thermal treatments are given. The kinetic laws 


observed cannot be fully explained by the so-called first stage of C.E. Beaulieu 
tempering and the transformation of retained austenite. It is sug- 
gested that the observed phenomena are due to the progressive A. Dubé 
immobilization of dislocations introduced by the martensitic 
transformation. G. Letendre 
Ir is generally agreed that the conversion of structural changes occur in martensitic steels dur- 
tetragonal martensite into cubic ferrite and ce- ing the first few minutes at room temperature after 
mentite occurs in three stages which at moderate quenching. This pretempering has at least two im- 
rates of heating take place in the following tem- portant consequences. In the first place, freshly 
perature ranges:*~ quenched steels have a tendency to crack at room 
a) The first stage involves mainly a partial loss temperature, a fact which leads to the necessity of 
of tetragonality of martensite and the formation of tempering as soon as possible after the quench. 
e-carbide between 95° and 175°C. Another important consequence of pretempering a 
b) The second stage consists of the decomposi- steel for short periods of time at room tempera- 
tion of retained austenite between 230° and 290°C. ture is the stabilization of the retained austenite. 
c) The third stage covers the formation of ce- Thus, as shown by Cohen,’ a very pronounced 
mentite between 290° and 400°C. stabilization is effected with holding periods of 
The kinetic laws of these heterogeneous reactions 30 min at room temperature. Since these two ef- 
have also been the subject of isothermal studies. fects are apparently not caused by the heterogene- 
Thus, Roberts, Averbach, and Cohen® report a very ous reactions mentioned above, they must be re- 
low reaction rate with a eutectoid steel at room lated to the rearrangement of structural defects 
temperature. For example, less than 10 pct of the within the martensite and retained austenite. 
contraction associated with the first stage is ob- According to the modern theory of dislocations, 
served after 50 hr at room temperature. Hollomon, the shears required to effect the austenite-marten- 
Jaffe, and Buffum* show that under the same con- site transformation may be realized through the 
ditions less than 10 pct of the tetragonality is lost. motion of dislocations at the austenite-martensite 
These results have led to the belief that martensite interface and within the martensite plates.° In 


is a relatively stable phase at room temperature. 


this way, a martensitic transformation cl 1 - 
On the other hand, it is well known that important oe 


sembles a plastic deformation. In cold-worked 
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1929, 10D part of the high hardness of martensite would then 


originate in the obstruction of dislocations in analogy 
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with the work hardening exhibited by plastically de- 
formed solids. 

As shown recently by Késter and Stolte’ and by 
Nowick,* the dislocations arising from cold work 
cause a relatively high internal friction immedi- 
ately after the deformation. However, the internal 
friction decreases very rapidly with time and its 
recovery is accompanied by a slight increase of the 
elastic moduli. This effect has been referred to as 
the ‘‘Késter effect.’’ 

If a martensitic structure is similar to that of 
cold-worked metals, recovery effects analogous to 
those found in freshly deformed metals, should be 
observed immediately after the formation of mar- 
tensite. In order to verify this idea, the internal 
friction and the modulus of rigidity of martensite 
were measured as a function of time at room tem- 
perature. These measurements involved the de- 
terminations of the logarithmic decrement of free 
torsional oscillations and of the frequency of these 
oscillations. The internal friction (@~*) is equal to 
(log. decr./m) while the modulus of rigidity is pro- 
portional to the square of the frequency. With the 
torsion pendulum utilized, the first measurement 
could be started 20 sec after the quenching 
operation. 


APPARATUS 


Since the recovery of internal friction and elastic 
constants occurs extremely rapidly in cold-worked 
solids even at room temperature® and since it was 
anticipated that comparable kinetic laws should ap- 
ply in martensite, an instrument was designed to 
measure internal friction almost immediately after 
quenching. In this apparatus, the test piece is aus- 
tenitized and then quenched in situ, leaving the 
specimen in a position suitable for the immediate 
measurement of the frequency and the logarithmic 
decrement. 

In order to measure internal friction through the 
decay of free oscillations, the amplitude of oscilla- 
tions must be determined as a function of time. In 
the torsion pendulum to be described, this amplitude 
is measured in terms of an induced potential ac- 
cording to the following principle: When a straight 
conductor of length 7 moves perpendicularly to both 
a magnetic field B and its own longitudinal axis, an 
electromotive force is induced which is given by 
Bl (ds/dt) where ds/dt is the area swept by the con- 
ductor per unit of time. 

In our apparatus, the magnetic field B and the 
length of the conductor 7 are constant while (ds /dt) 
is proportional to the angle of rotation of the coil. 
The magnetic circuit is made of two Alnico V per- 
manent magnets joined by a U-shaped soft iron 
piece. The conductor is a rectangular coil made of 
2,000 turns of No. 40 magnet wire. As the specimen 
is twisted back and forth, the coil simultaneously 
rotates in the magnetic field and the induced volt- 
age is traced as a function of time on the chart of 
a Sanborn recorder. Since the induced voltage is 
proportional to the amplitude of vibration, the di- 
agram of Fig. 1 gives an accurate picture of the 
shape of the oscillations. The recorder is equipped 
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Fig. 1—Torsion pendulum and typical oscillations—(1) pul- 
ley, (2) counterweight, (3) permanent magnet, (4) coil, 

(5) electromagnet, (6) steel chuck, (7) specimen, (8) argon 
inlet, (9) water outlet, (10) isolating plate, (AA) connec- 
tions for heating specimen, (BB) connections for Sanborn 
recorder, (CC) connections for electromagnets. 


with a pulsating timer which traces a signal on the 
paper at every second. 

The complete torsion pendulum without the re- 
cording instrument is also shown in Fig. 1. The 
test specimen is a wire about 0.030 in. in diam and 
from 8 to 9 in. long; it is held in place by the two 
pin vises shown as (6) on the diagram. An isolating 
lucite block (10) separates the lower rod from the 
bottom plate. The top rod, the auxiliary inertia 
members and the coil (4) are suspended at one end 
of a very fine Perlon wire which passes over a 
pulley (1) and supports a counterbalancing weight 
of 30 g (2) at its other end. The end pieces of the 
inertia member are made of mild steel and two 
small electromagnets (5) are suitably located in 
front in order to attract these parts when a switch 
is closed. 

Briefly, the operation of the recording torsion 
pendulum is as follows: The specimen is set in the 
instrument and adjusted so that the coil is centered 
with respect to the pole faces of the permanent 
magnets. The electromagnets are fixed so that 
their pulls are equal; argon is fed in the glass 
tube around the test specimen. An electric cur- 
rent is then passed through the test wire in order 
to heat it to the austenitizing temperature. After 
10 min, the argon and current are cut off as brine 
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Fig. 2—Variation of internal friction and modulus of rigid- 
ity at room temperature (the two upper diagrams). Steel B, 
austenitized at 900°C, quenched in brine at 22°C. Com- 
parison with the decomposition of primary martensite 
(third diagram by Roberts et al. 3) and the decomposition 

of retained austenite (bottom diagram by Averbach and 
Cohen’?) with steels of similar composition. 


water is poured into the glass tube. After an initial 
deflection given with the electromagnets, the sys- 
tem oscillates freely and the resulting induced 
voltages are recorded on the chart as a function 

of time. 

The tracing on the recorder chart is then used to 
calculate the internal friction and the variation of 
the dynamic modulus of rigidity. The internal 
friction is obtained through a determination of the 
number of oscillations N, required to reduce the 
amplitude to 1/m of its initial value. The internal 
friction (Q~*) is given by [In (m)/nN]. The modulus 
of rigidity is proportional to the square of the 
frequency. 

The background of internal friction due to the re- 
sistance of air and other dissipative sources was 
found to be less than 4 x 107* which is comparable 
to the background of apparatus operated visually 
in air. 

It must be noted that during the austenitizing 
treatment, the regions of the wire adjoining the 
pin vises are not heated to the same temperature 
as the center part. A different structure was ob- 
served over about a quarter of an inch at each end 
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of the test specimen; this represents about 6 pet of 
the length of the wire. However, experiments with 
wires of uniform microstructure gave comparable 
values of internal friction in the case of martensitic 
steels. This may be due to the fact that the strain 
is not the same in the regions adjoining the pin 
vises as in the rest of the specimen. A spurious 
end effect is to be expected even with wires having 
an homogeneous microstructure. 

Although it is difficult to make an estimate of the 
accuracy of the measurements, the internal-friction 
values could be reproduced within 3 pet. The un- 
certainty of the modulus values was less than 
0.2 pet. 


EXPERIMENTAL RESULTS 


1) Materials—The steels selected for the deter- 
minations had the following compositions: 


Steel A 0.35 0.68 0.20 0.02 0.010 0.12 0.11 0.009 
Steel B 0.90 0.37 0.18 0.04 0.010 0.07 0.06 0.003 
Steel C 1.25 0.32 0.21 0.04 0.010 0.09 0.11 0.006 


In all cases, the wires were austenitized in an at- 
mosphere of dried argon for 10 min prior to quench- 
ing in a 10 pet brine solution. The austenitizing 
temperature was measured with an optical pyrome- 
ter. The temperature of the wire during the aging 
process was held at 22° + 1°C. 

2) Description of the Phenomenon—The results of 
an experiment conducted with steel B at a frequency 
of about 3.0 cps are shown in Fig. 2. This steel had 
been austenitized at 900°C and quenched in the brine 
solution. In this figure a first set of curves (D in 
the two upper parts of the figure) give the time de- 
pendences of internal friction and normalized mod- 
ulus. It may be seen that the rate of decrease of 
internal friction is extremely high at first and then 
decreases with time. After one week this internal 
friction is almost constant. In spite of the very 
short time between the quenching operation and the 
first measurement, no induction period could be 
detected. As the internal friction decreases, the 
modulus increases very rapidly at first. The rate 
then decreases with time and after about 30 min, 
an inflection is observed in the modulus-logarithm 
of time curve. The modulus then continues to in- 
crease and reaches an almost constant value of 
about 3 pct after one week. In all cases, the in- 
ternal friction was independent of strain amplitude 
over a range of 107° to 107+. 

The two curves may be considered as typical. 
The only important exception was the behavior of 
steel which cracked during or after the quenching 
operation. In this case, the internal friction in- 
creased slightly and the modulus decreased instead 
of increasing as the crack spread. This cracking 
was observed frequently with pure iron-carbon 
alloys and was presumably due to the coarse 
austenitic grains. For this reason we had to 
conduct the bulk of our experimental work with 
deoxidized commercial steels. 
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3) Effect of the Decomposition of Primary Mar- 
tensite—A first plausible cause for the room-tem- 
perature “‘Koster effect’’ was thought to be the 
decomposition of primary martensite or the first 
stage of tempering. 

However, when the kinetic laws of the ‘‘Késter 
effect’? observed here are compared with that of 
the first stage of tempering at room temperature 
as obtained by Roberts et al.* with a steel of simi- 
lar composition, the two processes appear to be 
quite different. Thus at room temperature a plot 
of the dilatometric change caused by the first stage 
against the logarithm of the time shows an almost 
zero slope for a relatively long interval after the 
quenching operation (see Fig. 2). For steels of 
similar composition, a similar plot of internal 
friction and modulus against the logarithm of time 
shows appreciable slopes over the same time in- 
terval. Whereas the rejection of carbon from 
martensite could cause a part of the increase of 
modulus observed here, it cannot serve as a basis 
for explaining the total effect. 

4) Effect of the Decomposition of Retained Aus- 
tenite—On the other hand, the decomposition of re- 
tained austenite at room temperature in a 1.07 pct 
carbon steel® follows a kinetic law closely resem- 
bling that of the modulus recovery (see Fig. 2). 
This decomposition was thus considered as a pos- 
sible cause of the effect observed here. In order 
to verify this, two sets of experiments were 
conducted. 

In the first set, a comparison was obtained be- 
tween refrigerated and unrefrigerated samples. 
This refrigeration at —191°C has the effect of 
transforming about one-half of the austenite re- 
tained in steel B after the first quench.” Accord- 
ing to the curves given by Tamaru and Sekito”’ this 
original amount of retained austenite should be about 
15 pet of which approximately 7 pct should trans- 
form during the refrigeration. From the compari- 
son shown for steel B in Fig. 2 (curves D for un- 
refrigerated and F for refrigerated samples), it 
may be seen that the more complete decomposition 
of austenite has two main effects. In the first place, 
the initial value of internal friction is appreciably 
higher with the refrigerated sample. However, the 
difference decreases with time and becomes neg- 
ligible after a few days. In the second place, the 
overall variation of the modulus is somewhat higher 
with the refrigerated steel indicating that the more 
complete transformation of austenite leads to a de- 
crease instead of an increase of the modulus. Thus 
it is quite certain that the more complete formation 
of martensite increases the internal friction whereas 
it is probable that it lowers the elastic constants. 

In order to establish the latter conclusion on 
firmer grounds, it was decided to interrupt the 
room-temperature aging process after given inter- 
vals by a second quenching of the sample in a mix- 
ture of dry ice and alcohol at —75°C. It is well 
known that increasing the aging time leads to a more 
effective stabilization of the austenite retained after 
the first quench. This being so, an increase of the 
aging time prior to the second quench should lead to 
a less extensive transformation of the retained aus- 
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Fig. 3—Effect of refrigeration after an aging of 5 min at 
room temperature—Steel A, austenitized at 925°C, 
quenched in brine at 55°C, and aged at 22°C. Frequency 
of vibration about 3.0 cps. 


tenite at 75°C. By comparing the room-tempera- 
ture values of elastic constants and internal friction 
prior to and immediately after this refrigeration 

(a process which lasts 1 min), we could ascertain 
the influence of the extent of the transformation of 
retained austenite at this low temperature. 

The results of this second set of experiments 
conducted with steels A, B, and C are shown in 
Figs. 3, 4, and 5 respectively. In these figures, 
the continuous curves DEFGH which give the in- 
ternal friction and modulus as a function of unin- 
terrupted aging time at room temperature* (with- 


*In order to maximize the amount of retained austenite, the quenching 
solution was held at 55°C. After about 10 sec, the sample was cooled 
by a second quenching in a brine solution at room temperature. 


out refrigeration) may be taken as the basis of 
comparison. When the steels are held for 5 min 

at room temperature (point £) and are then refrig- 
erated into the mixture of dry ice and alcohol, the 
new determinations at room temperature give the 
value E'; with steel A (see Fig. 3) the values prior 
to and after refrigeration coincide within experi- 
mental error. With steel B, it is seen that the 
refrigeration after 5 min increases the internal 
friction and lowers the modulus. A still more pro- 
nounced effect of the same type is observed with 
steel C. The same experiments were repeated, 
with steels B and C after a holding time of 100 min 
prior to the refrigeration at —75°C. The results 
are in the same direction as those obtained after 
an aging of 5 min although the effects were less 
pronounced (FF’< EE’). A third experiment was 
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Fig. 4—Effect of refrigeration after different aging inter- 
vals at room temperature—Steel B, austenitized at 925°C, 
quenched in brine at 55°C, and aged at 22°C. Frequency 
of vibration about 3.0 cps. 


conducted with steel C after a holding time of 
1000 min. This experiment gave similar results, 
but again the decrease of modulus and increase of 
internal friction are less than those obtained with 
shorter aging time prior to refrigeration. 

It thus seems that the increase of internal fric- 
tion and decrease of modulus during this —75°C 
refrigeration must be attributed to the transforma- 
tion of retained austenite. In the first place, it is 
well known that an increase of carbon content causes 
an increase of retained austenite. If the effects ob- 
served here are caused by the decomposition of this 
retained austenite, they should be more pronounced 
with the steels of higher carbon content. This is 
seen to be the case in Figs. 3, 4, and 5. In the sec- 
ond place, an increase of holding time at room tem- 
perature which has the effect of stabilizing the re- 
tained austenite causes a decrease of the intensity 
of the effects observed upon refrigeration. Thus the 
transformation of retained austenite into martensite 
decreases instead of increasing the elastic constant 
and so cannot serve as a basis for explaining the 
**Koster effect’? observed here. Another important 
conclusion to be derived from Figs. 3, 4, and 5 is 
that the thermal stresses set up during the refrig- 
eration are not the direct cause for the increase of 
@7* and the decrease of f?. 

Incidentally the decrease of modulus accompany- 
ing this low temperature transformation of austenite 
parallels that observed by Késter*™’ and by Bou- 
langer™* with pure iron during the y > q@ trans- 
formation at about 900°C. 
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Fig. 5—Effect of refrigeration after different aging inter- 
vals at room temperature—Steel C, austenitized at 925°C, 
quenched in brine at 55°C, and aged at 22°C. Frequency 
of vibration about 3.0 cps. 


5) Absence of Snoek’s Mechanism—Having thus 
ascertained that the ‘‘K6éster effect’’ of freshly 
quenched martensite is not due at least for the main 
part to the two heterogeneous reactions known to 
occur at room temperature, we were led to investi- 
gate what structural changes within the martensite 
could cause the observed recoveries of modulus and 
internal friction. 

In this respect at least two possible sources of 
internal friction had to be considered. 

In the first place, it is well known that a super- 
saturated solution of carbon (or nitrogen) in @-iron 
exhibits an internal friction peak at about 40°C with 
frequencies of about 1 cps. The physical origin of 
this peak is the stress-induced preferential distri- 
bution of interstitial atoms in the body-centered 
cubic lattice as shown by Snoek.!® 

When a strain-free iron-carbon alloy is quenched 
after a solution treatment, the value of the maximum 
internal friction is approximately equal to the per- 
centage by weight of carbon in solution.*® On the 
basis of this linear relationship between carbon in 
supersaturated solution and maximum internal fric- 
tion, one would anticipate a very high internal fric- 
tion in freshly quenched martensite at room tem- 
perature. Furthermore, this value should be 
proportional to the carbon content of the steel. 
However, the observed values are appreciably 
lower than the anticipated ones and do not differ 
much as the carbon content is increased from 
0.35 to 1.25 pct (see Fig. 9). This fact which had . 
already been demonstrated by Chevenard?” and 
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later by Stark et al.*® shows that carbon or nitro- 
gen atoms in martensite are somehow locked in 
position and can no longer give rise to the Snoek’s 
type of internal friction. 

This situation is analogous with that found in 
cold-worked low-carbon steels in which the low- 
temperature peak disappears very rapidly after 
plastic deformation.’ This effect has been ex- 
plained by Cottrell and Bilby*® on the basis of the 
*‘trapping’’ of the carbon atoms within the internal 
stress fields surrounding the dislocations generated 
by the plastic deformation. This explanation ap- 
pears to be also valid for martensitic steels wherein 
the dislocations would be created from the austen- 
ite-martensite transformation as mentioned earlier. 

This explanation does not, however, preclude the 
possibility of the preferential distribution of carbon 
atoms as a source of the ‘“‘low’’ internal friction ob- 
served at room temperature. In order to find 
whether Snoek’s mechanism is still operative, it is 
necessary to measure Q~’ as a function of tempera- 
ture. This was done by Marquis” who has estab- 
lished that with the three steels utilized in this work 
no internal-friction peak occurs in the temperature 
range where Snoek’s mechanism was expected to be 
operative. 

6) Effect of the Motion of Dislocations on Q~* and 
f*—On the other hand, a striking feature of the type 
of curves shown herein is their resemblance with 
those obtained by several investigators on cold- 
worked metals (see Nowick®). The high internal 
friction and low modulus observed immediately 
after the plastic deformation have been attributed 
to the motion of dislocations introduced by this op- 
eration. In the fundamental explanation, which was 
developed by Mott” a plastic deformation causes 
the introduction within the metal of high concentra- 
tions of dislocations forming a network. In this 
network, each segment of dislocation is straight 
until it meets with one or more other segments 
thereby creating points which are considered fixed 
under an applied stress. The mobile part of the _ 
dislocation ‘‘bows,’’ however, under a small applied 
stress and the accompanying strain causes a de- 
crease of elastic modulus. When the stress is 
periodic, the dislocation oscillates and energy is 
dissipated. 

In order to understand the recovery of the internal 
friction and elastic modulus, it should be pointed out 
that the modulus defect is proportional to NL? where 
N is the dislocation density and L is the length of the 
dislocation loops. The decrement on the other hand 
is proportional to NL*.” 

Since N may be considered as constant,” the time 
dependence of the modulus defect and decrement 
will thus be a function of L. Two mechanisms have 
been proposed to explain the reduction of L with 
time even at room temperature. The first theory 
due to Nowick interprets the decrease of L with 
time as a result of the rearrangement of disloca- 
tions.* The second theory is based on the concept 
of the ‘‘pinning’’ of dislocations by point defects 
such as vacancies, interstitials, or solute elements. 
Such defects interact quite strongly with disloca- 
tions whose motion thus becomes conditioned to a 
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Fig. 6—Effect of frequency of vibration on internal fric- 
tion and modulus of rigidity—Steel B, austenitized at 
925°C, quenched in brine at 22°C. 


certain extent by the motion of the defects. It is 
quite clear that the immobilization of the disloca- 
tion will increase with the density of point defects 
along the lines. As those point defects migrate to 
the dislocations and ‘‘anchor’’ them, the internal 
friction and modulus gradually recover. 

7) Study of Various Variables—a) Effect of Fre- 
quency —Since it was felt that the internal friction 
observed here was due at least in part to the mo- 
tion of dislocations and point defects, it was de- 
cided to run a Series of tests to verify the influence 
of the frequency on the recovery curves. A series 
of tests were run with steel B with frequencies 
ranging from 1.7 to 9.0 cps. The results are shown 
in Fig. 6 where it may be seen that an increase of 
frequency leads to an appreciable early decrease of 
internal friction and apparently makes the process 
of energy dissipation more adiabatic. After a con- 
siderable period of time at room temperature, it 
appears that the dislocations become essentially 
fixed and the effect of frequency is much smaller. 

It would of course be interesting to increase the 
frequency range by several orders of magnitude. In 
this connection, some early work by Késter and 
Férster™ should be mentioned. In this work which 
was done on a 0.9 pct carbon steel, presumably in 
the kilocycle range, the internal friction was found 
to decrease with time but the values were lower 
than ours by at least one order of magnitude. 

b) Effect of the Temperature of the Quenching 
Bath and the Austenitizing Temperature— When the 
temperature of the quenching bath is increased, the 
percentage of retained austenite increases. The 
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Fig. 7—Effect of the temperature of the quenching bath— 
Steel B, austenitized at 925°C, aged at 22°C. Frequency 
of vibration about 3.0 cps. 


effect of such an increase should be to lower the 
internal friction and the modulus defect . This 


\ : FREQUENCY OF VIBRATION ~3.0 CPS 


STEEL A (035%C) 
x STEEL B (0.9 %C) 
STEEL C (l.2%C) 


102 ) 
a 


INTERNAL FRICTION 


FREQUENCY SQUARED OR MODULUS 
OF RIGIDITY NORMALIZED 


10 100 


1,000 10,000 
TIME AT ROOM TEMPERATURE IN MINUTES 


Fig. 9—Effect of different carbon content—Steels A, B 
and C austenitized at 925°C, quenched in brine at 22°C. 
Frequency of vibration about 3.0 cps. 
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Fig. 8—Effect of the temperature of austenitization— 
Steel B, quenched in brine at 22°C, refrigerated at 
—191°C and aged at 22°C. Frequency of vibration 
about 3.0 cps. 


fact was verified with steel B as may be seen 
in Fig. 7. 

The effect of the austenitizing temperature is 
shown in Fig. 8. It should be mentioned, however, 
that the austenitizing temperatures were kept within 
the 800° to 1000°C range. Below 800°C it was felt 
that the undissolved carbides, due partly to the 
relatively short austenitizing time, left an austenite 
of a composition differing appreciably from that 
given in Table I. Above 1000°C, the steel developed 
microcracks, and the measurements had to be dis- 
carded. It may be seen that the recovery effects 
are more pronounced when the austenitizing tem- 
perature is increased. This may be partly explained 
by the larger grain size (ASTM No. 8 at 800°C to 
ASTM No. 6 at 1000°C) and more homogeneous aus- 
tenite formed at higher temperature. The effective 
length of dislocations in martensite should increase 
as a result of these effects. 


c) Effect of Carbon Content—In Fig. 9, the time 
variation of Q-*and f*are given for steels A, B, and 
C. In all cases the steels were left unrefrigerated 
prior to the measurements. There is no clear in- 
dication of any induction period in any of these 
curves. It appears that the initial rate of recovery 
increases with increasing carbon content. Asa 
consequence the curves intersect after short periods 
of time. The initial rate of increase of the modulus 
also increases with increasing carbon content. After 
this initial increase, an inflection is observed in the 
three modulus curves. It would thus seem that two 
different processes are responsible for the modulus 
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recovery. On the basis of Fig. 9, it would further 
appear that the rate of the process responsible for 
the second increase is slower when the carbon con- 
tent of the steel is lower. 

Whereas the initial increase of modulus is pre- 
sumably caused by the gradual anchoring of dis- 
locations, the increase beyond the inflection point 
may be due to the formation of e-carbide which is 
the first stage of tempering. In fact it is well known 
that the precipitation of a solute element from a 
solid solution leads to an increase of elastic moduli. 
And this is apparently what happens here. It is 
quite surprising, however, that this second type of 
increase of modulus ceases beyond the initial step 
of the first stage of the tempering process (see 
Fig. 2). This is probably due to the formation of 
dislocations during this reaction. Marquis et al.” 
have found indirect evidence for the formation of 
dislocations by measuring the variation of internal 
friction with temperature. 


INTERPRETATION OF RESULTS 


On the basis of the foregoing, it is quite clear 
that the ‘‘Késter effect’’ observed in freshly 
quenched martensite is in many ways analogous to 
the same effect found in cold-worked metals. How- 
ever, at least one important difference remains; 
whereas most of the experimental works in cold- 
worked metals have been conducted at high fre- 
quencies, the present investigation was carried out 
at low frequencies. In the theoretical explanations 
of the results obtained with cold-worked solids, it 
is assumed that the oscillatory motion of disloca- 
tions is responsible for the high internal friction 
and the modulus defect observed immediately after 
plastic deformation. It is also assumed that the 
migration of point defects to dislocations shortens 
their effective lengths and is responsible for the 
recovery of the properties. 

In the present work, the high internal friction ob-_ 
served does not appear to be due to the motion of 
dislocations per sé. In fact, it is expected that with 
these low frequencies, the dislocations should move 
in phase with the applied stress, and it seems that 
the phase lag between stress and strain originates 


in the delayed motion of the point defects themselves. 


This mechanism which has been suggested originally 
by Nowick® is presumably operative in this case, and 
it appears that the variation of Q7’ and f? with fre- 
quency, Fig. 6, is due to the more restricted motion 
of carbon atoms at higher frequencies. 

There exists at present no quantitative theory for 
this type of internal friction. However, it may be 
pointed out that as the concentration of carbon atoms 
along the dislocation lines is increased from zero to 
values near saturation, the internal friction is ex- 
pected to pass through a maximum. In fact, at zero 
concentration, no carbon atoms would move with 
dislocations and Q~* should be nearly zero. Near 
saturation values, the dislocations lines become 
tightly ‘‘anchored’’ by their atmospheres of carbon 
atoms and again @~* should approach zero. This 
fact has not been directly shown in the actual in- 
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vestigation due to the high concentration of carbon 
atoms which permits to observe only the last part 
of the curve after the maximum. However, from the 
effect of carbon content on Q~*, Fig. 9, it can be 


seen that the initial rate of decrease of internal 
friction increases with carbon content which is in 
agreement with the mechanism outlined above. 
Although the proposed mechanism is consistent 
with the absence of Snoek’s peak, one difficulty re- 
mains. In fact, no simple time law could be found 
for the isothermal variation of internal friction and 
elastic modulus with time. In searching for such a 
time law, the theoretical work done on this subject 
has been reviewed and it was found that no quanti- 
tative treatment existed which could be adapted to 
the present case. The closest mathematical treat- 
ment is due to Granato and Lticke*’ who have de- 
rived recovery laws based on the Cottrell-Bilby 
t?/* law for strain aging. However, it is assumed 
in this theory that the plastic deformation and hence 
the dislocation density remain small and that the 
internal friction is due to the motion of dislocations. 
Quench Cracking and Stabilization—The disloca- 
tion mechanism proposed above leads to an improved 
understanding of the phenomenon of quench crack- 
ing. According to Zener” the relaxation of stress 
across ‘‘amorphous’’ bands causes stress concen- 
trations at their extremities sufficient to initiate 
quenching cracks. On the other hand, Cottrell” has 
pointed out that if a ‘‘saturated’’ sequence of disloca- 
tions on a slip plane of a given dimension should pile 
against an obstacle, a stress concentration would 
exist near the obstacle which is comparable to that 
calculated for Zener’s free slipping cracks of the 


‘same dimension. If the model suggested here is 


granted, the dislocations left in the wake of the 
martensitic transformation should tend to readjust 
themselves into a more stable network under the 
influence of internal stresses. In the process of 
doing so, the dislocations should encounter ob- 
stacles and thus form sequences on crystallographic 
planes with resulting high stress concentrations 
near the obstacles. This would explain why quench 
cracking may be somewhat delayed but takes place 
within a short interval after the quenching operation. 

On the other hand, stabilization may also be un- 
derstood in terms of the immobilization of disloca- 
tions.”” However, in this case, the dislocations 
would be within the retained austenite and the point 
defects responsible for the gradual anchoring would 
be either carbon atoms or excess vacancies formed 
at the austenitizing temperature. 


CONCLUSIONS 


The most significant fact revealed by this experi- 
mental study is the close analogy between cold- 
worked metals and martensitic steels from the 
standpoint of structural defects. 

The experimental evidence on this point is quite 
striking. In the first place all structure sensitive 
properties are affected in the same way by plastic 
deformation and by martensitic transformation in 
steels. Thus both structural changes decrease the 
elastic modulus and increase the internal friction. 
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Secondly, recovery of these two properties at room 
temperature follows kinetic laws which are similar 
in the two cases. Thirdly, another analogy of the 
same type is found when the time variations of 
electrical resistance at room temperature is 
measured in plastically deformed and freshly 
quenched steels.”® 

Since the changes of elastic constants and internal 
friction brought about by cold working can be ex- 
plained satisfactorily in terms of dislocations, it 
seems logical to conclude that martensitic trans- 
formations also introduce this type of defect. Thus, 
at least a part of the hardening resulting from the 
martensitic transformation would be caused by these 
imperfections. 

Another important conclusion of this work is that 
the change of properties occurring during the tem- 
pering of steels cannot be fully explained in terms 
of the heterogeneous reactions usually described as 
the three stages of this process. Homogeneous re- 
covery and behavior of defects must also be con- 
sidered. Thus considerable change occurs during 
the first minutes at room temperature. It is be- 
lieved that quench cracking and stabilization of 
retained austenite are related to the structural 
changes responsible for this type of recovery. 
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On the Widmanstatten Habit Plane of Proeutectoid 


Cementite 


The habit plane of proeutectoid cementite precipitated from 
austenite was studied using a two-trace surface analysis coupled 
with a direct X-vay back-reflection determination of the orienta- 


tion of the parent matrix. The results were the same as those 
obtained by earlier workers:-2 who used indirect methods to 
determine the orientation of the matrix. The data indicate that 


R. W. Heckel 
J.H. Smith 


a range of habit planes in the parent phase is operative which is 


not in agreement with accepted existing theories. 


In 1933, Mehl, Barrett, and Smith’ obtained a non- 
unique result in a study of the Widmanstatten habit 
plane of proeutectoid cementite. Their data are 
shown in Fig. 1. These results were verified by 
Greninger and Troiano,” although they did not pre- 
sent any data. Both of these investigations relied 
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upon indirect methods of determination of the matrix 
lattice orientation. 

Theoretical considerations of Widmanst&tten pre- 
cipitates have usually proved or assumed an orien- 
tation relationship between matrix and precipitate; 
the habit plane expressed relative to the matrix is 
generally unique, although it may be irrational.® 
Opinion is divided as to the factors influencing the 
choice of habit plane. Mehl‘ felt that a nucleus 
which was plate shaped to minimize strain energy 
and surface energy during its formation could main- 
tain this shape by the point effect of diffusion ; the 
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Fig. 1—Sterographic projection of orientations of Widman- 
statten cementite plates rotated into one corner of a quad- 
rant of the standard (100) projection of the parent austen- 

ite. (After Mehl, Barrett, and Smith.!) 


habit plane would thus be determined primarily by 
nucleation considerations. Aaronson® and Paxton® 
have suggested different mechanisms whereby 
growth in certain directions is inherently slow, 
and therefore imply that an observed habit plane 
could be a growth phenomenon. 

None of these suggestions satisfactorily explain 
Widmanstatten plates with a nonunique habit plane; 
it became of interest to check these earlier results 
by more direct methods. 


EXPERIMENTAL METHODS AND RESULTS 


Cementite plates were grown in large-grained 
austenite of a 1.72 pct C, 0.90 pct Mn, 0.25 pct Si 
steel. Specimens, 1/4 by 1/4 by 1/2 in., were 
placed inone compartment of dumb-bell shaped cap- 
sules of Vycor glass with powdered graphite in the 
other end. A room-temperature atmosphere of 159 
mm of Hg pressure of argon assured a 760 mm 
pressure at the solution annealing temperature of 
1150°C. One week at this temperature was suffi- 
cient to produce austenite grains up to 2 mm in 
diam, while keeping variations in carbon content of 
the specimen to a minimum, as shown metallo- 
graphically by estimation of the volume fraction of 
martensite. 

Cementite was precipitated in the austenite by 
cooling the steel from the solution annealing tem- 
perature at either 1/4, 3/4, or 5°C per sec. An 
optimum amount of cementite was found necessary; 
too much lowered the carbon content of the matrix 
to the point where insufficient austenite was retained 
in the microstructure to allow orientation determin- 
ation by back-reflection X-ray techniques, while too 
little necessitated the use of an extremely large 
number of specimens to obtain enough plates for the 
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Fig. 2—Composite 
photomicrograph 
of the two sur- 
faces of an edge of 
a specimen pre- 
paratory to the 
measurement of 
the edge-plate 
angles. X200. Re- 
duced approxi- 
mately 46 pct for 
reproduction. 


study. The capsules were broken and the specimens 
water-quenched from about 725°C for the two fastest 
cooling rates, and about 900°C for 1/4°C per sec. 
These treatments produced the proper balance be- 
tween martensite, cementite, and austenite in the 
microstructure. A typical example is shown in 

Fig. 2. : 

After metallographic preparation, the specimens 
were observed on a Specially designed combination 
of X-ray camera and light microscope. The equip- 
ment allowed the location of a given area in the mi- 
croscope and the replacement of the microscope 
with an X-ray film cassette and holder such that, 
when placed on an X-ray source, the beam was col- 
linear with the original light beam of the micro- 
scope. This technique permitted the determination 
of the lattice orientation of 1 mm austenite grains 
with X-ray beams collimated to 0.025 in. The orien- 
tation of the individual cementite plates was obtained 
by the two-trace analysis described by Barrett.’ 
The results are expressed in Fig. 3 as habit plane 
poles on standard unit triangles of the parent austen- 
ite. The maximum experimental error on each point 
is 3 deg. 

The results verify the findings of previous 
workers,’’” that the habit plane of cementite is not 
unigue. The insensitivity of the data to cooling rate 
is an indication that the scatter is not a result of 
athermal transformation, since the precipitation may 
be considered to have begun at higher temperatures 
with lower cooling rates. 

Within any one grain, the scatter was outside ex- 
perimental error but was not in general as great as 
the scatter of the complete data on several grains. 
For a given set of plates, the trace of each on the 
polished surface was parallel to the others well 
within an experimental error of 1 deg whether the 
plates were intragranular, or grew from grain 
boundary films of cementite. The habit plane re- 
sults are only for intragranular plates; care should 
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thus be exercised in extension to other types of car- 
bide morphology, although frequently, the traces of 
grain boundary and intragranular plates were paral- 
lel. 


DISCUSSION 


The results of these experiments are indeed dif- 
ficult to interpret with any feeling of confidence. It 
is usually assumed that the interface between a 
precipitate and its matrix is initially coherent to 
minimize surface energy and hence the free energy 
of activation for nucleation; an implication of this is 
that a crystallographic relationship will exist be- 
tween precipitate and matrix. The strain energy 
during nucleation may reasonably be assumed to be 
small, since the specific volumes of high-carbon 
austenite and Fe.C are similar. Further, if the 
surface energy between y and Fe,C is not particu- 
larly orientation sensitive, over the range of orien- 
tations found for the habit plane, the results shown 
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Fig. 4—1.5 pet C 
steel reacted at 
800° C for 5 hr. 
X1000. Reduced 
approximately 
28 pet for repro- 
duction. 


in Figs. 1 and 3 may be caused by some factor not 
previously considered which is usually of minor im- 
portance. 

The possibility that the planes are artifacts (e. g. 
that they may come out on Slip planes of the austen- 
ite) was considered. The phenomenon of repeated 
precipitation along a specific austenite plane was 
observed in occasional specimens, Fig. 4. The ap- 
pearance of this carbide morphology was quite dif- 
ferent from that in the specimens employed for the 
habit plane measurements, and further, if this model 
were correct, an apparent {111}, habit plane for 
the composite plate should be observed. The same 
argument can be extended to cover the possibility 
of multiple plates’ or ‘‘sheaves’’ perhaps caused 
by sympathetic nucleation. ® 

It has been suggested’ that the Widmanstatten 
cementite: austenite interface is characterized by 
a unique plane in the cementite without a unique 
conjugate austenite plane. The results of the pres- 
ent investigation neither support nor refute such a 
postulation; it is included as a reasonable explana- 
tion of the observed phenomenon. 
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Technical Notes 


Results of Treating Iron with Sodium 
Sulfite to Remove Copper 


A. Simkovich and R. W. Lindsay 


Tue possibility of using sodium sulfide slags to re- 
move copper from ferrous alloys has been investi- 
gated by Jordan’ and by Langenberg.”’* In these 
studies, such slags were determined to be capable 
of removing copper and sulfur from the melt. The 
present work represents additional effort to clarify 
the effects of temperature on copper removal. 

The experiments were performed in a 17-lb induc- 
tion furnace. Graphite crucibles contained the melts 
and kept the baths saturated with carbon. Tempera- 
tures were measured with a calibrated optical pyro- 
meter and were controlled by manipulation of power 
input to the furnace. Estimated accuracy of tem- 
peratures in this investigation is + 10°C (18°F) for 
measurements prior to slag additions, and + 20°C 
(36°F) after slag formation. 

The procedure consisted of melting 800 g of 
electrolytic iron. During this step, powdered graph- 
ite covered the exposed iron surface. After a pre- 
determined temperature was reached, copper shot 
was added. A sample of the molten alloy for chemi- 
cal analysis was then aspirated into a silica sheath. 

Next, a Slag-forming mixture of sodium sulfite 
and graphite was added instantaneously to the melt. 
The sodium sulfite amounted to one-tenth the charge 
weight of iron; sufficient graphite was added to com- 
bine with oxygen in the sodium sulfite, assuming 
formation of carbon monoxide and reduction of the 
sulfite to sulfide. Subsequent to the slag addition, 
the molten alloy was sampled periodically, with the 
exception of heat A in which no intervening samples 
were taken between the slag addition and the end of 
the run. The iron was poured into a graphite mold, 
and the ingots sectioned and drilled for samples. 

_ Results of selected heats are presented in Table I. 
Analyses of samples drawn from the iron prior to 
slag addition are listed under zero time. Two sam- 
ples from heat D were reported with copper con- 
tents greater than the initial concentration in the 
bath. Owing to the gradual but complete disappear- 
ance of slag during this heat, it is believed copper 
momentarily became more concentrated in the 
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upper portion of the bath while reverting from the 
Slag. This is the region from which samples were 
drawn. It should be noted that analysis of the ingot 
was equal to the copper content at the time of slag 
addition. 


The terminal temperatures of heats D and E, and 
the initial sulfur content of heat A are also to be 
noted. Because of the large temperature drop which 
occurred when slag was formed in heat D, power 
input to the furnace was increased in heat E after 
the slag addition, causing a higher terminal tem- 
perature. In heat A, the initial sulfur concentration 
was relatively high as compared to heats B through 
E owing to contamination by some slag remaining in 
the crucible from a previous heat. 


It is evident from Table I that copper was removed 
at the onset of slag formation. Roughly 30 pct of the 
copper was taken into the slag, with the exception of 
heat D, which had approximately 50 pct removed. 
For a comparatively short time of slag-metal con- 
tact, it appears that no gain is to be made in copper 
removal through use of high or low temperatures. 

If the slag initially formed remains in contact with 
the iron for an extended period, temperature has a 
marked effect upon copper removal, as can be seen 
by studying results for the two extremes in tempera- 
ture. At about 1425°C, the copper level remained 
relatively constant after the initial removal by the 
slag. However, in the region of 1670°C, a definite 
reversion of copper occurred. Reversion was in- 
complete in heat D, and complete in heat E. The 
final temperatures of heats D and E differed by 
about 75°C. This temperature difference is thought 
to be the reason for only partial copper reversion in 
heat D. 

It is believed the effects of temperature noted 
above are related to the evolution of a white fume, 
which appeared in every run-except heat A. (In the 
case of heat A, the fume was practically indiscern- 
ible.) After each slag addition, a yellow flame 
formed for about 5 sec. When the flame subsided, 

a white fume appeared. Upon contact with sur- 
rounding cooler surfaces, this fume deposited as a 
white solid. 

In the experiments made at 1425°C, evolution of 
fume continued unchanged to the end of the runs. 


However, heats D and E exhibited a different be- 
havior. Avery noticeable decrease in fume evolu- 
tion from heat D was observed. Furthermore, this 
heat had much less slag remaining than did runs A 
through C when the experiments were terminated. 
No slag remained at the end of heat E; evolution of 
fume from this heat ceased prior to pouring. Spec- 
trographic analysis of the white deposit indicated 
sodium to be the major metallic element, with the 
maximum concentration of iron and copper as 0.1 
and 0.01 pct, respectively. It is supposed the white 
fume observed in these experiments is principally 
sodium oxide (Na,O), formed by oxidation of sodium 
in the slag and subsequent sublimation. (Sodium 
oxide is a white to gray substance in the solid state; 
at 1275°C, it sublimes.*) According to this mechan- 


-ism, elevated temperatures would accelerate re- 


moval of sodium from the slag, sulfur pickup by the 
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Table |. Results of Treating Iron with Sodium Sulfite 


Heat Temperature °C Metal Time in Minutes After Slag Formation 
No. Alloy? Slag> — Analysis “0 Gi 5 VE 15 20 32 37 
Cu 0.41 0.25° = = 
A 1265 S 0.17 0.018° = 
Cu 0.26 0.19 0.16 0.19 
Cc 1425 1380 0.014 0.035 0.039 - 0.042 
Cu 0.45 0.31 - 0.34 0.32 0.312 - - 
S 0.025 0.10 - 0.19 0.30° - 
Cu 0.23 0.16 - 0.16 0.26 - 0,29 0.23° 
Cu 0.44 0.21 - 0.40 0.34 - 0.34 033° 


"Tron alloy temperature before slag addition 
Slag temperature at end of heat 
“Ingot analysis 


*Temperature of iron alloy as no slag was present at termination of heat 


bath, and reversion of copper. Observations made 
in this study are in agreement with this hypothesis. 
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‘Handbook of Chemistry and Physics, 33rd Ed., pp. 574-575, 1951-1952. 


Possible Coexisting Order and Disorder 
in Fe,Al 


Alan U. Seybolt 


Recentty, cases of coexisting ordered and dis- 
ordered phase equilibria have been reported among 
face-centered cubic metals,’ * but not on body-cen- 
tered cubic systems.* 

McQueen and Kuczynski? showed a single line as 
the boundary between ordered solid solution of Fe,;Al 
type and corresponding disordered solution in the 
Fe-Al phase diagram based mainly on dilatometric 
and magnetic measurements. Such a single line 
would indicate a second or higher order transition, 
or an absence of coexisting order and disorder. 

The writer found previously ® a two-phase equi- 
librium region at 800°C consisting of ordered and 
disordered solid solutions of Fe,Siin a matrix of 
approximately 1-6 wt pct Si (Fe,Si is of 14.3 wt 
pet Si). A similar two-phase region of ordered and 
disordered Fe;Al solid solutions might be expected 
if the similarity between Fe,Si and Fe,Si structures 
hold true. 


400°C 640°C 


In the present investigation, a wire of 22 at. pct 
Al, balance Fe and 0.0513 cm in diameter was sub- 
jected to electrical resistivity measurement in 
vacuum as a function of temperature between 300 
and 800°C, see Fig. 1. There was excellent agree- 
ment between data taken on heating and on cooling: 
no hysteresis was observed. The Curie tempera- 
ture was determined to be 640°C which agrees 
with the finding by McQueen and Kuczynski.°* But in 
addition, there were two transitional points in the 
resistance-temperature plot at 510°C and 400°C. 
The former is thought to be a connection with the 
transition from disordered state to a coexisting 
order and disordered equilibrium state; while the 
latter, from such coexisting state to ordered state. 

Fig. 2 shows a phase diagram where the suggested 
two-phase region lies between dotted lines. The 
solid lines are those of McQueen and Kuczynski.® 
Since these authors found only a single-phase bound- 
ary between ordered and disordered Fe; Al, it would 
seem likely that the dilatometric method used by 
these authors was not sufficiently sensitive to re- 
solve the ordering reaction into the two-phase bound- 
aries. In addition, their phase diagram conflicts 
with the statement they make on P. 1 of their paper: 
“The sharpness of the peaks indicates that ordering 
to Fe, Al is a first order reaction.’’ 


Fig. 1—Resistance-temperature plot for 
22 at. pct Al-Fe alloy. 
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The suggestion of coexisting order plus disorder 
in Fe, Al must be considered tentative until con- 
firmed by high-temperature X- ray examination. If 
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Fig. 2—Partial 
Fe-Al phase dia- 
gram 
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subsequent work confirms this suggestion, it will be 
of significance to order-disorder theory. 

The author is grateful to Lester Guttman for 
discussions on this topic. 


*A. H. Geisler and D. L. Martin: J. Appl. Phys., 1952, vol. 23, p. 375. 

*F. N. Rhines and J. B. Newkirk: Trans. ASM, 1953, vol. 45, p. 1029. 

3J. B. Newkirk: AJME Trans., 1953, vol. 197, p. 823. 

‘Lester Guttman: Solid State Physics Ill, p. 145, Academic Press, N. Y., 1956. 
°H. J. McQueen and G. C. Kuczynski: AJME Trans., 1959, vol. 215, p. 619. 
°A. U. Seybolt: AIME Trans., 1958, vol. 212, p. 161. 


Nitrides of Iron with Nickel, Palladium, 
and Platinum 


H. H. Stadelmaier and A. C. Fraker 


WIENER and Berger’ reported the existence of the 
nitrides Fe,NiN and Fe,PtN with a cubic L1) struc- 
ture. The present note shows that a similar nitride 
Fe3;PdN can be observed and that the composition 
range between the iron nitride Fe,N and the nitrides 
Fe,NiN, Fe,PdN, and Fe,PtN is occupied by single- 
phase cubic nitrides with structures intermediate 
between Ll’ and L13. 

The materials used in this investigation were 
electrolytic iron of 99.9 pct purity, carbonyl nickel 
of 99.7 pct purity, sponge platinum of 99.95 pct purity, 
and palladium sheet of 99.8 pct. purity. Binary alloys 
of the transition metals were induction-melted in a 
crucible of fused alumina, powdered, and screened to 
a particle size of -200 mesh. The powders were 
nitrided at 600°C in a gas mixture of ammonia and 
hydrogen, and the crystal structure was determined 
with the aid of a Wilson powder camera. 

The results are compiled in Table I together with 
information from the paper of Wiener and Berger.* 
The compound at the nominal composition Fe;PdN 
has a diffraction pattern with prominent reflections 
of a face-centered cubic lattice (27+k*+/? = 3, 4, 8, 
11, 12, 16) and weaker superstructure lines (h7 + k* 
+1? =1, 2, 5, 6, 9, 10, 13, 14). With decreasing 
palladium content the superstructure lines become 
weaker and approach the intensity of those of Fe,N. 
No analysis was made of the intensities, but it can 
be assumed that the structure is that found by 
Wiener and Berger’ in Fe,NiN and Fe,PtN, namely 
L1;, (perovskite structure) with both palladium and 
the interstitial nitrogen fully ordered. 

The dependence of the lattice constant upon the 
solute atom (Ni, Pd, Pt) content can be explained 
tolerably well by simple lattice expansion due to 
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Fig. 1—Lattice constants of the nitrides of iron with nickel, 
palladium, and platinum. 


addition of the solute. The broken curves in Fig. 1 


Table | 
Composition Structure Lattice Constant A Source 
Fe,N cubic L1’ 3.795 1 
Fe,, 19.5 cubic 3.799 * 
Mesa Niven cubic 33799 
Fe,NiN cubic L1y 3.790 1 
cubic 3.847 * 
Fee cubic 3.854 
cubic (L1}) 3.866 * 
cubic 3.839 
cubic 3.857 * 
Fe,PtN cubic L1; 3.857 1 
*This work. 
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show the experimental values. The straight lines 
are the theoretical values obtained by applying 
Végard’s rule to the substitutional addition of nickel, 
palladium, and platinum to face-centered cubic iron 
and adding a constant percentage derived from the 
difference in the lattice constant between face-cen- 
tered cubic iron and the nitride Fe,N. The latter 
correction accounts for the expansion by the inter- 
stitial nitrogen atoms. 

This work was supported by the Office of Ordnance 
Research, U. S. Army. 


1G. W. Wiener and J. A. Berger: J. Metals, 1955, vol. 7, p. 360. 


Oxidation of Tin 


Charles Luner 


A.rHoucH the kinetics of the atmospheric oxida- 
tion of tin have been studied,* ° the kinetics in pure 
oxygen have not been reported. This note presents 
some results of the kinetics of the oxidation of tin 
foil in pure oxygen. 

The tin foil used in this investigation was 99.78 
pet pure, the two major impurities being Pb (0.17 
pet) and Sb (0.024 pct). The foil was degreased and 
air-dried prior to oxidation. The air-formed film 
was estimated by coulometric reduction’ of the sur- 
face oxides to be about 25A. The samples, which 
were in strip form and had a total geometric surface 
area of about 300 sq cm, were first evacuated at 
room temperature in an oxidation bulb to 1 x 107° 
mm Hg and subsequently degassed for 1 hr at the 
temperature of the experiment. Spectroscopically 
pure oxygen was then introduced into the bulb. 

The rates of oxidation were measured by following 
the rate of pressure change due to oxygen consump- 
tion in a closed system, the volume of which was 
sufficiently large so that the pressure change during 
an experiment was 10 to 15 per cent of the total 
pressure. An oil-mercury manometer,’ with a sen- 
sitivity of 3x 10°? mm Hg (which corresponds ap- 
proximately to 510’ gm of oxygen) was used to 
measure the pressure change. 

The oxidation bulb was heated by an oil-bath and 
controlled to within + 0.3 C. The reproducibility of 
the rates was good, as determined by the coincidence 
of rates at 190°C for duplicate experiments. 

Fig. 1 shows the oxidation curves in the tempera- 
ture range 168 to 211.5°C at 8 mm Hg pressure. The 
effect of pressure on the rate of oxidation at 190°C 
is also shown. The rate of oxidation was not mark- 
edly affected by changes in pressure in the range 
4 to 9 mm Hg, except perhaps at the lowest pres- 
sure, 4 mm Hg, where after about 70 min there ap- 
peared to be a decline in the rate, as compared with 
the rate at the higher pressures. At the lower tem- 

CHARLES LUNER is with Applied Research Laboratory, United 
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Fig. 1—Rate curves for oxidation of tin (99.78 wt pct Sn) 


perature, 168°C, and for short reaction times, it is 
difficult to distinguish between a linear relationship 
and a slight curvature in the oxidation rate. How- 
ever, for longer times, there was a somewhat larger 
indication of curvature. 

The samples after oxidation were gold-colored in 
appearance. The oxide that was formed at 170°C 
was identified as a-SnO by reflection electron dif- 
fraction. This is in agreement with results obtained 
by other workers.® ” 

The rate data best fitted the logarithmic- oxidation 
rate law, 

t 


w = Kj, In ( + z) [1] 


where w is the weight of oxygen consumed, f¢ is the 
time, and Kj, and f, are constants. First estimates 
ty) were obtained according to the method of Taylor 
Thon® and were then employed to obtain the best 
Simultaneous estimates of ¢, and Kj, that would fit the 
logarithmic expression. These estimates were found 
numerically, so that the residual variance could be 
minimized. The calculations were performed on an 
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Fig. 2—Logarithmic rate law plot of tin-oxidation data. 
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IBM 650 computer. Since it was possible to linearize 
the plot of w vs log (t + f,), Eq. 1 is valid. Fig. 2 
shows a plot of w vs log (¢ + t,). According to this 
figure the logarithmic-rate law is obeyed up toa 
weight gain of at least 0.75 x 10° g per sq cm, which 
er oa to a film thickness of approximately 

The author wishes to thank Mr. G. F. Lilly of the 
Applied Research Laboratory for providing the nu- 
merical procedure for estimating the parameters. 
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An Etch Pit Method for Revealing 
Dislocation Sites in Nickel 


Ray W. Guard 


ALTHOUGH etching techniques have been developed 


for revealing dislocation sites in several metals and 
ionic crystals,’ it is valuable to extend the technique 
to new metals. An etch pit method for nickel has 
been developed on the basis some suggestions of Dr. 
John R. Cuthill of the National Bureau of Standards 
who had observed etch pits in creep specimens of 
nickel. The etchant used was proposed first by 
Wensch’ for revealing grain size in nickel. The 
present paper describes the evidence that the tech- 
nique can be uSed to reveal dislocations and gives 
the conditions under which etching can be carried 
out. 

The specimens examined were vacuum melted 
high-purity Ni (99.985 pct Ni) and commercial ‘‘A”’ 
nickel (99.8 pct Ni). Both materials contained 
greater than 0.008 pct C and had been annealed in 
nitrogen or dry hydrogen at 1100° to 1200°C. This 
gave a grain size of 1.5 mm in the high-purity nickel 
and 0.050 mm in ‘‘A’’ nickel. 

Tensile specimens (0.254 in. diam) were deformed 
from 0.25 to 10 pet at room temperature and then 
heated for 1/2 hr at different temperatures from 
400° to 900°C. The specimens were sectioned longi- 
tudinally then polished electrolytically in 60 pct 
H,SO, and etched in 35 pct H,PO, solution at 0.2 to 
0.4 v for 30 sec to 3 min. The best method for 
setting the proper voltage for etching is to increase 
the voltage until gas bubbles are evolved vigorously 
from the specimen and then cut it back by 10 pct. 

It is necessary to heat the specimen above 500°C 
after deformation in order that etch pits will be 
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Fig. 1—Etch-pit density in high-purity nickel annealed 4 
hr at 1150°C. p = 2.4 x 10® lines/em*. Reduced approxi- 
mately 10 pct for reproduction. X1000. 


Fig. 2—Typical etch pit pattern on ‘‘polygonized’’ speci- 
men strained 2 pct at room temperature and annealed 
1/2 hr at 800°C. p = 8.5 x 10’ lines/em?. Reduced ap- 
proximately 10 pet for reproduction. X1880. 


formed. This ‘‘decoration’’ treatment permits car- 
bon to segregate to the dislocation rendering them 
sensitive to etching. It was demonstrated that carbon 
was the decorating impurity by decarburizing some 
specimens in wet Hz at 1200°C. The susceptibility to 
etch pitting was lost following this treatment but 
could be restored by carburizing in contact with 
graphite. Some rearrangement of the dislocations in 
the as-deformed structure occurs on heating at 
500°C and above so that the technique can not be 
used to study the nature of dislocation patterns in 
deformed specimens. Extended etching does not 
change the number of pits although the background 
becomes rough and the pits quite large. 

The polycrystalline specimens with various strains 
were examined after annealing at different tempera- 
tures. Typical patterns are shown in Figs. 1 and 2. 
In the unstrained specimen, Fig. 1, the density of 
pits is 2.5 x 10° per sq cm. All grains show pits re- 
gardless of their orientation although there is a 
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Table |. Etch Pit Densities in Polygonized Nickel (Deformed 
in Tension at Room Temperature and Annealed for ¥ Hr at 800°C.) 


Etch Pit Density, 


Strain, Pct No. per cm? 
0.0 2.8 x 10° 
0.25 7.8108 
0.54 1.0 x 10’ 
1.00 3,210? 
1.95 8.0 x 107 
3.0 ~2.5 x 10° 


variation from grain to grain. In deformed and an- 
nealed specimens the density of pits increases with 
strain to values > 10° per sq cm, Table I, at strains 
of 5 pct and over. Fig. 2 shows a typical pattern ina 
polygonized sample. Some variation of density and 
the pattern occurs from area to area, but this varia- 
tion is to be expected due to the inhomogeneous 
strain as well as to the effect of orientation on the 
dislocation density. Polygonization or the formation 
of sub-boundaries is visible in some grains. 

Repeated polish-etch cycles in a given area give 
essentially the same pattern. Counts made on spe- 
cific subboundaries and point by point comparisons, 
have shown that the structures are reproduced within 
10 pet on repeated cycles. 

The application of the technique to bent and poly- 
gonized single crystals where the density could be 
calculated from the geometry has not been possible 
since no simple polygonized structure is developed 
on annealing. 

The tests carried out show that the pits are re- 
producible, do not increase in number with extended 
etching, and are present in densities consistent with 
those observed by other techniques on deformed 
metals.”* The method requires decoration of the 
dislocation sites with carbon but is not dependent on 
orientation of the surface being etched. 

This work was carried out as part of a program on 
the Role of Polygonization in Creep under a contract 
AF 33(616)-3263 with Aeronautical Research Labora- 
tory, WADC. 
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Formation of a Dispersion in Copper by 
Reaction in the Melt 


D,. N. Williams, J. W. Roberts, and R. I. Jaffee 


Dispersion hardening as an alloying process has 
aroused increasing interest in the past few years. 
This alloying procedure, in which an insoluble phase 
D. N. WILLIAMS and R. 1. JAFFEE, Member AIME, are Assistant Di- 
vision Chief and Division Chief, respectively, Battelle Memorial Insti- 
tute, Columbus, Ohio. J. W. ROBERTS, formerly with Battelle Memorial 
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is dispersed randomly through a metal or alloy, is 
believed to be especially suited for the attainment of 
creep strength at elevated temperatures since the 
dispersed phase is metallurgically stable. Another 
advantage is that the physical properties of the mat- 
rix phase, such as electrical conductivity, remain 
relatively unaffected by alloying. These two char- 
acteristics resulted in interest in the applicability of 
dispersion hardening to copper and copper alloys. A 
study of copper alloys prepared by powder metal- 
lurgy methods has shown some strengthening from 
oxide dispersions.’ However, powder metallurgy 
processing would not be economical for large scale 
production of dispersion hardened copper-base 
alloys. Therefore, the research described in this 
article was initiated to examine methods of forming 
dispersion alloys which would not require powder 
metallurgy processing. 

If powder metallurgy processing is to be avoided, 
a method must be found by which the dispersion 
material can be introduced into and dispersed 
through the melt before casting. When the dispersed 
phase is an oxide or similar nonmetallic, it is ex- 
tremely difficult to form a satisfactory liquid: solid 
dispersion since successful mixing requires that the 
melt wet the dispersed phase. It is almost impos- 
sible to force a nonwetted particle beneath the melt 
surface. This difficuity can be avoided, however, if 
the oxide particles are produced in molten copper by 
reaction within the melt. The problem would then 
reduce to maintaining randomness until solidifica- 
tion. 

Four procedures were considered for producing an 
oxide particle within molten copper by reaction. In 
all cases, the intent was to react oxygen (O) with a 
reactive metal (X) to form an oxide (XO) within the 
copper melt. These reactions were as follows: 


1) (Cu-X), + (O)g (Cu), + (XO), [1] 
2) (Cu-X), + (Cu,0), (Cu), + (XO), [2] 
3) (Cu-O), + (Cu-X), (Cu), + (XO), [3] 
4) (Cu-O), +(X), (Cu), + (XO), [4] 


The reactions were carried out in an 8-lb melt of 
99.98 pet Cu maintained in the vicinity of 2200°F by 
induction heating. Where possible the amount of the 
reactants was controlled to give 1 to 5 vol pct oxide. 
Mechanical stirring during the reaction period was 
used to minimize agglomeration of the reaction prod- 
uct. The presence of a reaction product was deter- 
mined metallographically by study of an ingot cast 
from the melt at the end of the reaction period. 
Reaction [1] was studied by dissolving aluminum in 
the melt followed by forcing oxygen through the melt. 
The melts became quite sluggish during the reaction 
period suggesting that Al,O,; was formed. However, 
the reaction product rose out of the melt rapidly, 
possibly due to the flushing action of the oxygen 
stream, and little dispersed phase was formed. 
Reaction [2] was examined by dissolving aluminum, 
Silicon, or nickel in the melt and then adding Cu,0O 
(melting point 2250° F). This procedure was unsuc- 
cessful. Although Cu,0 was easily stirred into cop- 
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Fig. 1—Interface, as it appears after solidification, be- 
tween copper-silicon (lower left) and copper-oxygen melts. 
X100. Reduced approximately 20 pct for reproduction. 


per in the absence of a reactive metal, only a small 
amount could be forced beneath the melt surface 
when one was present. 

Reaction [3] was studied by saturating the melt 
with oxygen, which is soluble in molten copper to 
about 1.5 wt pct at 2200°F,” followed by stirring the 
melt with a copper-base alloy rod of Cu-7 Al or 
Cu-5Si. These rods rapidly melted during stirring, 
such that reaction occurred between two liquids. The 
reaction proceeded quite slowly, however, and only at 
the liquid: liquid interface. Immiscibity of the two 
liquids, (Cu-O) and (Cu-Al) or (Cu-Si), resulted in 
the formation of an emulsion. This structure after 
solidification is illustrated in Fig. 1 where both 
copper phases and an interface reaction product are 
seen. 


The final method, Reaction [4], was examined by 
stirring an oxygen-saturated copper melt with a 
reactive metal rod with a melting temperature above 
the melt temperature. Preliminary studies were 
made in which rods of various reactive metals were 
held in a melt of oxygen-saturated copper, the melt > 
solidified around the rod, and the interface examined. 
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Fig. 2—Nickel oxide formed by stirring a copper-oxygen 
melt with a nickel rod. X500. Reduced approximately 20 
pet for reproduction. 


The studies showed that the reaction occurred in 
several cases with the oxide tending to form, break- 
up into small particles, and then to migrate out into 
the melt. The most promising reaction metals were 
nickel and titanium. Full size melts were prepared 
in which nickel or titanium rods were rotated at 
moderate speeds in oxygen-saturated melts. A uni- 
form dispersion of NiO in copper was formed when 
stirring with nickel, as shown in Fig. 2. TiO, formed 
when stirring with titanium tended to float out of the 
melt and a satisfactory dispersion alloy could not be 
prepared. 

Although none of the reaction procedures studied 
was completely successful in forming the stable in- 
soluble dispersion sought, it was apparent that 
Reaction [4] showed the most promise. This pro- 
cedure appears worthy of additional investigation. 

This research was made possible by the support 
of the Copper and Brass Research Association. 


1K. Zwilsky and N. J. Grant: Copper Silica’ and Copper Alumina Alloys of 
High-Temperature Interest, AJME Trans., 1957, vol. 209, p. 1197. 

2F. N. Rhines: Copper-Oxygen, Metals Handbook, ASM, Cleveland, Ohio, 
p. 1199, 1948. 


VOLUME 218, JUNE 1960-575 


‘ ay, ve ¥ 
og 
: SAN 4 


CORRECTIONS 


Zone Leveling of Boron into Zone-Melted Iron, April TRANSACTIONS, p. 194. 


Reads 
Authors: B. F. Oliver and Amos J. Shafer 


Should Read 
B. F. Oliver and Amos J. Shaler 


The Rate and Mechanism of the Sulfurization of Carbon-Saturated Iron, by L. D. Kirkbride and 
G. Derge, February TRANSACTIONS, p. 87. 


The following changes should be made; 


Figure 1 -Correct as published 
Figure 2 -Published caption correct; should have been accompanied by Fig. 6 


Figure 3 - a 
Figure 4 - 
Figure 5 - 
Figure 6 - " 
Figure 7 - n 
Figure 8 - M 
Figure 9 - a 


W 


" W Fig. 
W W Fig. 
W W Fig. 
W " Fig. 


This article will appear in its corrected form in the annual volume of Transactions. 


Stoichiometry of Lead Telluride, by E. Miller, K. Komarek and I. Cadoff, December 
TRANSACTIONS, p. 882. 


Line 4, abstract 


Page 886, 7 lines from bottom, RH column 
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Reads Should Read 


pets 00.005 al. pet... 


...00.002 + .0005 at. pet... orale 
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